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1

Introduction 

The development of alternative power sources providing high efficiency and minimum 

environmental pollutions presents a serious problem. One family of such devices is the solid oxide 

fuel cells (SOFCs). Their use is, however, still limited due to economic reasons. Commercialization 

of the SOFC-based generators requires a considerable decrease in the power-specific production 

costs, which can be achieved by (i) increasing the cell performance, (ii) further developments of the 

SOFC production technologies, and (iii) decreasing cost of the construction materials by reducing 

the operation temperature. These problems can be partly solved by decreasing the cell operation 

temperature. In the intermediate-temperature (IT) range, the performance of conventional electrode 

materials is insufficient and the anode and cathode polarization losses become critical, making it 

necessary to search for the new materials.  

The major goal of this work is to elaborate novel electrode materials for the IT SOFC 

applications, with a special emphasis on the properties important for practical use, including partial 

electronic and ionic conductivities, oxygen permeability, nonstoichiometry variations, thermal 

expansion, phase stability and electrode performance. Particular objectives are: 

- to prepare a series of layered oxide cobaltite and nickelate materials with perovskite-related or 

nonperovskite structure, perform their detailed characterization in a wide range of temperatures 

and oxygen partial pressures and investigate basic trends in the electrochemical behavior of 

materials most promising for IT SOFC cathode applications; 

- to synthesize a series of mixed ionic-electronic conducting oxide phases with fluorite-, 

pyrochlore-, zircon- and perovskite-related structures, investigate their stability and transport 

properties under the SOFC operation conditions and test their performance as the anode 

components; 

- to study the influence of synthesis route, microstructure and grain boundary effects on the ionic 

and electronic transport and electrode properties; 

- to elaborate techniques for preparation of submicron oxide powders in order to fabricate porous 

oxide and cermet electrode layers with homogeneous well-developed microstructure and high 

electrochemical activity; 

- to evaluate the functional roles of oxide and metal components in the IT SOFC anode behavior 

in order to develop physico- and electrochemical background for cermet optimization; 

- to assess major factors determining the IT SOFC cathodes performance and to select the 

possible strategies for their further improvements. 
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Part 1: Literature review: electrode materials for intermediate-temperature SOFCs 

1.1. Operation principles of solid oxide fuel cells  
Solid oxide fuel cells (SOFCs) are electrochemical devices directly converting a chemical 

energy of fuel oxidation into the electrical energy and heat, using solid oxide as an electrolyte 

(oxygen anion conductor). The latter serves also as a barrier that prevents mixing of the fuel and 

oxidant steams. SOFCs operate at elevated temperatures (873 - 1273 K) where significant ionic 

conduction appears. With respect to the other types of fuel cells, such as alkaline fuel cell (AFC), 

polymer electrolyte membrane fuel cell (PEMFC), phosphoric acid fuel cell (PAFC) and molten 

carbonate fuel cell (MCFC), SOFCs attract a great interest due to their high energy-conversion 

efficiency, fuel flexibility including the prospects to directly operate on natural gas, environmental 

safety and a possibility to recover exhaust heat [1-9]. A single cell comprises a dense solid 

electrolyte in contact with porous anode and cathode, onto which a fuel and an oxidant, 

respectively, are continuously supplied (Fig.1.1). 

Anode

Cathode

Electrolyte O2-

2 e-Fuel

Oxidant

Load

1/2 O2

H2 H2O

2 e-

Fig.1.1.  Schematic representation of H2-

fueled SOFC. 

Except for hydrogen, a variety of other fuels, including hydrocarbons (e.g. methane) and carbon 

monoxide can also be used in SOFCs [1-9]. Electrical current is generated due to the 

electrochemical reactions at the electrodes, namely, reduction of the oxidant (oxygen from air) at 

the cathode: 

- 2-
2

1
O +2e O

2
(1.1)

and oxidation of fuel by the oxygen ions diffused through the electrolyte, at the anode: 

2- -
2 2H +O H O+2e  (1.2) 

2- -
2CO+O CO +2e  (1.3) 

2- -
4 2 2CH +4O 2H O+CO +8e  (1.4) 

Due to high operating temperatures, the steam reforming and water gas shift reaction may also 

occur:

4 2 2CH +H O 3H +CO  (1.5) 

2 2 2CO+H O H +CO  (1.6) 
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producing hydrogen that is easier oxidized at the anode [1,2,5-7,9].  

The electrons evolved from the anode are supplied through the external load to the cathode. 

The open-cirquit cell voltage E0 is determined by the Nernst equation: 

cathode
0 2

anode
2

p(O )RT
E ln

4F p(O )
 (1.7) 

where p(O2) is the oxygen partial pressure at the electrode; R, F, and T are the universal gas 

constant, the Faraday constant and the absolute temperature, respectively. The voltage losses in 

SOFCs are determined by ohmic losses in the cell components and their interfaces, and by the 

polarization of the electrodes ( ):

0
total anode canodeE E IR  (1.8) 

where E is the cell voltage, I is the current through the cell, and Rtotal is the total ohmic resistance. 

Solid electrolytes should possess maximum ionic conductivity to reduce the ohmic losses 

and minimum electronic conductivity to reduce the leakage current, over a wide range of the 

oxygen partial pressures. The anode and the cathode should provide a fast electronic conduction, 

and also high catalytic activity to fuel oxidation and reduction of molecular O2, respectively. In 

addition, the materials choice for SOFC technologies is limited for a number of general 

requirements. All the SOFC components must be compatible in terms of thermal expansion and be 

thermodynamically stable under cell operation and fabrication conditions. Also, the chemical 

expansion of the component materials, as well as cation interdiffusion and chemical interactions 

between them should be minimized or, preferably, absent. 

Fig.1.2.  Schematic of planar (left) and tubular (right [13]) SOFC designs. 

The SOFC operating at 1273 K on the MgO-ZrO2 or Y2O3-ZrO2 electrolyte with Fe3O4

cathode and iron or carbon anode was first proposed by Baur and Preis [2,3,10] in 1937. In 1962 

Weissbart and Ruka [2,3,11], at Westinghouse Electric, used Pt-electrodes because of their high 

conductivity and catalytic activity. Due to a lower cost, later the Ni-based anodes became widely 

used. Tedmon et al. [2,3,12], at General Electric, applied in 1969 the PrCoO3-  perovskite cathode 
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showing the high performance but excessively large thermal expansion. A number of other ceramic 

materials, mostly perovskite-type, were then tested as the cathodes. The common materials used in 

SOFCs up to now are: yttria-stabilized zirconia as the electrolyte, Sr-doped LaMnO3-  as the 

cathode and Ni-zirconia cermets as the anode [1-9,13,14]. 

Two principal cell designs of SOFCs are being developed: planar and tubular, illustrated in 

Fig.1.2. By the geometrical arrangement, these can be electrolyte-, anode- or cathode- supported, 

depending on the thickness of the components. In order to achieve commercially feasible 

productivity, the individual cells are combined into stacks by the electrically-conductive gas-tight 

interconnectors joining the elements in series or in parallel. Fig.1.3 shows the examples of stack 

arrangement on the basis of planar and tubular SOFC concepts. 

Fig.1.3.  The 1.7kW SOFC module (48-cell stack) operating on methane at 1273 K, elaborated by Tokyo Gas 

[14] (left), and a stack connected by a nickel felt, elaborated by Siemens Westinghouse [13] (right). 

In spite of the advantages with respect to the commercial electric power generation 

engines, practical application of SOFCs is still limited for the economical reasons, particularly as a 

result of the high costs of component materials and fabrication methods [1-7]. 

1.2. Intermediate-temperature SOFCs: basic approaches and technologies 
Decreasing operation temperature of SOFCs down to 773 - 973 K, preserving the high 

performance, is desirable due to important economical and technological advantages. The SOFC-

based power plants are commercially viable provided their production costs count less than 

approximately 0.6-0.8 Euro/W [3-5], while at present this sum is several times higher. 

Developments of intermediate temperature solid oxide fuel cells (IT SOFCs) are expected to reduce 

manufacturing costs, in particular by using the low-cost construction materials, such as stainless 

steels as the interconnects. Another advantage of IT SOFCs is the increase in the mechanical 
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durability of the stack due to reduced degradation of the cell materials, which may be caused by 

high operation temperatures and by the thermal cycling, and due to the possibility of using the 

alternative materials instead of fragile glass-ceramic sealants for the cell hermetic encapsulation. 

Furthermore, the low operation temperature is favorable for the small, kW-scale SOFC stacks not 

supposed to be integrated with gas turbines [3,5,15] because this enables to decrease heat losses. 

Table 1.1 

Comparison of the maximum power densities obtained for planar single cells operating on H2-H2O fuel 

Cell type Electrolyte Cathode Anode T, K Power density, 
W/cm2

Ref.

Anode-
supported 

YSZ YSZ-La0.85Sr0.15MnO3 Ni-YSZ 1073 0.7 [24]

Anode-
supported 

YSZ YSZ-La0.8Sr0.2MnO3 Ni-YSZ 923-1073 0.8-1.8 [25]

Anode-
supported 

YSZ YSZ-La0.8Sr0.2MnO3 Cu-CeO2 1073 0.31 [8] 

Anode-
supported 

Ce0.8Gd0.2O2 (CGO) La0.8Sr0.2Fe0.8Co0.2O3 Ni-CGO 773 0.14 [26]

Anode-
supported  

Double-layer yttria-
doped ceria and 

zirconia (CYO-YSZ)

La0.8Sr0.2Co0.2Fe0.8O3-
CYO composite 

Ni-YSZ 973-1073 0.47-0.89 [27]

Cathode-
supported 

YSZ with cathode and 
anode CYO interlayers

La0.85Sr0.15MnO3 Ni-YSZ 973-1073 0.30-0.87 [28]

Electrolyte-
supported 

La0.9Sr0.1Ga0.8Mg0.2O3 Sm0.6Sr0.4CoO3 Ni 1073 0.44 [29]

Electrolyte-
supported 

La0.9Sr0.1Ga0.8Mg0.2O3

+2 wt % Al2O3 with 
cathode and anode 

Ce0.8Sm0.2O1.9 (CSO) 
interlayers 

Pr0.6Sr0.4MnO3-CSO 
composite 

Ni-YSZ 1073 0.245 [30]

Reducing of SOFC operating temperature is associated, however, with increasing role of 

electrode polarization as a performance-limiting factor, since an apparent activation energy for the 

polarization resistance is typically higher than that for ionic transport in solid electrolytes [16,17]. 

Optimization of the cathode and anode compositions and microstructures are, therefore, necessary 

to achieve sufficiently low overpotentials in the intermediate-temperature range [1,3,16-20]. The 

ohmic resistance of the electrolytes is also exponentially increasing on cooling (Fig.1.4). In order to 

keep a sufficiently high level of oxygen ionic transport at reduced temperatures, two approaches 

can be used: the application of thinner layers of conventional electrolytes, e.g. yttria-stabilized 

zirconia (YSZ), or the elaboration of alternative electrolyte materials with a higher ionic 

conduction. The former concept gave rise to the developments of electrode-supported planar 

intermediate-temperature cells. To produce the electrolyte films, electrode supports and thin 
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electrode layers, a number of techniques were exploited, for instance, chemical and electrochemical 

vapor deposition (CVD and ECVD), electrostatic spray deposition (ESD), vacuum plasma spraying 

(VPS), physical vapor deposition (PVD), laser-deposition, sputtering, electrophoresis, sol-gel 

method, spray-pyrolysis, screen-printing, tape casting, slurry-coating methods, co-firing, etc. [1-

3,21-23]. The majority of these technologies are time- and capital-consuming. Table 1.1 compares 

the performance of various types of single planar IT SOFCs.  

1.3. Solid electrolyte materials 
Yttria-stabilized zirconia (YSZ) with cubic fluorite-type structure is one of the most 

common commercially-produced solid electrolytes. In addition to ZrO2-based materials [31-40], 

one can list the other well-known solid electrolytes derived from ThO2, HfO2, CeO2 and -Bi2O3

[5,15,31,32,41-47]. Among the materials with fast oxygen ionic transport, discovered during last 

15-17 years, are LaGaO3-based perovskites, doped Bi4V2O11 (BIMEVOX) series, La2Mo2O9-based 

(LAMOX) phases, Ba2In2O5-derived phases with perovskite- and brownmillerite-like structures, 

doped Gd2Ti2O7-  pyrochlores and apatite-type Ln10-xB6O26  (B = Si or Ge) derivatives [30,31,47-

57]. 

Materials deserving no interest for the electrochemical applications due to their specific 

disadvantages, are not considered below and are only mentioned for the comparison. For example, 

bismuth oxide-based phases, exhibiting maximum level of oxygen ionic conductivity known to the 

moment, are however characterized by excessively high lattice expansion on heating, 

thermodynamic instability under reducing conditions, volatilization of bismuth oxide and 

extremely high reactivity with the electrode materials, preventing their use as SOFC electrolytes 

[44]. La2Mo2O9 and LAMOX phases can be regarded as solid electrolytes only under oxidizing 

conditions below 1000-1100 K, while increasing temperature or decreasing p(O2) results in a 

substantial n-type electronic conductivity [53]. In addition, these exhibit a high thermal expansion 

and may degrade under moderately reducing conditions [53]. Ba2In2O5 derivatives may interact 

with water vapor and CO2, leading to a degradation in performance even under oxidizing 

conditions [31]. Doped HfO2 and ThO2 materials possess lower oxygen ionic and higher electronic 

transport in air than their ZrO2- and CeO2-based analogous, and also higher costs [41]. Significant 

radioactivity of thoria is another serious problem for the practical application. 

Designing the electrolyte materials for SOFCs is directed, in general, towards enhancing 

the stability limits under reducing conditions, increasing the ionic conductivity and suppressing the 

electronic transport in a wide range of oxygen pressures and temperatures. The oxygen ionic 

conductivity, the key criterion for the solid electrolytes, is defined by the number of ionic charge 

carriers and by their mobility. These can be increased using an appropriate doping. For the 
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materials where the ionic transport occurs via the oxygen vacancy diffusion mechanism, i.e. for 

most phases mentioned above, probably except for the apatite- and brownmillerite-type materials, 

acceptor-type doping and/or cation deficiency may increase the oxygen vacancy concentration. 

Note that this effect is less important for the phases with internal structural disorder, providing a 

sufficient level of ionic defects; one example is -Bi2O3. Another factor influencing the ionic 

transport relates to defect association and ordering processes. When the dopant content becomes 

excessively high, the positively charged oxygen vacancies may associate with the acceptor cations; 

that would reduce the effective concentration of mobile ion species. The doping-induced ordering 

processes in the oxygen sublattice may result even in the phase transitions, e.g. the disordered 

perovskite may order into the brownmillerite-type structure. Except the concentration of solute 

cations, their radius plays also an important role in the transport properties and the phase stability. 

As a rule, the highest ionic conductivity corresponds to materials where the ionic radii of the 

dopant and cations constituting the host lattice are close. The larger difference in these radii causes 

the local strains of the lattice, destabilizing the structure and increasing tendencies to ordering 

and/or phase transformations, as typical for the fluorite-type ZrO2-based solid solutions with rare- 

and alkaline-earths [33,38,39]. Another comment is that, in many cases, the properties of ion-

conducting oxide materials are sensitive to the microstructural phenomena and to the presence of 

phase impurities. In particular, silica often segregates at the grain boundaries of solid-electrolyte 

ceramics, dramatically increasing the boundary resistance. Moderate alumina additions may be 

effective to “clean” the grain boundaries from SiO2 without an essential blocking effect on the 

transport properties, as observed for YSZ-Al2O3 composites [58,59], whereas higher content of 

refractory Al2O3 decreases the ionic conductivity [59]. 

1.3.1. Ionic conductivity 

Among the zirconium dioxide polymorphs, the high-temperature cubic fluorite phase 

shows the highest level of oxygen ionic transport ([33] and references therein). Incorporation of 

alkaline- and rare-earth elements partially or completely stabilizes this cubic modification to the 

lower temperatures and creates the oxygen vacancies. Increasing content of the dopant cations 

above certain level leads to their progressive association with oxygen vacancies and to a decrease 

in ionic conductivity [33,34,38,39], Fig.1.4A. The highest ionic transport in zirconias corresponds, 

therefore, to the minimum dopant concentration, sufficient for stabilization of cubic phase [33]. In 

the ZrO2-Ln2O3 systems, the maximum ionic transport corresponds to the solid solutions with Ln = 

Yb, Lu, Sc or Y cations [33-37] with the smallest ionic radii, closer to that of Zr4+ [60]. Yb- and 

Lu-containing compounds are disadvantageous due to their high costs. Zr1-xYxO2-x/2 and Zr1-xScxO2-

x/2 ceramics show the highest ionic conductivity at x = 0.08-0.11 and 0.09-0.11, respectively. In the 
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ZrO2-MO systems (M = alkaline-earth cation), the cubic fluorite-type solid solutions existing 

below 1473 K were found only for the Ca-substituted compositions. The maximum conductivity of 

Zr1-xCaxO2-x ceramics, corresponding to x = 0.13-0.15 [33], is substantially lower than that of Zr1-

xLnxO2-x/2 [33]. In fact, even for the most-conductive materials derived from zirconium dioxide, the 

level of ionic conductivity allows their application as IT SOFC electrolytes only in the form of 

films with 10-100 micron-scale thickness. 
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With respect to the stabilized zirconias, cubic fluorite-type phases based on cerium dioxide 

possess significantly higher ionic transport dominating under oxidizing conditions (Fig.1.4A-D). In 

addition, these materials exhibit no phase transitions in air, which makes them attractive for the 

applications at reduced temperatures. Among the CeO2- -Ln2O3 and CeO2- -MO solid solutions, the 

highest level of oxygen ionic transport is found for Gd- or Sm-doped compositions at x values in 

Ce1-xLnxO2-  varying from 0.10 to 0.20 [41-43]. Fig.1.4B illustrates selected data on the total 

conductivity in air. As for the Ce1-xLnxO2-  solid solutions, substitution of cerium with M2+ leads to 

a higher oxygen ion transport [41]. The solubility of the alkaline-earth cations in Ce-sublattice is, 

however, quite limited, decreasing on cooling and leading to separation of MCeO3 perovskite-like 

phases [41].  

Another group of materials, promising as solid electrolytes for the IT SOFCs and showing 

higher ionic conductivity in comparison with stabilized zirconia (Fig.1.4, C and D), are the doped 

lanthanum gallates with ABO3 perovskite-type structure [48]. Incorporation of lower-valence 

cations of an appropriate radius into A- and B-sites of LaGaO3 increases the oxygen ionic 

conductivity. The highest ionic conductivity is achieved when LaGaO3 is doped with strontium 

rather than calcium or barium [48]. Mg2+, the only bivalent cation with stable oxidation state and 

ionic radius close to that of Ga3+ [60], can be introduced into the B sublattice [48]. For La1-xSrxGa1-

yMgyO3-  (LSGM) materials, the optimized composition providing maximum ionic transport is 

found at x = 0.10-0.20 and y = 0.15-0.20. Further increase in M2+ content in the lattice, or 

introducing of more than 2% A-site substoichiometry, increases the oxygen vacancy concentration, 

but leads to extensive association processes and/or segregation of secondary phases, thus 

decreasing ionic transport [48,49]. Contrary to the ceria- and zirconia-based systems [41], minor 

(<10 mol%) Ga-doping with cations having variable oxidation state, such as cobalt or iron, leads to 

increasing ionic transport in LSGM ceramics in the low-temperature range [50,51], Fig.1.4C, while 

the electronic conductivity is still acceptable for the practical use [50]. 

Despite a relatively low level of ionic conductivity (Fig.1.4D), the materials derived from 

LnAlO3 perovskites, A10-x(SiO4)6O2  (A = La, Pr, Nd, Sm, Gd, Dy) apatites and Gd2Ti2O7

pyrochlores are still of interest due to their relatively low costs. One possible application of these 

ceramics are the protective surface layers at the anode-side of LaGaO3- or CeO2-based electrolytes, 

exposed to reducing atmospheres or the components of the composite solid electrolytes. In most 

perovskite and apatite materials, the oxygen ionic conductivity increases with increasing A-site 

dopant radius. The highest level of ionic transport was achieved for La1-xSrxAlO3-  at x = 0.10 [61], 

for Gd2-xCaxTi2O7-  at x = 0.20 [54] and for La10-xSrxSi6O27 at x = 0.25 [56] and La9.33+x/3Si6-xAlxO26

series at x = 1.5 [57].  
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1.3.2. Stability and electronic conductivity  

For the Zr1-xScxO2-x/2 systems, partial ordering and/or decomposition of metastable cubic 

and rhombohedral solid solutions result in relatively fast ageing [33,39]. For instance, the 

conductivity of 10 mol% Sc-doped zirconia drops by 2 % after exposure in atmospheric air for 83 h 

at 1273 K and by 7 % at 1123 K [39]. Yttria-stabilized zirconia, characterized by lower costs and 

higher stability [33,38,39], is considered as more feasible. Zr1-xCaxO2-x/2 fluorite solid solutions 

even with high Ca-content are still metastable, decomposing below 1123 K into a stable CaZrO3

perovskite and ZrO2 [33]. In air, the p-type electronic conductivity of zirconia-based solid solutions 

is much lower than that in doped ceria and lanthanum gallate phases. For example, the electronic 

contribution to the total conductivity of Zr0.9Y0.1O2-  is less than 0.05 % at 1273 K. The oxygen 

ionic conductivity of yttria-stabilized zirconia is kept predominant down to at least 10-25 at 1173 K 

[32]. This low-p(O2) boundary of electrolytic domain is quite similar for all ZrO2-Ln2O3 systems. 

Comparative data on the electronic transport is summarized in Table 1.2. 

Table 1.2 

Comparison of the parameters of electronic transport in solid electrolyte ceramics, under oxidizing conditions 

Composition T, K p(O2), atm te e, mS/cm Ref. 

Zr0.9Y0.1O2- 1273 0.21 5.0×10-5  [41] 

Zr0.9Sc0.1O2- 1273 0.21 3.8×10-4  [41] 

Zr0.85Ca0.15O2- 1273 0.21 8.6×10-4  [41] 

Ce0.8Gd0.2O2- 873 0.21 6.9×10-4 0.003 [45] 

 973 0.21 1.1×10-3 0.015  

 1123 1.0 3.7×10-3 0.42 [43] 

La0.9Sr0.1Ga0.8Mg0.2O3- 1073 0.21  0.36 [52] 

 1073 10-3 1.0×10-2  [49] 

(La0.9Sr0.1)0.98Ga0.8Mg0.2O3- 1073 10-3 4.7×10-3  [49] 

Gd1.9Ca0.1Ti2O7- 1073 1.0 0.11 2.1 [54] 

La0.9Sr0.1AlO3- 1073 0.21 0.64 1.9 [61] 

Note: te and e are the total electronic (p- and n-type) transference number and the total electronic 

conductivity, respectively. 

Contrary to zirconia, the cubic fluorite-type polymorph of CeO2-  exists in air within all 

temperature range until the melting point [41]. In air, the level of p-type electronic conductivity in 

gadolinia-doped ceria is rather low [43,45], Table 1.2. Decreasing oxygen pressure leads, however, 

to reduction of cerium accompanied with increasing electronic conductivity [41] and significant 

volume changes, which implies mechanical instability under SOFC operation conditions, i.e. under 
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the large p(O2) gradients. Increasing the dopant content in (Ce,Ln)O2-  decreases the stability in 

reducing atmospheres below 1000-1173 K [15,43]. In order to partially suppress these 

disadvantages, the fuel cell operation temperature should be reduced below 873 K [15]. In 

particular, 10 mol% Gd-doped ceria is considered as a prospective electrolyte material for the 

SOFCs operating at 773 K [5,15]. At this low temperature, however, the electrochemical activity of 

common electrode materials is usually insufficient to provide a high cell performance.  

Contrary to zirconia-based solid electrolytes, the conductivity of the doped lanthanum 

gallate ceramics does not degrade in air [31]. In oxidizing atmospheres, the level of p-type 

electronic conductivity in LaGaO3-based electrolytes [52] is higher than in gadolinia-doped ceria 

[43,45], especially at reduced temperatures, e.g. at 973 K the difference becomes one order of 

magnitude. Nevertheless, the electronic conductivity of LSGM is still minor (Table 1.2) and has no 

essential effect on the electrolyte performance. The unfavorable factors limiting the applications of 

Ga-containing ceramics are Ga3+ reduction and gallium oxide volatilization at decreased p(O2),

possible segregation of secondary phases during ceramics sintering, and interactions with electrode 

materials. Choosing appropriate ceramic processing techniques and cell fabrication and 

exploitation conditions enable to avoid these problems. Under reducing conditions, n-type 

electronic conductivity of LSGM ceramics is comparable, or even smaller, with respect to 

stabilized zirconia electrolytes [32,52]. If comparing with ceria-based electrolytes, the doped 

lanthanum gallates preserve the dominating ionic transport with negligible electronic contribution 

down to substantially lower oxygen pressures [52], which makes them advantageous for the IT 

SOFC applications. For example, the low-p(O2) boundary of the electrolytic domain where the 

contribution of electronic conductivity to the total transport in La0.9Sr0.1Ga0.8Mg0.2O3-  reaches 1 %, 

corresponds to the oxygen partial pressure of less than 10-30 atm at 1073 K [49], while for 

Ce0.8Gd0.2O2-  this value is as high as approximately 10-15 atm [44]. 

The (La,Sr)AlO3-  perovskites and pyrochlore-type (Gd,Ca)2Ti2O7-  possess a substantial p-

type electronic conductivity under oxidizing conditions [54,61], Table 1.2, but are significantly 

more stable to reduction and component volatilization compared to the doped CeO2-  and LaGaO3-

ceramics. In air, the electron transference numbers of Gd1.9Ca0.1Ti2O7- , 0.07-0.11 at 1073 - 1223 K 

[54], are close to the maximum level allowable for solid electrolytes. Taking into account the low 

costs of raw materials, the use of (Gd,Ca)2Ti2O7-  phases for high-temperature applications seems 

possible. At 873-1173 K, the ionic contribution to total conductivity of La0.9Sr0.1AlO3-  is smaller 

than 40 % under air/O2 gradient and is  90 % under 4% H2/air gradient [61]. The performance of 

lanthanum-strontium aluminates under oxidizing conditions is, thus, relatively poor. 



Part 1: Literature review 
_______________________________________________________________________________________ 

12

1.3.3. Thermal expansion  

Alkaline-earth-doped lanthanum gallates at lower temperatures than 1073 K, Gd2Ti2O7 and 

stabilized zirconia ceramics exhibit similar and moderate thermal expansion coefficients (TECs), 

Table 1.3. This is an important advantage of these materials with respect to the (Ce,Ln)O2-  solid 

solutions, the thermal expansion of which is slightly higher, close to LSGM doped with transition 

metal cations (Table 1.3). One of the strategies to use ceria-based materials refers to the application 

of a protective layer of more redox stable electrolyte at the low-p(O2) surface of doped ceria [27]. 

However, the thermal expansion mismatch may lead to the microcrack formation and mechanical 

degradation of ceramics on thermal and redox cycling. The long-term operation of such cells 

seems, therefore, problematic. In addition, possible chemical interactions between the electrolyte 

materials may result in the formation of highly-resistive interface layers, deteriorating the cell 

performance [43,62].  

Table 1.3 

Comparison of the average linear thermal expansion coefficients of solid electrolyte ceramics in air 

Composition T, K 106, K-1 Ref.

Zr0.92Y0.08O2- 300-1273 10.0 [35] 

Zr0.92Y0.08O2-  -Al2O3 (90-10 wt%) 300-1273 9.7 [35] 

Zr0.85Y0.15O2- 303-1273 10.9 [63] 

Zr0.5Y0.5O2- 293-1273 9.4 [33] 

Ce0.9Gd0.1O2- 773 12.4 [46] 

 853 12.5  

Ce0.8Gd0.2O2- 773 12.5 [46] 

 853 12.6  

 303-1073 12.5 [63] 

 303-1273 12.7  

La0.9Sr0.1Ga0.8Mg0.2O3- 303-1073 10.4 [30] 

 300-1473 11.9 [49] 

 303-1073 10.9 [63] 

(La0.9Sr0.1)0.98Ga0.8Mg0.2O3- 300-1473 11.8 [49] 

La0.9Sr0.1Ga0.8Mg0.2O3-  -Al2O3 (95-5 wt%) 303-1073 9.9 [30] 

La0.9Sr0.1Ga0.76Mg0.19Co0.05O3- 300-1473 12.7 [50] 

Gd2Ti2O7 323-1273 10.8 [55] 

The incorporation of Ln2O3 into ceria facilitates Ce4+ reducibility below 1173 K [15] and 

induces an additional volume expansion on decreasing oxygen pressure. No essential chemical 

expansion was observed for the LSGM ceramics. For example, the TEC values obtained for 
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La0.9Sr0.1Ga0.8Mg0.2O3-  in air and in 4% H2 were found equal within the limits of experimental 

uncertainty [30]. 

It should be mentioned that small amounts of highly-dispersed Al2O3 may improve 

sinterability and mechanical properties of YSZ and (La,Sr)(Ga,Mg)O3-  ceramics, particularly due 

to suppressed grain growth in the course of sintering [30,33,58,59]. These alumina additions to 

solid electrolyte ceramics enable also to decrease thermal expansion (Table 1.3).  

In summary, gadolinia-doped (La,Sr)(Ga,Mg)O3-  and ceria are the most promising 

electrolyte materials for IT SOFCs, whereas yttria-stabilized zirconia having relatively low ionic 

conductivity in the intermediate-temperature range can only be used in the film form. The high n-

type conductivity of (Ce,Gd)O2-  in reducing atmospheres, resulting in the internal leakage 

currents, limits their applicability to a great extent. Low-cost (Gd,Ca)2Ti2O7-  can be used, in 

particular, as a component of the multilayer or composite electrolytes. 

1.4. Electrode reaction mechanisms  
To design the electrodes with advanced electrochemical properties, a deep knowledge on 

the mechanisms of electrode reactions is necessary. The electrode reaction consists of a number of 

serial and/or parallel steps, which can be divided into transport and heterogeneous; in the course of 

latter, various intermediate electrochemically-active components may be formed. The characteristic 

steps of the gas electrode reactions include transport in the gas phase to (or from) the gas/electrode 

or gas/electrolyte interface, adsorption (or desorption) at these surfaces, diffusion to (or from) the 

reaction zone, and transfer reactions [32,64-70]. The reaction path and the rate-limiting step are 

dependent of numerous factors, such as the electrode and electrolyte properties and morphology, 

gas phase composition and pressure, thermal and electrochemical pre-history [32,64-66,69,71]. The 

electrochemical process is believed to occur in the vicinity (within few microns) of triple-phase 

boundary (TPB) [32,64,72], the junction of the gas, electronic or mixed conductor (electrode) and 

ionic conductor (electrolyte), whose length is mostly determined by the electrode microstructure, 

formed during electrode fabrication. Actual location of the electrochemically active sites depends 

generally on the volume and surface transport properties of the electrode and electrolyte materials. 

On the absence of external current, dynamic equilibrium related to the equal rates of 

forward and backward reactions, is established at the electrode. The rate of oxygen exchange with 

the gas phase at the equilibrium electrode potential is reflected by the exchange current, I0 [32]. 

The I0 quantity characterizes only the steps related to activation polarization, such as 

adsorption/desorption, chemical reaction or charge-transfer reaction [32]. The limiting current, Ilim,

corresponding to the maximum gradient of electrochemically active component concentration, can 

be realized for transport processes as well as for adsorption or chemical reaction steps [32]. When 



Part 1: Literature review 
_______________________________________________________________________________________ 

14

the current I is passed or drawn through the cell, the electrode potential  deviates from the 

equilibrium value 0. This deviation is characterized by the quantity of overpotential  =  - 0. At 

microstructural level, the reasons for electrode polarization include local changes in the 

concentration of electrochemically active components. The electrode polarization resistance 

defined as: 

d
R

dI
 (1.9) 

in the case of small polarization and a linear I-  dependence [32,64,65], is interrelated with the 

exchange or limiting current  

0

RT
R

nF I
 or 

lim

RT
R

nF I
 (1.10) 

where n is a number depending on the rate-determining step(s). The most widely used tool for the 

investigations of electrode kinetics is based on the electrochemical impedance spectroscopy and 

current interruption methods. The problems which may hamper the proper understanding of the 

electrode kinetics are analyzed in [73]. 

concentration polarisation

ohmic polarisation

activation polarisation

Theoretical voltage

U
, V

i, A/cm
2

Tafel equation:

 = a + b ln i

i0

exchange current density

, V

log i (A/cm
2
)

Fig.1.5.  Examples of current density dependencies of fuel cell voltage (left) and electrode overpotential 

(right).

1.4.1. Cathode processes 

The overall cathode reaction of oxygen reduction is expressed by Eq.(1.1). Historically the 

electrode reactions were first studied on the metal electrodes in contact with solid electrolyte 

(usually YSZ), which are still considered as appropriate model systems for analysis of processes at 

the gas electrodes [32,64-68,70-72,74-76]. However, even for these relatively simple systems, the 

electrode reaction mechanisms are complex and their models are still ambiguous. First of all, the 
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reaction zone expands from TPB over the electrolyte or electrode surfaces [32,64,69,74]. As all 

solid electrolytes possess some electronic conduction (see Chapter 1.3.2), the electrochemically 

active sites may be located at the gas/electrolyte interface with electronic charge carriers delivered 

along the electrolyte surface. In addition, high cathodic overpotentials or currents may result in a 

partial reduction of the electrolyte surface and increasing electronic transport, favoring the oxygen 

exchange with electrolyte [64]. In the case of electrodes where oxygen may dissolve in the bulk or 

form surface compounds, oxygen reduction may directly take place at the electrode/electrolyte 

interface, as was clearly shown for the O2,Ag | YSZ [32,74]. For mixed ionic-electronic conducting 

oxide phases used as the SOFC cathodes, the reaction zone may also spread into the gas/electrode 

interface with the subsequent transfer of reduced oxygen species to the electrolyte along the 

electrode surface and/or through the electrode bulk. Also, in some cases, another triple-phase 

boundary of gas/mixed conductor/current collector, should be taken into account [76]. Thus, 

despite the numerous experimental and theoretical investigations (see, for example, [32,64-89]) of 

various-type cathodes, identification of the exact reaction mechanism and rate-determining step(s), 

remains one of the most difficult but the most important tasks. A variety of simplified steps of the 

cathode reaction and the formulae for particular cases of polarization processes are summarized 

below, with emphasis on the porous oxide cathodes with mixed oxygen ionic and electronic 

conductivity. 

General equations for diffusion processes 

The diffusion processes are generally described by Fick’s first and second laws [90]: 

i i i
i i i i

i

c D d ln a
j D c

RT dln c
 (1.11) 

i
i i

c
D c

t
 (1.12) 

where ji is the flux density, ci is the concentration, ai is the activity, Di is the diffusion coefficient 

and i is the chemical potential of diffusing i-species, and t is the time. The last part of Eq.(1.11) is 

written taking into account Wagner’s law. The reaction rate-determining diffusion of molecular 

oxygen in the gas phase (including pores in the electrode layer) appears at reduced oxygen partial 

pressures and is characterized by the limiting current and reciprocal polarization resistance, both 

proportional to p(O2) [64,79]. The gas phase can be treated as an ideal binary mixture of O2 and a 

diluent gas B [77]. Taking into account the diffusion and convection processes at moderate total 

gas pressure, and assuming an absence of homogeneous gas-phase reactions, one can write [79]: 

2 2 2 2O O B O Oj D c c v  and 2

2 2 2

O 2
O B O O

c
D c v c

t
 (1.13) 
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where 
2O BD  is the gas-phase binary (O2-B) diffusion coefficient, v is the molar gas velocity. Gas-

phase diffusion can be expressed by Eqs.(1.13) at large pore diameters compared to the mean free 

path of the gas molecules; the transport in the small pores is described by the Knudsen diffusion 

[91], taking into account the interaction with pore walls. The bulk diffusion should be considered 

along with the Knudsen effects; then, considering tortuous path through the porous media, the 

effective oxygen diffusion coefficient, 
2

eff
OD , is given by [25,79,91]: 

2 2

2

2 2

K
O B Oeff

O K
g O B O

D DP
D

D D
 (1.14) 

where 
2

K
OD  is the Knudsen diffusion coefficient of oxygen, g is the gas-phase tortuosity, P is the 

porosity. As the diffusion coefficient of molecular oxygen in pores is at least 6 orders of magnitude 

greater than that of oxygen ions in solids [69], usually the O2 diffusion is not rate-determining for 

the air electrode until approaching a limiting current. For example, in case of La0.6Sr0.4Fe0.8Co0.2O3-

in contact with Ce0.9Gd0.1O2-  electrolyte, possible gas-phase diffusion polarization was indicated 

by changing the shape of electrode impedance spectra at p(O2) below ~0.1 atm. [79]. The gas-

diffusion limitations for the O2,Pt | YSZ cathode were discarded down to 10-3 atm [67,68]. 

Oxygen transport through the solid electrolyte bulk occurs under the gradients of both 

chemical and electrical ( ) potentials, typically via vacancy migration [77,79]. Using Eq.(1.11) and 

Ohm’s law, the current density i is found as: 

V
Vi

2F
 (1.15) 

where V is the conductivity and V = V + zF V is the electrochemical potential of oxygen 

vacancies in the electrolyte bulk. It should be noted that vacancy redistribution at the 

electrode/electrolyte interface may lead to the non-linear potential distribution in the electrolyte 

bulk [64,78]. The role of nonuniform current and potential distribution in the electrolyte using a 

two-dimensional model was evaluated in the theoretical work [84]. Polarization caused by the 

ohmic potential drop in the solid electrolyte as function of the cathode microstructure was also 

discussed in Ref.[78]. As a rule, the ohmic losses, comprised by the IR term in Eq.(1.8), can be 

separated from the electrode polarization. 

The oxygen ion and electron transport through the bulk of a mixed conductor obeys 

Wagner’s law, stating the interrelated fluxes of ionic and electronic charge carriers. Under the 

absence of external electrical current, the oxygen flux through a dense mixed conductor, placed in 

the oxygen chemical potential gradient, is given by [83,90,92]: 

2

2 2

1

ion e
O O2

ion e

1
j d

16F L
 (1.16) 
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where 1 and 2 are the oxygen electrochemical potentials at the gas/mixed conductor permeate and 

feed interfaces, ion and e are the partial ionic and electronic conductivities and L is the average 

length of the migration path. In the framework of the porous electrode theory, Eq.(1.16) is re-

written taking into account the porosity and the solid-phase tortuosity; examples of the alternative 

expressions for the transport through solid mixed-conductor in a porous layer can be found in 

[77,79].  

General equations for interfacial processes 

Molecular oxygen from the gas phase may be chemisorbed at the surface of noble-metal 

electrodes to form ad-atoms [64,65], which is expressed by 

2 ad

1
O (gas) s O

2
 (1.17) 

where s is an active site at the surface. Oxygen adsorption at the oxide electrode or electrolyte 

surfaces may occur via various mechanisms and may be conjugated with the charge-transfer 

reaction(s) [66]. Numerous forms of adsorbed oxygen species are assumed in literature, in 

particular O2, O, O2
-, O2

2-, O- or O2-. The adsorption isotherm, in the simplest case representing 

reaction Eq.(1.17) at relatively low surface coverage, obeys the Henry equation [64,93]: 

1
2

ad 2[O ] K p(O )  (1.18) 

where K is the adsorption equilibrium constant related to the interatomic adsorbent-adsorbate 

interaction.

The oxygen pressure dependence of the polarization resistance of Pt electrodes is 

characterized by a minimum [32,64], attributed to the Pt oxidation and/or to the adsorption kinetics 

determined by the Langmuir isotherm [64]. The latter assumes a homogeneous adsorbent surface 

and a uniform adsorption enthalpy distribution along this surface, independent of the presence of 

adsorbates which are considered non-interacting. The Langmuir isotherm is given for dissociative 

adsorption Eq.(1.17) by [64,93,94]: 

1
2

ad 2
O 1

2ad max 2

[O ] K p(O )

[O ] 1 K p(O )
 (1.19) 

where  is the relative surface coverage and [Oad]max is the maximum concentration of ad-atoms, 

corresponding to the completely packed monolayer of adsorbed oxygen species, or the total number 

of sites available for adsorption. For real systems, the adsorption enthalpy decreases (in absolute 

value) with surface covering [64,93]; therefore, the applicability of Eq.(1.19) needs often a careful 

analysis and, in general, Eq.(1.19) should be written in an integral form [64]. 
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For the case of substantially non-uniform adsorbent surface, the Temkin isotherm equation 

is simplified, at moderate coverage, to [64]: 

1
2

ad ad max 0 2

0

RT
[O ] [O ] ln p(O )  (1.20) 

where 0 and 0 are the parameter characterizing the extent of inhomogeneity and the adsorption 

coefficient at the sites with maximum adsorption enthalpy, respectively. Similar approximation was 

suggested in [93] for a binary gas adsorption. The oxygen adsorption/desorption process on 

O2,Pt | YSZ electrode was modeled in [68] as occurring via the formation of intermediate 

chemisorbed oxygen molecule with subsequent dissociation or desorption. 

The information about the actual mechanisms of oxygen adsorption, dissociation and 

reduction at the solid oxide surface is, in fact, still scarce. Based on the ratio of the oxygen self-

diffusion coefficients and the surface exchange coefficients, it was concluded [69,79] that, for 

optimized cathode microstructures with grain diameter of about 1 m and TPB length per unit area 

greater than 104 cm-1, the oxygen reduction should be governed by an interfacial oxygen exchange 

process unless the surface transport of oxygen ions to the TPB is rate-determining. The flux density 

of oxygen chemisorption-dissociation can be expressed by a kinetic equation [64]: 

2 2

0 2
O O Oj j 1  (1.21) 

where j0
O2 is the exchange flux density of oxygen dissociative adsorption. For the limiting oxygen 

adsorption, the current density is generally defined in [76, 94] by: 

2 2
1 2 O,st 1 O,sti 4F k p(O ) 1 k  (1.22) 

where k1 and k1' are the constants of forward and backward processes Eq.(1.17) and O,st is the 

steady-state coverage. The situation, when adsorption of molecular oxygen is retarding with the 

subsequent dissociation of adsorbed O2-s being in the virtual equilibrium, was considered in [95] 

postulating: 

2a 2 O Oi 4F k p(O ) 1  (1.23a) 

2 2

2
O O O d O1 K  (1.23b) 

where ka and Kd are the oxygen adsorption and equilibrium dissociation constants, respectively. 

This process can also be considered as dissociation of the oxygen molecule in the gas phase in 

immediate proximity to the solid surface, followed by the adsorption of the oxygen atoms [96]. 

The case of limiting charge-transfer electrochemical reactions should be considered using 

the Butler-Volmer equation [32,64,67,85,90]: 

0

nF nF
i i exp exp

RT RT
 (1.24) 
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where n is the number of electrons participating in the rate-determining step,  and  are the charge 

transfer coefficients, i and i0 are the electrical current and exchange current densities, respectively. 

Eq.(1.24) is linearized to the ohmic electrode polarization at low overpotentials | | and shows a 

Tafel-like behavior at large | | [66]. The equation: 

0

F F d
i i exp exp C

RT RT dt
 (1.25) 

where C is the capacitance of the interface, was used in [79] to describe interfacial charge-transfer 

reactions with a single activated rate-limiting step.  is stated to be proportional to the difference in 

the electrochemical potential of the transported species (vacancy, electron, etc.) across the 

interface.

Two typical combinations of adsorption/charge transfer/diffusion steps are shown in 

Fig.1.6. It is quite clear that even for the simple electrode systems, there are a great number of 

paths, spatially expanding the reaction zone. In addition, the possibility of parallel interfacial 

processes to occur cannot be a priori discarded. When the electrode polarization is determined by 

several limiting steps, it is very difficult or impossible to isolate them without precisely controlled 

morphology and composition of the interfaces; the latter situation is, however, far from 

experimental realization. 
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Fig.1.6.  Examples of electrochemical reaction pathway for a porous mixed-conducting oxygen electrode, 

showing surface diffusion of O ad-atoms (left) and O- sub-ions (right). 

Selected models for one and several limiting steps 

One version of the possible steps sequence for oxygen reduction at the surface of mixed-

conducting oxide cathode (MC) was proposed as [79]: 

2 2O (g) s h (O s)-  (1.26a) 

2(O s) s h 2(O s)- -  (1.26b) 

O(O s) V h s-  (1.26c) 
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where (O2-s)- and (O-s)- are the adsorbed oxygen O2
- and O- sub-ions, respectively. In order to 

describe these processes, the authors [79] proposed an equation similar to that obtained for charge-

transfer reactions, irrespective of the limiting step: 

bf
0 s sr r exp exp

RT RT
 (1.27) 

where r is the rate of the limiting step, r0 is the so-called exchange neutral flux density, f and b

are constants depending on the specific reaction mechanism, and 
2 O

gas MC MC
s O V h

1
2

2
 is the 

electrochemical potential difference between the reactants and the products. 

For the case of two or more concurrent limiting steps, one possible approach can be based 

on the example of O2, Pt | YSZ electrode, where electrochemically active component is not soluble. 

Such an electrode was considered [32,66] as a tightly contacted with electrolyte discontinuously 

long metallic stripe of a fixed width. The relative roles of the interfacial diffusion rate of oxygen 

ad-atoms chemisorbed at the metallic electrode and the surface exchange rate were analyzed in 

Ref.[66]. In the case of the rate-limiting diffusion along the electrode/electrolyte interface which 

depends, in turn, on the rate of charge-transfer reaction, the current density was expressed by the 

Butler-Volmer-form equation [66]: 

1
2

0 0i 2eDc 3F F
i exp exp

2RT 2RTl
 (1.28a) 

or

1

1
2 00 0

F 3F F
i exp exp exp

2e c 2RT 2RT 2RTi 2eDc

l l
 (1.28b) 

where l is the stripe half-width, c0 is the equilibrium concentration of oxygen adatoms, D is their 

interfacial diffusion coefficient and  is a constant. Eqs.(1.28a) and (1.28b) are obtained for 

different boundary conditions. 

For the competing charge-transfer, surface diffusion and dissociative adsorption, another 

equation was derived [68]: 

0

3(1 )F 3 F
i i A exp exp

7RT 4RT
 (1.29) 

where A is the electrochemically-active area near the TPB, was simulated; the latter two steps are 

assumed parallel. The effect of surface coverage on these processes were also discussed ([68] and 

cited references). 

The models for a limiting step involving conjugated processes of interfacial 

diffusion/migration and heterogeneous exchange, was also discussed in Ref.[32]. For the 
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dissociative adsorption of oxygen coupled with diffusion along the gas/metal interface (GM), the 

electrical current per unit TPB length is found as [32]: 

1
2

GM 1 1
0

6F 2F
i i exp 3exp 2

RT RT
 (1.30) 

Provided the constant oxygen ion concentration at the electrolyte surface, the current corresponding 

to the diffusion along the metal/electrolyte interface (ME) conjoined with the oxygen transfer to (or 

from) the electrolyte can be expressed as [32]: 

ME 2 2
0 O

(1 )F F
i i exp exp

RT RT
 (1.31) 

where  is the ratio of the oxygen atom concentration at the GM to the equilibrium concentration. 

These overpotantial-current dependencies were obtained assuming that: (i) the widths of gas/metal 

and gas/electrolyte interfaces are much smaller than the corresponding penetration depths of the 

surface diffusion, (ii) the oxygen diffusion coefficient in the adsorption layer is concentration-

independent, and (iii) the adsorption isotherm obeys the Henry equation. Dependence of the total 

overpotential on current was obtained from Eqs.(1.30) and (1.31), both expressing the interrelated 

exchange process and the interface diffusion; in this case, however, only numerical solution is 

possible [32]. Nevertheless, it was concluded [32] that decreasing p(O2) leads to the dominating 

limitations by Eq.(1.30), while the reaction rate becomes determined by Eq.(1.31) on increasing 

p(O2). The other processes illustrated in Fig.1.6, except for the oxygen transport through the 

electrode bulk, can be described by the analogous current-overpotential equations involving 

relative concentrations of O- subions or electron-holes instead of O [32]. 

One important comment should be made for the case when two processes are rate-

determining, whatever the reaction path. In such situation, one cannot principally determine 

characteristics of the separate steps from the results of polarization measurements only. Note also 

that the processes reflected by Eqs.(1.30) or (1.31) have a mixed character combining the activation 

and concentration polarization effects. The ratio of diffusion- and exchange-related contributions 

should change with the electrode depth [32]. As a result, the oxygen activity at the electrode 

surface may change by several orders of magnitude, decreasing for the cathode and increasing for 

the anode polarization. Such p(O2) variations may cause irreversible changes in the microstructure 

and properties of the electrodes.  

Similar phenomena, including the adsorbate transport along the electrode/electrolyte 

interface may take place for the porous perovskite-type oxide cathodes [85]; for metallic electrodes 

such a reaction pathway was analyzed using two-dimentional model [84]. The effect of cathodic 

polarization or current on the microstructure and morphology of the (La0.8Sr0.2)1-xMnO3-  (x = 0-
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0.05) porous layers in contact with 3 mol% Y2O3 - ZrO2 electrolyte were attributed to the formation 

and migration of oxygen vacancies and manganese ions on the electrode surface [86]. 

For a mixed-conductor electrode, competitive bulk and surface oxygen transport was 

discussed in numerous works, e.g. [64,72,79,81-85,87,97,98]. Both these processes and their 

relative roles depend on the oxygen ion conductivity of the cathode material under given 

conditions, as discussed below. In turn, the conductivity of the cathode layer ( ) should be 

influenced by the equilibrium with gas environment and by the local overpotential caused by 

deviations of oxygen activity from the equilibrium values. The reaction mechanism including 

charge transfer, oxygen adsorption and O2- diffusion through the electrode bulk, was discussed in 

Ref.[64], assuming that these two effects can be isolated and taking into account the boundary 

conditions at the mixed conductor/metallic current collector contact. In the case of the 

overpotential-independent total conductivity, for the adsorption regime the current through the unit 

triple-phase boundary is interrelated with overpotantial as [64]: 

1
2

0 0
0

2F 2F
i 2RT Sj exp 1

RT RT
 (1.32) 

where S is the effective electrode surface area on which the electrochemical reaction takes place, 

and j0 is the exchange flux density. The adsorption becomes rate-limiting when the oxygen activity 

in the gas phase is reduced due to high cathodic polarization. For the retarding oxygen ion diffusion 

through the electrode bulk 

1
11 2

2m
0 0i 2 2F 2F2FD p(O )

i exp 1
d RT RT

 (1.33) 

where Di is the effective p(O2)-independent diffusion coefficient, d is the effective thickness of the 

diffusion layer, and the m parameter is determined by the oxygen ion formation mechanism in the 

mixed conductor under equilibrium conditions. When the electrochemical reaction - 2-O 2e O

is the rate-limiting step, the current taken from the unit triple-phase boundary is [64]: 

1
2

0 0 02RTi S F F
i exp exp

F RT RT
 (1.34) 

In the extreme cases of high polarization conditions, Eqs.(1.30)-(1.34) present Tafel-like 

dependencies. Under the low polarization when |2F /RT| << 1:  

11 22

0 m
0 0 i 2

2F 1 1 d
i S

RT i 2Fj 2FD p(O )
 (1.35) 

where the resistances of all three steps: charge transfer, oxygen adsorption and O2- diffusion 

through the electrode bulk in series, were taken into account [32,64]. Note that in Eqs.(1.30)-(1.35) 
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the effective width of the layer where the electrochemical reaction occurs, is assumed much smaller 

than the electrode thickness.  

Table 1.4 

The p(O2) exponent (m) for the polarization resistance experimentally obtained for 

various cathodes in contact with zirconia or ceria* based electrolytes 

Cathode Microstructure T, K p(O2), atm - m Ref. 

Pt porous film or 
mesh 

833-983 <10-2 1/2 [64] 

 point 1115 >10-3 1/2 [65] 

 point 1115 <10-4 2/3 [65] 

Pt-YSZ porous 1273 10-2 - 1 9/10 [74] 

Pd - - - 1/2 [32] 

Ag point 966-1139 >10-6 1/2 [65] 

Au point 1211 >10-3 1/2 [65] 

  1211 <10-3 1/4  

point 1233 10-5 - 1 1/2 [87] La1-xSrxMnO3 (x=0.1-0.4) 

point, after high 
cathodic 

polarization 

1233 10-5 - 1 3/8 [87] 

(La0.82Sr0.18)0.82MnO3 porous 1123-1273 10-2 - 0.21 0.45 - 0.86 (R2) [107] 

La0.85Sr0.15MnO3 porous 1073-1170 10-3 - 1 1/4 (R2), 1 (R3) [108] 

La0.8Sr0.2MnO3 porous 1073-1273 <10-3 1 [109] 

 porous 1073-1273 10-3 - 1 1/2 [109] 

La0.8Sr0.2MnO3 porous 823-1073 10-3 - 1 1/6 [110] 

La1-xSrxMnO3 (x=0.3-0.7) porous 1073 10-2-0.5 3/4 [88] 

La0.63Sr0.27MnO3 dense 973-1173 10-3 - 1 negative [83] 

La0.81Sr0.09MnO3 dense 1073 10-3 - 1 0 [94] 

SrMnO3 porous 1073 10-2-0.5 1/2 [88] 

La0.6Ca0.4MnO3 porous >1173 <10-3 1 [106] 

 porous 973-1173 10-3 - 1 1/2 [106] 

La0.6Ca0.4MnO3 porous 1073 6 10-4 - 1 1/3 [111] 

La1-xSrxCoO3 (x=0-0.7) porous 873-1073 10-2-0.5 1/4 [88] 

La0.6Sr0.4CoO3 dense 1073 10-4 - 1 1/2* [94] 

Sm0.5Sr0.5CoO3 dense 1073 10-4 - 1 1/2* [113] 

La1-xSrxCoO3 (x=0.2-0.4) porous 1023 10-2 - 1 0.2 - 0.4* [112] 

La1-xSrxFeO3 (x=0.3-0.7) porous 1073 10-2 - 0.5 3/4 [88] 

La0.6Sr0.4FeO3 porous 1073 2 10-4 - 1 0.17 [111] 

La1.9Sr0.1CuO4 porous 1073 10-3 - 1 0.08 [111] 

La0.7Sr0.3CrO3 porous 1073 10-2 - 0.5 1/2 [88] 
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In the case when the overpotential affects the electronic conductivity of electrode layer, the 

oxygen pressure dependence can be assumed to vary as 
10

e e 2p(O ) , where 0
e is the 

electronic conductivity at unit p(O2). If the oxygen delivery to the reaction zone is limiting, the 

overpotential and oxygen pressure are interrelated by the Nernst law [64]. Then the overpotential 

dependence of conductivity is 0
e

nF
A exp

RT
, where A0 is the equilibrium electronic 

conductivity of the mixed conductor. The general current-voltage relation along the TPB is 

expressed as [64]: 
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 and 2a b  for the adsorption regime; 
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 for the regime of limiting ion transport; 

2 2
0

8FD(O )p(O )S
A

A d
, 1

4F
a b

RT
 and 2a b  for the regime of limiting transport of molecular 

oxygen. The sign of the b coefficient in Eq.(1.36) coincides with that of 1/  parameter, where 

positive or negative value corresponds to the p- or n-type electron transport, respectively. Often, 

these equations may be simplified yielding the Tafel-type polarization curves or the limiting 

currents, associated with reduced electronic conductivity of the electrode material under 

polarization [64]. In Ref.[96], the electronic conductivity was described as a function of electric 

potential on the mixed conductor, oxygen partial pressures and overpotentials at the cathode and 

anode. 

The reaction mechanism represented by: 

2 adO (g) 2O  (1.37a) 

ad adO e O  (1.37b) 

ad TPBO O  (1.37c) 

2
TPB O TPBO e V O  (1.37d) 

and two additional pathways with adO  formation through 2,adO  at the electrode surface or at the 

TPB were considered in Ref.[89] for the La0.85Sr0.15MnO3-  cathode. In all cases, the oxygen 

adsorbates were assumed diffusing along the electrode surface. The models were suggested for a 

single rate-determining step and for two serial processes governing the electrode kinetics, with 
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other steps being in virtual equilibrium [89]. In particular, when the steps Eq.(1.37b) and (1.37c) 

are rate-determining, the following equation was obtained: 

1

0,2 0,3 0,2 0,3

2F F F
i i i exp 1 i exp i exp

RT RT 2RT
 (1.38) 

where i0,2 and i0,3 are the exchange current densities of the steps Eq.(1.37b) and (1.37c), 

proportional for low surface coverage to p(O2)
3/8 and p(O2)

1/4, respectively [89].  

One of the classical methods of investigating the electrode reaction kinetics is the 

electrochemical impedance spectroscopy (EIS). Analysis of the electrode response with appropriate 

equivalent circuits reflecting the model electrochemical process, was performed, for example, in 

Refs.[64,67,68,77,79,87,99,100]. In this respect, the works [101,102], suggesting a general 

theoretical framework to study the multi-step reaction mechanisms in aqueous systems, are also 

worth noting. Contrary to the simple model systems with precisely determined microstructures, 

ascribing exact physical meaning to the equivalent circuit elements, which represent the process at 

the porous mixed-conducting electrode, appears quite ambiguous. This leads to difficulties in 

determining the oxygen reduction kinetics. The literature data on oxygen partial pressure 

dependencies of the total electrode polarization resistance (Table 1.4) and exchange (or limiting) 

current is also, in many cases, inconsistent. For the anodes based on metallic nickel, the situation 

seems even more complex [103,104,105]. 

1.4.2. Anode reactions 

The general relationships for transport and charge-transfer processes, given in Chapter 

1.4.1, become more complex in the case of the anode reactions where at least two components in 

the gas phase should be accounted. Again, as for the investigations of the cathode process, the 

model anode systems are widely studied, in particular metallic Pt and Ni with a high 

electrocatalytic activity [114]. Nonetheless, the results are relevant for the practical applications as 

most common anode compositions are based on Ni-YSZ cermets. The majority of these studies are 

focused on the oxidation of H2, for the sake of simplicity. There are, however, two other important 

reasons for the attention to H2-containing fuels. For most anode materials, the electrochemical 

activity for H2 oxidation is higher compared to CO and CH4, The performance of SOFCs fueled by 

hydrocarbon conversion products, is primarily dependent on the content of H2 and H2O in the fuel 

gases. Also, the use of H2-fueled SOFCs is associated with zero emission of green house gases. 

The high operation temperatures and catalytic activity of the anode materials enable 

internal reforming of methane in addition to the electrochemical oxidation, as noted in Chapter 1.1. 

The reactions Eqs.(1.5) and (1.6) are characterized by the standard enthalpies H0
298 of 206 and -41 

kJ/mol, respectively. Although the former may be partially compensated by the exothermic 
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oxidation of generated H2 and CO, Eqs.(1.2) and (1.3) [115], the presence of endothermic process 

Eq.(1.5) leads to large temperature gradients in and along anode structures [115]. In addition to the 

steam reforming of methane, CO2 reforming may take place: 

0
4 2 2 298CH +CO 2H +2CO,    H 247 kJ / mol  [116]. It is also important that metallic nickel 

may catalyze methane pyrolysis (cracking) and Boudouard reaction (CO disproportionation), both 

resulting in carbon formation [117]: 

4 2CH C+2H  (1.39) 

22CO C+CO  (1.40) 

Progressive carbon deposition at the anode leads to performance degradation. This coking might be 

partially suppressed by optimizing operation temperature and pressure, increasing current density, 

increasing amount of steam and/or CO2 in the fuel, and using catalytic additives ([116-122] and 

references cited).  

As for any electrode, the reaction mechanism and the electrode properties depend on the 

morphology of anode layer. For the SOFC anodes, these microstructural effects are, evidently, of 

special importance [104,123,73]. One particular problem is that during the cell operation, 

irreversible changes in the morphology and TPB may occur, particularly, sintering of the electrode 

particles is favored at high temperatures and/or under the high current densities [64,124,125]. The 

key polarization characteristics measured for porous anode structures are found different from 

those obtained for the model point- and pattern- type systems [104,126]. The developments of 

SOFC anodes are therefore directed to the controlled reaction kinetics, improvement of the 

electrocatalytic activity, reduction of the polarization resistance and optimization of the electrode 

microstructure and design. 

H2-H2O electrode 

One feature of the anode processes is that the gas-diffusion limitations become very 

important. In particular, contrary to the oxygen reduction, the counter-diffusion of reactant(s) and 

product(s) should be necessarily taken into account. Mass flows in the opposite directions may not 

be equal, resulting in the net mass transport in one direction [91,127]. In framework of the mean 

transport pore model [128], assuming an isotropic porous media with the cylindrical capillary pores 

of average radius r, the isothermal gas diffusion in a multicomponent gas mixture can be described 

using the modified Maxwell-Stefan equation and Knudsen diffusion [115,128]. The diffusion flux 

is defined by the dusty gas model in a similar way [128]. The steady-state net diffusion flux of a 

binary gas mixture, j, is simplified to the form [115]: 
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total AB AB A
1 1

2 2
AB A A B

Pc D D K r
j ln

L D K r M M
 (1.41) 

where ctotal is the total molar concentration of the gas mixture, L is the thickness, 

1
2

A

A

2 8RT
K

3 M
 is the Knudsen number of the gas A, MA and MB are the molecular weights of 

A and B molecules. The net permeation flux density was suggested [115] to include contributions 

form the Knudsen flow, the slip flow at the wall, and the viscous flow. For H2-H2O mixture in Ni-

YSZ cermet medium at 30% porosity the effective diffusion coefficient, Deff, was estimated to be 

10-2 to 10-1 cm2/s at 1273 K, with mean-free path of a molecule of 0.1 m [129]. 

The analysis of concentration and activation contributions to the polarization of electrolyte-

supporting Ni-YSZ anodes, fueled with humidified hydrogen, indicated a performance-limiting 

transport of gaseous species through porous electrode media [25]. The effective binary gas 

diffusion coefficient estimated from the polarization curves, is 0.1-0.2 cm2/s at 923-1073 K, 

increasing on heating.  

The hydrogen oxidation mechanisms for bare Ni and Ni-YSZ composite anodes are 

essentially similar [123]. The H2 oxidation kinetics on Ni-YSZ cermet was analyzed [130] studying 

overpotential dependencies on the current density, gas composition and temperature, using the 

current-interruption method; the atmosphere at the anode was modeled as a continuously stirred 

tank reactor. For low polarization, the charge-transfer and the surface diffusion of adsorbates were 

assumed to be not rate-determining. Then, under equilibrium: 

adO(electrolyte) s O  (1.42a) 

ad ad adH O OH s (1.42b) 

ad ad 2 adH OH H O s  (1.42c) 

2 ad 2H O H O(gas) s (1.42d)

2 adH (gas)+2s 2H  (1.42e)

Assuming that the overpotential depends on the Oad coverage, the polarization curve was finally 

descbibed by [130]: 

2H O

RT i f K
ln 1

2F i S 2F x f
 (1.43) 

where f is the gas flow rate, K is composed from the equilibrium constant of Eq.(1.42d) and the 

rate constants of the backward reactions Eqs.(1.42c) and (1.42d), xH2O is the mole fraction of H2O

molecules in the inlet gas, and S is the anode surface area. The anode material with a larger O 

coverage under equilibrium conditions was found to have a smaller overpotential [130]. 
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The relevance of concentration polarization for the performance of Ni-YSZ anodes was 

stressed in Refs.[126,129]. One important case, namely the coverage-dependent diffusion 

limitations at high current densities, was considered in [126]; the hypothesis on the slow surface 

diffusion of hydrogen, dissociatively adsorbed at the metal or electrolyte surface, is in agreement 

with characteristic diffusion times, longer than the residence of OH- and H2O adsorbates. The 

competitive adsorption of the reactants and product gases was described by the Langmuir isotherm 

[126]: 

i i
i

i ii

K p

1 K p
 (1.44) 

where pi is the partial pressure of i species.  

A very interesting attempt of state-space modeling of (H2-H2O), Ni | YSZ pattern anode 

[105] was based on the following assumptions: (i) the electrochemical reactions take place only at 

Ni surface and directly at TPB, (ii) both H2 and H2O adsorption is nonactivated, (iii) three atom 

reactions are excluded as most improbable, (iv) surface diffusion is fast, and (v) gas phase 

limitations are absent and H2O is involved in two surface reactions, namely Eq.(1.42c) and 

2 ad ad adH O O 2OH . The simulation of impedance data was, however, rather unsuccessful; no 

unambiguous conclusion could be drawn on the reaction mechanism. The authors [131] assumed, 

oppositely, the rate-determining step for the process on Ni-YSZ cermet to be the reaction of two H 

atoms adsorbed at the Ni surface and one O ad-atom at the YSZ surface, to produce water molecule 

at the Ni surface. Again, however, the calculated current dependencies on the H2 and H2O partial 

pressures, using the Langmuir adsorption isotherm, provide only qualitative description of the 

experimental data [131]. 

Fitting of the Ni-YSZ cermet anode polarization curves with the Nernst-type concentration 

equation and empirical Butler-Volmer type rate equation, suggested that the reaction is dominated 

by two steps, one of which is the charge-transfer reaction affected by p(H2O) and p(H2) [132]. The 

same conclusion was drawn analysing the impedance spectra, which consisted of two clearly 

separated arcs [133]. The presence of YSZ in the cermet was shown to be important for the anode 

microstructure and the reaction kinetics, with no effect on the anode reaction mechanism [133]. 

The active thickness of the Ni-YSZ cermet anode, found around 10 m for a layer with fine 

microstructure, was ascribed to the ionic conductivity of YSZ network [104]. The maximum 

performance of Ni-YSZ (50-50 vol%) anode at 1123-1273 K was found at approximately 14% 

vapor content in the H2-H2O gas mixtures [132]. Accordingly, it was concluded [134] for H2-H2O

fueled Ni-YSZ anode that below 1118 K, the oxidation of hydrogen atoms on the Ni surface is rate-

determining. Increasing temperature accelerates the charge-transfer reaction; then an additional 

reaction step, possibly adsorption, becomes important for the overall kinetics. 
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Another one-dimensional microscopic model of an electronic conductor - ionic conductor 

anode, assuming steady-state conditions, uniform temperature and pressure distributions and 

homogeneous phases, was developed in Ref.[127]. The concentrations of reactants and products 

were included into the Butler-Volmer equation; the set of equations, describing the ionic and 

electronic transport, gas-phase diffusion in the anode layer and the electrochemical reaction at 

TPB, was solved numerically. Decreasing the particle size was concluded to reduce the 

overpotential due to larger active surface area until the certain limit when the concentration 

polarization starts to deteriorate electrode performance [127].  

For the porous Pt electrodes, two processes were suggested as limiting, depending on the 

range of oxygen activity (aO*) at the YSZ surface near the TPB [70]. The first, at aO*>10-10, was 

expressed by Eq.(1.42c) with the rate equation 

2

1 1 1 1
2 2 2 2

2 H OH 2 H O si k (Pt) (YSZ) k (Pt) (YSZ)  (1.45a)

The second proposed process governing the kinetics when aO*<10-12 was: 

2 2

ad 2 ad 2 ad ad

1 1 1 1
2 2 2 2

2 H H O 2 H O H

H (Pt) H O (YSZ) H O (Pt) H (YSZ)

i k (Pt) (YSZ) k (Pt) (YSZ)
 (1.45b) 

Eqs.(1.45) were obtained, assuming a Langmuir-type adsorption and predominant Had adsorbates at 

Pt surface and OHad radicals at YSZ surface. The H2 reduction mechanism on the stripe pattern Ni 

electrode occurred different from that on porous Pt [124]. Namely, either the dissociative 

adsorption, or the surface diffusion of adsorbed reactants were found rate-determining.  

Table 1.5 

Exponents of the polarization resistance versus p(H2)
m and p(H2O)n dependencies for 

various anodes in contact with YSZ electrolyte 

Anode Microstructure T, K m n Ref. 

Pt porous 973-1073 -1/4 – 1/4 -1/2 – -1/4 [71,104] 

Ni point 1248 -1/2 – 1/2 -1/2 [138] 

 pattern 973-1073 0 negative [124] 

  1123 0 – 1/2 negative [124] 

  973 -0.24 – -0.11 -0.67 – -0.32 [137] 

Ni - YSZ fine cermet 1273 -3/20 – 0 -1/5 – -3/10 [156] 

 coarse cermet 1273 -1/20 -2/5 [104] 

 porous 1023-1273 ~ 0  [131] 

porous 1123-1273  -1 [139] Ni - yttria-doped 
TZP porous 1123-1273 -1/10 -1/2 [132] 
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The anode process was modeled in [64,135] for the pattern metallic stripe electrode in H2-

H2O or CO-CO2 atmospheres, via various mechanisms comprising surface diffusion of H2, H2O or 

CO, CO2 molecules, O atoms and/or electrons. The mechanisms of anodic reactions involving 

water vapor molecules were analyzed in Refs.[136,137]. 

CO-CO2 electrode 

In the CO-CO2 atmospheres, the electrochemical reaction rate on Pt- and Ni-based 

electrodes is substantially lower compared to H2-H2O [9,77,124]. For CO oxidation on porous Pt 

electrode, the rate of the process Eq.(1.3) was suggested determined by the chemical reactions of 

adsorbed species at Pt and YSZ surfaces, identified as [140]: 

ad ad 2 adCO (Pt) O (YSZ) CO (Pt)  (1.46a) 

ad 2 ad ad2CO (Pt) CO (Pt)+C (YSZ)  (1.46b) 

with the rate equations: 

1 1 1
2 2 2

1 O 1 2i k p(CO) a k p(CO )  (1.46c) 

1 1
2 2

2 2 2 Oi k p(CO) k p(CO ) a  (1.46d) 

where, aO is the oxygen activity at the YSZ surface near TPB, and the role of the Boudouard 

process becomes critical in CO-rich atmospheres. 

The case when the reaction zone expands along electrolyte surface and the electrons are 

supplied to metal through this surface, was considered in [32,135,141], assuming fast sorption of 

CO and CO2, and the reaction at the electrolyte/gas interface expressed as: 

2
2O CO CO 2e  (1.47a) 

The final equations for the current per unit TPB length: 

ME
0 e

F (1 )F
i i exp exp

2RT 2RT
 (1.47b) 

1
GE 3 2
0 e ei i 3 2  (1.47c) 

are analogous to those generated in [32,135] for the process on oxygen electrode limited by 

diffusion of O atoms, Eqs.(1.30) and (1.31), or O– ions along the electrolyte surface. In the latter 

case, reactions at the electrolyte/metal and electrolyte/gas interfaces were assumed to be: 

2O O e  (1.48a) 

2
2

1
2O O +O

2
 (1.48b) 

In Eqs.(1.47b) and (1.47c), e is the electron concentration at TPB, normalized to the equilibrium 

value. At high anodic polarization the current may however approach the limiting value while the 
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cathodic polarization obeys the Tafel-like equation, probably due to inducing n-type conductivity at 

the electrolyte surface [32,135]. 

For a mixed-conducting anode layer, the polarization curves theoretically derived [64] 

assuming overpotential-independent total conductivity, were similar to those of the oxygen 

electrode, Eqs.(1.32)-(1.34), with the limiting currents depending on the CO and CO2 (or H2 and 

H2O) pressures. In the case of overpotential-dependent conductivity, the solution for CO-CO2

atmosphere was [64]: 

1 1 0 2 00 1 22

1 2 1 2

exp (a 2b) exp (a 2b)a a
i A A

(a 2b)(a 2b) a 2b a 2b
 (1.49) 

where 
2F

b
RT

 and  is determined from the dependence of electrode material conductivity on 

local partial pressures of gaseous species. When the adsorption or diffusion of CO molecules is 

impeded 01
0

2S i
A

A
, 1a b  and 2

2F
a b

RT
, while for the limiting CO2 adsorption or 

diffusion 02
0

2S i
A

A
, 1

2F
a b

RT
 and 2a b  [64].  

CH4-H2O electrode 

The electrochemical oxidation of CH4 is characterized by slower kinetics in comparison 

with CO and H2 [119,142]. The power densities produced by the lanthanum-strontium manganite 

(LSM) | CYO | YSZ | CYO | Ni-YSZ cathode-supported cells with Ni-YSZ anodes, fueled by wet 

methane, were found about 20% lower compared to humidified hydrogen fuel due to higher anode 

resistance [28,116]. The likely reaction path may include hydrogen generation owing to reforming 

of methane, circulating over the anode, with the steam produced by hydrogen oxidation at TPB 

[119]. Under low fuel utilization conditions, the reaction mechanism on porous Ni-YSZ anodes 

was suggested as methane cracking followed by the electrochemical oxidation of carbon [118]. 

Taking into account the competitive C and OH adsorption on the Ni surface, the optimum H2O

concentration to maximize the reforming rate corresponds to p(H2O)/p(CH4) = 0.25 - 0.5; to avoid 

the carbon deposition, this value should be higher than 0.15 [117]. The anodic overpotential may 

modify electrode catalytic activity, especially at reduced temperatures (so-called NEMCA effect), 

increasing the rate of steam reforming and suppressing coking [117]. 

A significant role at intermediate temperatures can also be played by the oxidative 

coupling of methane [143]. This effect is manly determined by kinetic factors [9]. Numerical 

simulations of the catalytic oxidation and conversion of methane over Pt anode were performed for 

transient one-dimensional flow configurations [143]. This formalism can be used, however, to 



Part 1: Literature review 
_______________________________________________________________________________________ 

32

describe only the catalytic systems with known surface-reaction mechanism and rate constants. A 

comprehensive analysis of the processes related to the oxidation and oxidative coupling of methane 

by moderate oxygen additions, particularly over dispersed Ni catalysts, was presented in Ref.[121]. 

The CO2 formation was found preferable with respect to CO when the reaction temperature 

decreases from 1160 down to 760 K. Completely reduced nickel catalysts showed a higher 

selectivity towards CO formation if compared partially reduced or oxidized [121]. The bare and 

Mo-doped Ni-YSZ cermets were tested in an YSZ tubular cell and showed a high activity towards 

methane reforming [122]. The presence of molybdenum was found to suppress the carbon 

deposition [122]. The mechanism of methane oxidation by oxygen over the YSZ surface was 

proposed in Ref.[144]. Two parallel oxidation pathways, namely the partial and total oxidation 

were identified [144]. 

Ref.[145] presents a comprehensive review of the catalytic routes for syngas and hydrogen 

production, including partial oxidation, autothermal reforming, combined and CO2 reforming; the 

energy efficiencies of direct and indirect methane conversion are compared.  

1.4.3. Role of ionic transport in electrode materials  

Incorporation of the oxygen-ion conducting materials into the electrode layer results in the 

spatial expanding of the electrochemical reaction zone along the electrode/gas and 

electrode/electrolyte interfaces, thus reducing electrode overpotentials. As noted above, the 

electrode reaction path and rate may directly depend on the ionic conductivity ( O) of the electrode 

materials, which influences the kinetics and relative role of adsorption/desorption, charge and mass 

transfer at the electrode surface and in the bulk, and also the processes at electrolyte surface. 

However, no linear correlations between the ionic conductivity in the electrode material and 

specific electrocatalytic properties of porous electrode layers often observed [146,147].  

Cathodes 

For mixed-conducting cathode layers, at least three competitive reaction paths for oxygen 

reduction, including diffusion in pores with subsequent discharge at TPB, oxygen transport through 

the electrode bulk and along the electrode surface, may take place (Fig.1.6). Due to complexity of 

these processes, numerous models [17,32,64,76,77,79,81-85,87,89,94-100,106,108,109,112,113] 

were developed but had quite a limited applicability. Nonetheless, these models make it possible to 

understand particular aspects of the cathode reaction and, often, to predict the materials behavior. 

Among relevant examples, one should mention the continuum mass-transport model [97] to 

describe the competition between the surface and bulk pathways, predicting a critical role of the 

vacancy concentration. The results seem in a good agreement with experimental data on La1-
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xSrxMnO3-  (LSM) cathodes [148]. The numerical finite element calculations showed that the 

reaction path including the oxygen ion transport through the bulk of a conventional mixed 

conductors, in favor of the surface diffusion, is rather unlikely [81,82]. In particular, the current 

density was found to be distributed essentially along the TPB, with the polarization resistance 

being almost proportional to the reciprocal TPB length. The level of ionic conductivity, which can 

be achieved for the common cathodes, seems insufficient for essential spatial expansion of the 

electrochemically-active zone into the electrode/electrolyte interface [81,82]. An opposite situation 

may however be observed. In the case of significant role of the oxygen exchange limitations at the 

electrode surface, the reaction zone may expand into the entire electrode/electrolyte interface 

[81,82]. For instance, for porous La0.6Ca0.4Fe0.8Co0.2O3-  | Ce0.9Sm0.1O2-  cathode possessing a high 

level of ionic conductivity, the electrode kinetics is influenced by both surface exchange rate and 

the solid-state oxygen diffusion [79]. For the materials characterized by fast oxygen ion transport in 

the lattice, such as (La,Sr)(Co,Ni)O3-  or (La,Sr or Ca)(Co,Fe)O3-  [79,92], the oxygen penetration 

depth into the electrode grain may reach several microns [79]. The thickness of the 

electrochemically-active layer of a porous mixed-conducting cathode typically decreases with 

increasing rate of the surface reaction and with decreasing bulk transport of ionic or electronic 

defects [77]. The surface-exchange and tracer diffusion coefficients for a number of promising 

cathode materials are summarized in Refs.[149,150]. 

A comparative study of the oxygen reduction reactions on porous La0.82Sr0.18MnO3 and 

La0.6Sr0.4Co0.2Fe0.8O3 electrodes at 973-1173 K in air showed that for the manganite cathode, with a 

lower ionic conductivity, the reaction is controlled by the oxygen dissociative adsorption and 

surface diffusion at reduced temperatures, and by the oxygen ion migration into zirconia electrolyte 

at higher temperatures [17]. Both the surface and bulk diffusion processes provide significant 

contributions to the overall reaction kinetics on (La,Sr)(Co,Fe)O3 electrodes [17]. At 873 K, 

La0.8Sr0.2Co0.8Fe0.2O3 and LaFe0.5Ni0.5O3 materials having the higher oxygen ion mobility than the 

manganite-based cathodes, showed sufficiently high performance in contact with Ce0.8Gd0.2O2-

electrolyte [43]. The electrochemical activity as a function of transport properties of the cathode 

material is discussed using the examples of Pt, Au, Ag, La0.8Sr0.2MnO3 and La0.84Sr0.16CoO3 in 

contact with 20 mol% Sm- or Gd-doped ceria electrolyte [96], and Pt, (La0.6Sr0.4)0.9MnO3,

(La,Sr)CoO3, Sm0.6Sr0.4CoO3, La0.6Sr0.4FeO3 and La0.75Sr0.25CrO3 electrodes applied onto 

La0.9Sr0.1Ga0.8Mg0.2O3-  [29]. In agreement with other works (Chapter 1.5.1), better performance is 

observed for the electrodes exhibiting a faster ion transport. For example, the overpotentials of the 

cobaltite cathode were found about 6 times lower than those of manganite, at 973 K [96]. 

The electrochemical characteristics of La0.81Sr0.09MnO3 and La0.6Sr0.4CoO3 electrodes of 

various microstructures were studied in contact with YSZ or samaria-doped ceria electrolytes 
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[94,150]; a large surface area and a high ionic conductivity of the cathodes promote oxygen 

reduction. The gas/electrode interfacial processes are especially important for the cobaltite-based 

electrodes [27,151].  

At temperatures blow 1073 K, the rate-determining steps for oxygen reduction on La1-

xSrxBO3 (B = Cr, Mn, Fe, Co) layers, sputtered onto YSZ ceramics, were identified as the charge-

transfer process for the cobaltites, the dissociation of oxygen molecules on the surface of ferrites 

and manganites, and oxygen diffusion along the surface of (La,Sr)CrO3 electrode [88]. The 

performance of the sputtered electrodes at fixed x increases in the sequence Cr < Fe < Mn < Co. 

The high cathodic activity of (La,Sr)CoO3 films was attributed to a large effective reaction zone 

due to the high oxygen ionic conductivity and catalytic activity of the electrode material, while the 

poor electrode properties of chromite were suggested to result from the low oxygen ion diffusivity 

[88]. Note that the activity of LaBO3 towards the oxygen evolution reaction in liquid electrolytes 

may be related to the electronic configuration of B-site cations [152]. 

A dense La0.63Sr0.27MnO3 layer applied onto the YSZ electrolyte was used to clarify the 

effects of oxygen ionic and electronic conductivities of the cathode material on the oxygen 

reduction kinetics [83]. The results were found quite different from those obtained forsimilar 

cathodes with other microstructures (Table 1.4). The polarization of porous (La,Sr)MnO3 cathodes 

was drastically reduced by Sr doping, which has no essential effect in the case of dense electrode 

layers [153]. This confirms that oxygen reduction on the cathodes with rather low ionic 

conductivity is limited by the surface rather than bulk transport. The adsorption/desorption kinetics 

was found dominating the oxygen reduction on both La0.6Sr0.4CoO3 [94] and Sm0.5Sr0.5CoO3 [113] 

dense cathodes. At the same time, the latter material has a higher ionic conductivity, and exhibits 

smaller overpotentials. The electrode resistance of porous (La,Sr)CoO3 layers decreases with 

increasing vacancy diffusion coefficient [112]. 

One should note that the ionic conductivity in the cathode layer is affected by both p(O2)

and overpotential, as it was mentioned in Chapter 1.4.1. This complicates theoretical studies of the 

ionic transport effects on the cathode performance and their experimental validation. Moreover, the 

processes of surface exchange and charge transfer reactions, occurring at the gas/cathode and 

cathode/electrolyte interfaces respectively, are often inter-correlated. This is due to the well-known 

correlation between bulk ionic conductivity and surface exchange parameters [150], and to the 

effects of ionic charge carrier concentration on the interfacial exchange rate. The nature of contact 

between the mixed conductor and electrolyte is also of key importance [77], particularly, when 

blocking layers may form. In other words, the reaction kinetics is determined by both bulk and 

interface properties of the cell components, both electrode and electrolyte, and their interaction. For 

instance, the results on La1-xSrxMnO3  | YSZ cathodes with x = 0.1-0.4 at 973-1273 K and oxygen 
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pressures of 10-5-1 atm [154] suggest no unambiguous relation of their electrochemical activity and 

equilibrium nonstoichiometry probably as a result of different fabrication methods and firing 

temperatures varying from 1473 to 1673 K. 

Anodes 

The conventional anode materials for SOFCs are the cermets of electronically conducting 

Ni and ionically conducting YSZ; the latter is added into electrode layer to prevent sintering of Ni 

particles, to elongate the electrochemical reaction zone, to match the thermal expansion, and to 

increase stability with respect to redox cycling. For example, no significant sintering of yttria-

stabilized zirconia was observed in Ni-YSZ anodes after 4000 h at 1273 K [155]. Note however, 

that it is often difficult to separate the effects caused by enhanced ionic conductivity, improved 

electrical contacts between the metallic grains and the changes in catalytic behavior caused by such 

additions.  

Stabilized zirconia was suggested to play an important role in the formation of well-

developed microstructure of Ni-based anodes and to improve the fuel oxidation kinetics, without 

essential influence on the reaction mechanism [123,133]. The extension of electrochemically active 

zone, up to 10-20 μm from the electrolyte surface at 1273 K, relates presumably to the conductivity 

of YSZ network [104,156]. The enhanced oxygen supply at the anode side should promote water 

decomposition by trapping H atoms at the surface to produce hydroxyle radicals [105]. The high-

frequency response in the impedance spectra of these anodes was attributed to the charge-transfer 

process from Ni to YSZ in combination with the ionic resistivity of YSZ grains [156]. The use of 

Zr0.94Y0.06O2 instead of Zr0.85Y0.15O2 (Fig.1.7) slightly decreases polarization of Ni-YSZ cermets 

with comparable microstructures [157], despite the lower ionic conductivity of partially-stabilized 

zirconia. 

Incorporation of catalytically-active pure or partially substituted ceria was proved to 

enhance the performance of conventional anode cermets [8,19,20,43,157-161]. The use of doped 

cerium dioxide, having a significant mixed ionic-electronic conductivity under reducing conditions 

[43], might be even advantageous with respect to undoped CeO2-  [157]. As for Ni-stabilized 

zirconia anodes, the cermets comprising doped ceria show improved performance compared to the 

pure nickel, at least due to a reduced diffusion overpotential, which results from the enhanced 

effective electrode area [19].  

Despite the higher ionic and electronic conductivity (Fig.1.4), the polarization resistance of 

Ni-CGO anodes was found, however, higher than that of Ni-YSZ cermets with the same volume 

fraction of nickel, 40 vol% [162], probably due to the insufficient thermomechanical stability of the 

former materials. The likely reason relates to extensive volume changes caused by the oxygen 
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partial pressure or current variations; excessively large concentrations of ceria-based components 

in the cermets may, therefore, have an unfavorable effect. On the contrary, stabilized zirconia 

possesses essentially constant oxygen stoichiometry and, hence, volume under the anode operation 

conditions, but insufficient ionic conductivity in the intermediate-temperature range.  
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Although the ceria-based oxides might be, in principle, used as anode materials without 

any metallic component [159], the presence of metallic phase seems still necessary to maintain a 

sufficient level of the electronic transport. Note that, even under strongly reducing conditions, the 

total electrical conductivity of doped cerium dioxide is several orders of magnitude lower than that 

of Ni. As a result, the performance of ceria-based anode layers is usually worse if compared to the 

cermets containing the same oxides [162]. The incorporation of even small amounts (1-3 wt%) of 

dispersed Ni on the surface of mixed-conducting anodes enhances the electrode performance [162]. 

A comparative study of Ni - Zr0.85Y0.15O1.93, Ni - Ce0.9Gd0.1O1.95, Ce0.6Gd0.4O1.8,

La0.75Sr0.25Cr0.97V0.03O3-  and Zr0.71Y0.12Ti0.17O1.94, all having different levels of oxygen ion 

conduction, was reported [162]. For the mixed-conducting oxide anodes, the higher ionic 

conductivity decreases the total electrode polarization resistance. A similar correlation between the 

ionic conductivity in the cermet layers made of 5 wt% Ni - Ce0.8Sm0.2O2- , Ni -Ce0.8Gd0.2O2- , Ni -

Nd0.9Ca0.1Ga0.9Co0.1O3- , Ni -La0.9Sr0.1Ga0.8Mg0.115Co0.085O3- , Ni -Gd2Ti2O7 and pure Ni, and their 

anodic overpotential was found in Ref.[19]. In principle, further improvement of the electrode 

activity could be expected from replacement of YSZ, playing a stabilizing role with respect to 

redox cycling and Ni sintering under the anode operation conditions, with alternative materials 

having a higher electrocatalytic activity and/or ionic conductivity. 
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1.4.4. Effects of solid electrolyte surface 

The ionic and electronic conductivities of the solid electrolyte material are relevant not 

only to the ohmic losses and leakage current of the cell, respectively. The electrolyte properties 

have also a strong influence on the electrochemical processes (see, e.g. [163-165]). As a general 

rule, the electrode polarization resistance increases with the electrolyte total resistance 

[20,76,163,165-167]; several typical examples are given in Fig.1.8. This relationship was 

theoretically explained by the non-uniform electrode theory [76] with locally variable R  due to 

discrete contacts of electrode assembled with the electrolyte surface. The effect of the ionic current 

distribution at the electrolyte surface on the population of active sites for oxygen incorporation was 

mentioned in Ref.[168].  

Whatever the current distribution, the overall exchange rate is a function of the oxygen-

vacancy and electron concentrations and mobilities at the electrolyte surface, depending on the 

electrolyte composition, oxygen pressure and temperature. As mentioned above, all solid 

electrolytes possess some electronic conductivity, the type and level of which at the surface should 

be sensitive to the overpotential. Therefore, the concentration of electrons or electron holes at the 

surface layers of solid electrolyte may substantially differ from that in the material bulk [169]. The 

same statement is true for the vacancies since oxygen molecules adsorb from the gas phase at the 

solid electrolyte surface directly filling vacant sites or through the intermediate complex (O, OV )

(see [167] and references cited). Nevertheless, the surface and bulk charge-carrier concentrations 

are expected to correlate. 

The oxygen ionic conductivity of the electrolyte was shown to affect the electrode kinetics 

of various metallic cathodes, although for zirconia-based materials with relatively similar 

properties these differences are found insignificant [65]. The latter observation contradicts, 

however, to the data of other authors (e.g. [20,76,163]). Minor (0.03 mol%) doping of 

(La,Sr)(Ga,Mg)O3 material with iron, increasing ionic and electronic transport, leads to lower 

ohmic losses and anode overpotentials [164]. 10 mol% doping of YSZ solid electrolyte with 

variable-valence cations, such as Pr, Mn, Fe and Co, decreases the cathodic polarization of 

platinum layers 2-10 times with respect to pure YSZ at 1073 K; cobalt incorporation is most 

effective [170]. This behavior can be attributed, at least partly, to the spreading of the electrode 

reaction zone due to the enhanced electronic conductivity of the electrolyte surface [170]. 

A direct correlation between the ionic conductivity of the electrolyte material and the 

cathode polarization resistance was revealed for metallic electrodes in contact with stabilized 

zirconia, doped thoria and ceria electrolytes ([169] and references cited) and for the mixed-

conducting Ln0.7Sr0.3Co0.7Fe0.3O3-  applied onto the Bi1.5Y0.5O3, BaCe0.8Gd0.2O3, Ce0.9Sr0.1O2 and 

YSZ electrolytes [165]. Such behavior was explained in terms of rate-determining charge transfer 
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process at the electrode/electrolyte interface [165], and in terms of electrocatalytic properties of the 

electrolyte surface [169]. The influence of ionic conductivity in zirconia solid electrolytes doped 

with ytterbia or yttria, on the polarization characteristics of Pt or La0.85Sr0.15MnO3 cathodes was 

studied in [163]. The exchange current density was found to increase proportionally to the ionic 

conductivity of the solid electrolyte material, at least below 1173 K; the transport of O2- ions at the 

electrode/electrolyte interface was suggested to dominate the cathode performance when the 

exchange at the surface is sufficiently fast [163]. A similar behavior was observed by the same 

authors [20] for Ce0.8Sm0.2O2-based anodes applied onto Sc-, Yb- and Y-stabilized zirconia 

electrolytes with different levels of ionic conductivity, in H2O-H2 atmospheres. 

The surface oxygen exchange coefficients of the doped ceria are higher than those of 

zirconia ceramics [150] At 1073 K, the polarization resistances of La0.6Sr0.4MnO3±  cathode and Ni-

YSZ (20-80 wt%) anode were reduced by a factor of 3-21 and 6-150, respectively, by using doped 

ceria electrolyte or ceria-containing composite [166]. Qualitatively similar results were obtained for 

the layered cells of ceria-based electrolyte with YSZ protective layer at the fuel side [167].  
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Fig.1.8.  Polarization resistance [163] and exchange current density [76] of metallic and oxide electrodes vs.

electrolyte resistivity controlled by the Ln3+ doping in (Zr,Ln)O2.

The effects of electrolyte composition on the electrode performance may also originate 

from the materials chemical interaction, resulting in the formation of ionically-insulating phases 

limiting oxygen transfer [112,146]. One classical example is related to the (La,Sr)BO3-  (B = Mn, 

Fe, Co) perovskites reacting with YSZ to form lanthanum and strontium zirconates [89,111,112]. 
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No blocking layers are expected in the case of doped ceria [146] where, however, the cation 

interdiffusion decreases ionic conductivity of the electrolyte surface [43]. The diffusion of 

transition metal cations increases electronic and, for LSGM, ionic conductivities, promoting 

oxygen exchange; a similar influence is often observed when Ba2+ is incorporated into the 

lanthanum gallate lattice [112,164,168,170,172]. The latter trend explains high performance of 

(La,Ba)CoO3-  cathodes in contact with Co-substituted (La,Sr)(Ga,Mg)O3 [173]. Note that a 

relatively high performance of Pr0.8Sr0.2CoO3-  cathodes on Ce0.9Gd0.1O2-  at 973-1173 K, which 

was up to 2-4 times lower than in contact with YSZ, can also be partly ascribed to a negligible 

interaction in the former case [174]. Finally, the electrode performance is often influenced by 

impurities on the electrolyte surface. The results of 16O/18O exchange [175] suggest that the surface 

oxygen exchange of YSZ decreases linearly with the increasing content of impurity oxides, 

particularly SiO2, CaO and Na2O, accumulated at the outermost surface layer. 

1.4.5. Effect of current collection 

The influence of current path constrictions on the ohmic and overpotential losses was 

clearly demonstrated using Pt mesh current collectors of different geometric spacing [78]. Both 

types of polarizations increase on decreasing contact area [78]. This dependence is influenced by 

the electrode microstructure and the current collector properties [78]. Assuming that the mean 

conduction path from current collector through the cathode layer to the solid electrolyte is 1/6 of 

the distance between neighboring Pt wires, the in-plain resistance of the cathode layer, Rc, can be 

estimated as [76]: 

c
c

c c
R

12N
 (1.50) 

where c is the specific resistivity of a porous cathode layer, Nc is the number of square grids per 

unit area of cathode, and c is the cathode thickness. A small effective electrode area and 

inhomogeneous current distribution is expected for the electrodes with an insufficiently large 

number of three-phase contacts either with electrolyte or with current collector, resulting in a 

smaller in-plain electrode resistance and a higher ohmic loss in the electrolyte [78]. These 

situations are schematically illustrated in Fig.1.9. Higher conductivity of the electrode layer makes 

it possible to use rarefied current collector. 

In the case of relatively thick porous electrodes, the electrode layer itself can effectively 

collect the current [80]. Increasing the thickness above a critical limit leads however to higher 

electrode polarization, while the ohmic losses (primarily due to the electrolyte resistivity) tend to a 

plateau [78]. Therefore, an optimized microstructure comprising one ultra-thin mixed conductor 

layer covered by a porous current-collecting layer of coarse grains was suggested for the IT SOFC 
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cathodes [80]. The electronic conductivity of the mixed-conducting layer should be higher than 1 

S/cm [80].  

Fig.1.9.  Schematic drawing of current distributions in the electrolyte, depending on the cathode 

microstructure and current collector geometry [78]. The flow of oxygen ions is shown by arrows. 

Effects of the contact area between Pr0.80Sr0.2MnO3±  cathode, Pt or Ag meshes or Ag foils 

were assessed in Ref.[176]. Although the influence of a current collecting material was not 

considered, increasing the contact area from 4.6 to 27.2 % decreased the cell resistance by 7.5 

times, and increased the power density by 4 times. In agreement with earlier work [78], the 

constriction effect was suggested due to discrete contacts between the electrode and current 

collector; the contact area affected both ohmic resistance and overpotential [176]. The polarization 

resistance of dense In2O3 electrodes decreased after deposition of Pt on the surface instead of using 

one Pt wire [177], probably owing to similar reasons. 

Another necessary comment is that volatilization of current collector components may lead 

to the electrode degradation, particularly due to partial blocking of surface and TPB. This has a 

critical importance for the cells with oxidation-resistant alloys containing chromium, which tends 

to volatilize in the form of oxide- and oxy-hydroxide compounds [178,179]. 
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1.5. Electrode materials for IT SOFCs  
Despite the effects of electrode microstructure, cell fabrication conditions and solid 

electrolyte surface, the electrode performance is still dominated, first of all, by the properties of 

electrode materials determined by their chemical composition and structure. In the next Chapters, 

the materials relevant for the practical applications due to adequate electrochemical activity, 

conductivity and stability under the operation conditions are mainly considered. Fig.1.10 compares 

the total conductivity levels in several perovskite-related phases, representative for the 

corresponding groups of electrode materials. 
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1.5.1. Cathodes 

1.5.1.1. Manganites 

Perovskite-type manganites (Ln,A)MnO3±  (Ln = lanthanoid or Y; A = Ca, Sr, Ba, Pb, Cd) 

possess a substantial level of the electronic conductivity and thermal expansion compatible with 

stabilized zirconia electrolytes [146,180], making them attractive as cathodes for high-temperature 

cells. In fact, lanthanum-strontium manganites are state-of-the-art cathode materials of SOFCs 

operating at 1173-1273 K. 

Formation of perovskite-like LnMnO3±  phases was established for all the Ln-Mn-O 

systems, except for Ln = Ce ([146] and cited references). Ilmenite-type LnMn2O5 are stable in air 

up to 1370 K for Ln = Nd, Sm, Eu, Gd, Tb, Dy, Ho, and up to 1270 K for Ln = Er, Yb, Lu, Y. Only 

the perovskite-type solid solutions with a relatively large range of oxygen stoichiometry and A:B 
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cation ratio variations are known to exist under oxidizing conditions in the La2O3-MnOx system. 

Doping of LnMnO3+  with divalent metal cations (Ca, Sr, Ba, Pb) leads to increasing Mn4+

concentration, which determines the electrical and magnetic properties of the manganites [146,181-

183]. The solubility limit of Ca, Sr, Ba and Pb in the perovskite lattice of Ln1-xAxMnO3-  (Ln = La, 

Pr, Nd, Sm, Gd) corresponds to x varying from 0.4 to 0.7 [146,182,184,185]. Ln0.6Sr0.4MnO3-

(Ln = Y, Yb) were also reported as single perovskite-type phases [186]. Ce1-xSrxMnO3 perovskites 

were obtained at x = 0.1-0.3 [187]. When the alkaline-earth dopant concentration in Ln1-xAxMnO3-

is low, 0-20 mol%, A-site substoichiometry increases the stability of perovskite crystal lattice, 

while the rare-earth oxide may isolate from the nominally cation-stoichiometric compositions 

([188,189] and references cited). (Ln,A)2MnO4 with K2NiF4-type structure may form after 

reduction of the respective perovskites [146,190]. One possible exception relates to (1.2<x<1.5), 

which can be synthesized via annealing in air at 1623 K [190]. 

The perovskite manganites possess predominantly electronic and rather negligible oxygen-

ionic conductivity; their transport properties and electrode activity of manganite perovskites is 

strongly dependent on the nonstoichiometry. The electrocatalytic effect under high cathodic 

polarization is usually attributed to the additional oxygen vacancy generation at the electrode 

surface [87,148,191]. The La1-xSrxMnO3±  phases are characterized by oxygen-hyperstoichiometry 

of 0.02-0.11 at x = 0-0.2 in air below 1273 K [146,154]. Electronic conduction in LnMnO3+ ,

typically occurring via hole hopping, increases with Ln3+ cation radius [146]. 

The electrical conductivity and Seebeck coefficients of the Ln1-xAxMnO3±  solid solutions 

at moderate A2+ concentrations increase with x, in a good correlation with the fraction of Mn4+ ions 

[146,147,182,183]; typical trends are illustrated by Figs.1.11 and 1.12. The maximum conductivity, 

corresponding to the x values of 0.2-0.5, shifts towards lower dopant concentrations on heating. 

Further increase in x leads to decreasing conductivity, which is associated with decreasing mobility 

of the electronic charge carriers and in some cases an apparent transition from p- to n-type and/or 

secondary phase segregation [146]. In the series Ln0.7Sr0.3MnO3±  (Ln = La, Pr, Nd, Sm and Gd), 

the highest conductivity corresponds to Nd0.7Sr0.3MnO3±  above 760 K and to Pr0.7Sr0.3MnO3±  at 

lower temperatures [181]. 

A summary of the average thermal expansion coefficients of manganite ceramics is given 

in Table 1.6. Notice that both the TEC and electrical conductivity values are often influenced by 

the sample pre-history [146,180]. Decreasing rare-earth cation radii in Ln1-xAxMnO3±  (at fixed A2+

concentration) suppresses the lattice expansion on heating. For the solid solutions with the 

maximum conductivity, the TECs are sufficiently close to those of stabilized zirconia electrolytes 

(Tables 1.3 and 1.6). An optimum TEC compatibility of Ln1-xSrxMnO3±  with stabilized zirconia 
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electrolytes increases from x = 0.1-0.15 for Ln = La, and to x = 0.3-0.5 for Gd-containing 

manganites [181].  

Table 1.6 

Average linear thermal expansion coefficients  of manganite ceramics in air 

[43,63,146,147,181-183,186,192,199,204] 

Composition T, K 106, K-1  Composition T, K 106, K-1

La0.99MnO3 300-1370 11.2  Pr0.80Sr0.20MnO3 300-1270 9.6 

La0.94Sr0.05MnO3 300-1370 11.7   300-1270 10.1 

La0.89Sr0.10MnO3 300-1370 12.0  Pr0.75Sr0.25MnO3 300-1170 10.2 

La0.79Sr0.20MnO3 300-1370 12.4  Pr0.70Sr0.30MnO3 300-1270 10.6 

 300-1270 11.1   300-1070 11.1 

La0.69Sr0.30MnO3 300-1370 12.8  Pr0.65Sr0.30MnO3 300-1270 11.6 

La0.65Sr0.30MnO3 300-1270 12.3  Pr0.60Sr0.40MnO3 570-1270 12.0 

La0.69Sr0.30MnO3 300-1270 12.0   300-1270 11.6 

La0.50Sr0.40MnO3 300-1100 11.3  Pr0.50Sr0.50MnO3 300-1270 12.2 

La0.50Sr0.30MnO3 300-1100 12.3  Pr0.70Ca0.30MnO3 570-1270 11.9 

La0.30Sr0.50MnO3* 300-1100 11.9  Nd0.80Sr0.20MnO3 300-1270 9.6 

LaMnO3 320-580 7.7  Nd0.75Sr0.25MnO3 300-1170 10.7 

 580-1100 11.8  Nd0.70Sr0.30MnO3 300-1270 10.3 

La0.90Sr0.10MnO3 300-1270 9.9   300-1070 11.1 

La0.80Sr0.20MnO3 300-1270 11.2  Nd0.65Sr0.30MnO3 300-1270 9.7 

 340-540 7.7  Nd0.60Sr0.40MnO3 300-1270 11.2 

La0.70Sr0.30MnO3 300-1270 11.7  Nd0.50Sr0.50MnO3 300-1270 12.1 

La0.60Sr0.40MnO3 570-1270 13.0  Nd0.50Ca0.50MnO3 500-1200 11.3 

 320-1100 11.7  Sm0.70Sr0.30MnO3 300-1270 9.9 

 300-1100 11.3  Sm0.60Sr0.40MnO3 300-1270 10.4 

 300-1270 12.0  Sm0.50Sr0.50MnO3 300-1270 11.4 

La0.50Sr0.50MnO3 300-1100 12.1  Gd0.80Sr0.20MnO3 300-1270 3.8 

 300-1270 12.2  Gd0.70Sr0.30MnO3 300-1270 9.5 

 320-1100 12.3  Gd0.65Sr0.30MnO3 300-1270 9.9 

La0.80Ca0.20MnO3 320-520 6.3  Gd0.60Sr0.40MnO3 300-1270 10.2 

 550-1050 10.6  Gd0.50Sr0.50MnO3 300-1270 10.9 

La0.60Ca0.40MnO3 350-1050 9.3  Gd0.50Ca0.50MnO3 300-1070 10.0 

La0.50Ca0.50MnO3 350-1050 10.7  Yb0.50Ca0.50MnO3 300-1100 10.2 

La0.60Pb0.40MnO3 550-1100 9.2  Y0.50Ca0.50MnO3 450-670 3.0 

La0.50Pb0.50MnO3 300-1100 10.4   670-1100 9.1 

*manganese oxide phase impurities 
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The acceptor-type doping into the A-site of LaMnO3+  substantially reduces the cathodic 

polarization, Figs.1.11 and 1.12. Dependencies of the electrode polarization resistances and 

overpotentials of Ln1-xAxMnO3±  on the alkaline-earth cation concentration exhibit a minimum at 

x = 0.3-0.7 at 1073-1273 K, which shifts, in general, to lower dopant concentrations when 

temperature or A-site cation radius increases. The most widely used cathodes of SOFC are, 

however, (La1-xSrx)1-yMnO3±  with x = 0.10-0.30 and y = 0-0.20 due to a better thermal expansion 

matching with YSZ (Tables 1.3 and 1.6). Introducing deficiency in A-sublattice of manganites 

increases their cathode performance [146,147,188,189,193], a result of suppressed chemical 

reactivity with zirconia electrolytehigher vacancy content, and, often, faster ionic conduction in the 

electrode material. The latter seems less important, since the electrochemical properties of 

manganite-based electrode layers are weakly dependent on oxygen ion transport [147]. The 

minimum overpotentials correlate usually with the values of total electrical conductivity, Figs.1.11 

and 1.12. 

0.0 0.2 0.4 0.6

1200

1350

1500

1650

SrZrO
3

no reaction

La
2
Zr

2
O

7

+
SrZrO

3

La
2
Zr

2
O

7

T
, K

x in La
1-x

Sr
x
MnO

3

0.1 0.3 0.5 0.7 0.9
0

100

200

300

i = -100 mA cm-2

-
, m

V

x in La
1-x

Sr
x
MnO

3

T = 1073 K
T = 1273 K

0.5

1.0

1.5

2.0

lo
g

 (
S

/c
m

)

Fig.1.11.  Approximate temperatures corresponding to the start of extensive interaction between La1-

xSrxMnO3 and ZrO2, forming La2Zr2O7 or SrZrO3 (left) [194]. Cathodic overpotentials [17,88,185,186] and 

conductivities in air [185] of La1-xSrxMnO3 (right).  

One of the most important factors determining the performance of Ln1-xAxMnO3±

manganite cathode layers is their interaction with zirconia ceramics during the cell fabrication and 

operation, resulting in the formation of AZrO3-based perovskite and Ln2Zr2O7 pyrochlore layers. 

This increases both the ohmic losses due to the low conductivity of the products, and the 

polarization losses due to blocking of oxygen transfer [194]. In the LaMnO3-YSZ system, La2Zr2O7

starts to form already at 1170 K, Fig.1.11 (left). As an example, annealing the cells with La1-

xAxMnO3±  (A = Ca and Sr, x = 0.0-1.0) electrode layers and YSZ electrolyte at 1473 K resulted in 



Part 1: Literature review 
_______________________________________________________________________________________ 

45

higher overpotentials [185]. The porous La0.85Sr0.15MnO3-  electrode fired at 1573 K onto the YSZ 

surface, showed a worse electrochemical activity compared to cathodes sintered at 1373 and 1473 

K [89]. The polarization resistance of La0.8Sr0.2MnO3 | YSZ cathode measured at 1073-1273 K, was 

increased by a factor of 14-25 with increasing fabrication temperature from 1623 to 1773 K [109]. 

The La0.6Pb0.4MnO3-  cathode showed a better performance compared to La0.6Sr0.4MnO3- , partly 

due to decreased interaction with the electrolyte [146,147,182,196].  

Fig.1.12.  Cathodic overpotentials (left) and total conductivities in air (right) of selected Ln1-xAxMnO3 [184-

186,192,199].  

For the Ln1-xSrxMnO3±  (Ln = La, Pr, Nd, Sm and Gd) perovskites, the reactivity with YSZ 

to form Ln2Zr2O7 pyrochlore phase is lower for the compositions having a smaller lanthanoid 

radius [181]. This results from decresing stability of rare-earth zirconate pyrochlores with respect 

to the corresponding fluorite structures. The reactivity of Pr0.6Sr0.4MnO3-  with YSZ was found 

much smaller compared to the La0.6Sr0.4MnO3 material, being negligible up to 1373 K [186]. At 

temperatures up to 1573 K, Nd1-xSrxMnO3±  (x = 0.1-0.4) seems the least reactive with zirconia in 

terms of both Ln2Zr2O7 and SrZrO3 formation [181]. Except for (Gd,Sr)MnO3 systems, 30 mol% 

Sr-doped Ln1-xSrxMnO3±  were found the most stable in contact with YSZ [181,194]. For the Gd1-

xAxMnO3±  (A = Ca and Sr) compositions with x = 0-0.8, no reaction occurred after annealing at 

1273 K for 96 h. The separation of Gd2Zr2O7 and Mn3O4 phases was indicated by XRD at 1373 and 

1473 K, respectively; the formation of AZrO3 was identified within all temperature range, 1373-

1673 K [184]. The Ca-doped compositions were reported [184] to be more chemically stable in 

contact with zirconia, which contradicts to the data on La1-xAxMnO3±  [185]. 
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The formation of blocking layers is closely related to the catio stoichiometry, being 

favorable for the A-site stoichiometric and Mn-deficient electrodes [189,191,197]. A significant A-

site deficiency may inhibit this topotactic reaction [111,189,198]. Under the cell operating 

conditions, the zirconate formation can also be suppressed due to reducing oxygen activity at the 

cathode side, which may lead to dissociation and re-dissolution of the blocking layers [189,195]. 

The electrochemical performance of Sr- and Ca-doped rare-earth manganites is quite 

similar [184,185]. In the La1-xAxMnO3±  (A = Ca, Sr, x = 0.0-1.0) series, La0.5Sr0.5MnO3-  and 

La0.7Ca0.3MnO3 show the highest conductivities at 1273 K, whereas the best cathodic properties 

were found at x  = 0.3-0.7 for Sr- and x = 0.5-0.7 for Ca-substituted compositions [185]. 

Analogously, maximum conductivity and electrochemical activity in Ln0.6Sr0.4MnO3-  and Pr1-

xSrxMnO3±  systems was found for Pr0.6Sr0.4MnO3-  [186]. A correlation between electrochemical 

properties and total electrical conductivity, which can be observed until the chemical interaction 

with zirconia deteriorated the performance, suggests that the surface concentration of electronic 

charge carriers and/or Mn4+ states affect electrocatalytic activity towards oxygen reduction [185]. 

Whatever the role of electronic defects, the cathodic performance can be clearly improved 

incorporating variable-valence Pr4+/3+; typical examples relate to Pr0.6Sr0.4MnO3-  [186] and 

Pr0.7Ca0.3MnO3-  [199] exhibiting superior properties.  

Fig.1.13.  Cathodic overpotentials of porous Ln0.6Sr0.4MnO3 | YSZ electrodes [184-186] as function of the 

ionic radius of Ln3+ cations in 8-fold coordination (left), and overpotential-current dependencies of 

O2,(Ln,Sr)(Mn,M) | YSZ half-cells fabricated with and without sintering aids [146,196,200,201,203] (right).  

For long-term annealing at 1473 K, Ca-doped compositions appear more reactive with 

zirconia than Sr-substituted manganites [185], probably due to increasing thermodynamic stability 

of the perovskite phases when tolerance factor increases. On the other hand, detection of the trace 
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amaounts of zirconates is often difficult, which leasds to numerous contradictions in the 

experimental data. As an example, the cathodic polarization curves of Ln0.7Sr0.3MnO3-  (Ln = La, 

Pr, Nd, Sm and Gd) at 1273 K were reported essentially identical for all compositions within the 

limits of experimental uncertainty [181], which is contrary to the results [186], Fig.1.13. To avoid 

the interaction between the perovskite and zirconia phases the electrode sintering temperature and 

time should be minimized. This can be achieved using various sintering aids. Additions of small 

amounts of CuO, Bi2O3 or Bi2CuO4 to the manganite ceramics improve both the sinterability and 

electrical conductivity and often enhance electrochemical activity [146,147,182,196,200,201].  

Partial substitution of manganese with other elements enables significant variations in the 

conductivity, thermal expansion and oxygen permeability of (La,Sr)(Mn,M)O3-  (M = Ti, Fe, Co, 

Ni, Cu, Al) ceramics, and in the electrochemical activity of manganite-based electrodes 

[146,147,180,200-202]. The performance of La0.6Sr0.4Mn1-xMxO3-  layers applied onto YSZ 

increases with the incorporation of moderate amounts of the transition metal cations into the B 

sublattice, although, again, no direct correlation between the oxygen ion transport through the 

ceramic material and the electrochemical activity of the corresponding porous electrode could be 

identified. The electrical conductivity of the La0.6Sr0.4Mn1-xFexO3-  (x = 0-0.5) solid solutions 

decreases with iron additions, while the electrochemical properties remain essentially unchanged. 

The electronic conductivity of LaMn1-xNixO3±  (x = 0-0.5) and La0.6Sr0.4Mn1-xNixO3-  (x = 0-0.4) 

monotonically increases with x ([146,200] and cited references). Doping La0.6Sr0.4MnO3-  with iron 

or nickel drastically decreases the ionic conductivity [146], which might be ascribed to the 

formation of defect associates. Thermal expansion of the (La,Sr)Mn1-xMxO3-  (M = Fe, Ni) 

ceramics is essentially independent of the dopant concentration [146,200,201]. The substitution of 

nickel for manganese in the La0.6Sr0.4(Mn,Ni)O3-  perovskite-type solid solutions leads to a 

pronounced increase in the electrochemical activity of porous electrode layers, Fig.1.13. 

Aluminium doping of (La,Sr)MnO3±  decreases the reactivity with YSZ and total conductivity 

[202].Doping with cobalt leads to increasing conductivity and TECs of (Ln,M)Mn1-xCoxO3-

[146,203]. The substitution of Mn with up to 50 mol% Co in Gd0.8Sr0.2Mn1-yCoyO3-  and 

Gd0.7Ca0.3Mn1-yCoyO3-  was reported effective to improve the conductivity and cathodic properties 

in contact with YSZ, also preserving thermal expansion compatible with that of electrolyte 

ceramics [203]. However, although Gd1-xMxMn1-yCoyO3-  are less reactive compared to the La-

containing analogues [203], their relatively low performance (Fig.1.13) might result from the 

interaction with the electrolyte.  
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1.5.1.2. Ferrites  

The number of iron-containing phases stable in air and presenting an interest for the high-

temperature electrochemical applications, significantly exceeds that in manganite systems. The 

perovskite-type LnFeO3-  phases exist in air for Ln = La-Yb and Y [206]. LaFeO3-  is stable in air 

up to 2158 K [207]; A-site doping decreases the perovskite phase stability. The cubic perovskite 

lattice of SrFeO3-  transforms into oxygen vacancy-ordered SrFeO2.5+  brownmillerite at p(O2)<10-4

atm and T<1123 K [208], with intermediate SrnFenO3n-1 (n = 2, 4, 8) phases [209]. In Sr-Fe-O 

system, various intergrowth structures, including Sr3Fe2O6+  with a Ruddlesden-Popper structure, 

Sr4Fe6O13+ , SrFe12O19 are also formed [206,209]. Among the ferrite materials, the phases with 

disordered perovskite-like structure possess the highest level of the electronic and ionic 

conductivity [210]. Decreasing A-site cation radius may promote ordering processes in the 

perovskite lattice, having an unfavorable effect on the oxygen ion transport. La2-xSrxFeO4±  (x = 1-

1.4) materials adopt the K2NiF4-type structure over a wide range of oxygen stoichiometries up to 

1473 K in air and under reducing conditions [190,211]. The results of Mössbauer spectroscopy, 

iodometric titrations and structural analysis suggest that at ambient temperature, La2-xSrxFeO4 are 

oxygen-stoichiometric in air, while the Fe4+ fraction increases with x [211]. As for the manganites, 

the electrical conductivity of perovskite ferrites under oxidizing conditions is predominantly p-type 

electronic, occurring via a small-polaron hopping mechanism. The incorporation of divalent cations 

increases both the iron oxidation state and the oxygen vacancy concentration, typically enhancing 

mixed conductivity of (Ln,A)FeO3-  (Table 1.7). The La1-xSrxFeO3-  series exhibits a maximum in 

partial electronic and oxygen ionic conductivities for x = 0.5 in low-p(O2) regimes [212], while 

higher strontium content results in oxygen vacancy ordering and deterioration of transport 

properties. The La2-xSrxFeO4 ceramics shows maximum conductivity, 10-25 S/cm, at x = 1.2-1.3 

and 673-1273 K [190]. 

The materials of (La,Sr)FeO3-  system possess excessively high thermal and chemically-

induced expansion, incompatible with common solid electrolytes such as doped lanthanum gallate, 

ceria or stabilized zirconia. The lattice expansion can be considerably suppressed by partial 

substitution of iron with cations having a more stable oxidation state, which reduces oxygen 

nonstoichiometry variations with temperature and oxygen partial pressure. This can be achieved via 

isovalent doping, e.g. by Ga3+ or Al3+ [213-216], or the substitution with other transition metals 

such as chromium or titanium [210,217-220]. Contrary to perovskite ferrites, an essentially linear 

expansion behavior on heating was observed for both a and c unit cell parameters of the La2-

xSrxFeO4±  (x = 1-1.4) ceramics, masking Fe–O bond lengthening due to the changes in the Fe3+

fraction [211]. 



Part 1: Literature review 
_______________________________________________________________________________________ 

49

At 1673 K, the rate of La2Zr2O7 formation between YSZ and LaFeO3-  is much lower than 

for lanthanum manganite [202]. The incorporation of moderate amounts (up to 30 mol%) of Al3+

into the B-sites of La0.8Sr0.2FeO3-  further suppresses the interaction with zirconia and has no 

essential effect on the total electrical conductivity [202]. The Mn-substitutes ferrites were found 

most stable to the zirconate formation at 1273 K compared to (La0.6A0.4)1-xFe0.8M0.2O3-  (x = 0, 0.1; 

A = Sr, Ca; M = Cr, Co, Ni) perovskites, but tend to promote the cubic to monoclinic phase 

transition of zirconia on long annealing; doping with Co or Ni increases the reactivity [221,222]. 

The A-site substoichimetry enhances the stability of these perovskites in contact with YSZ. In the 

case of La1-xAxCo0.2Fe0.8O3-  (A = Sr, Ca; x = 0-0.5) interaction at 1373 K [223], formation of 

CoFe2O4 was detected in addition to (Sr,Ca)ZrO3 and La2Zr2O7 phases; for some compositions, 

monoclinic zirconia was also observed. XRD analysis of La0.8Sr0.2FeO3-YSZ reaction mixtures 

indicated no strontium or lanthanum zirconate formation even at 1673 K [224]. However, at 

temperatures higher than 1273 K, a significant shift in the perovskite diffraction peaks 

corresponding to a unit cell volume expansion, suggests the incorporation of Zr4+ cations; the latter 

results in lower electrical conductivity in the cathode layer [224]. The anode-supported SOFCs 

utilizing a La0.8Sr0.2FeO3-  cathode and YSZ electrolyte demonstrated an improved performance on 

the incorporation of a Sm-doped CeO2 layer between the cathode and YSZ electrolyte [224]. 

Increasing Sr content in La1-xSrxFeO3-  up to 50 mol% reduces cathode overpotentials in contact 

with YSZ solid electrolyte, Fig.1.14. 
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Fig.1.14.  Current dependence of cathodic 

overpotential of La1-xSrxFeO3 [88] and  

La1-xSrxFe0.8Co0.2O3 [17,43] electrodes in 

contact with YSZ and ceria-based 

electrolytes, respectively.  

Decreasing the SOFC operating temperature reduces oxygen vacancy concentration in 

oxide electrodes and the role of ionic conductivity increases significantly. One well-known 

example is the substitution of iron with cobalt, which increases ionic transport and reduces cathodic 
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overpotentials of (La,Sr)(Fe,Co)O3-  (LSFC), Fig.1.14. On the other hand, the apparent thermal 

exapansion also increases (Table 1.7). 

The La1-xSrxCo1-yFeyO3-  perovskites and their A-site deficient derivatives [225-228] are of 

special interest for cathode applications. As a rule, the p-type electronic transport in these phases 

increases on cobalt doping and with moderate Sr additions. On the creation of A-site vacancies in 

LaxSryFe0.8Co0.2O3-  (x = 0.4-0.6, y = 0.2-0.4), the conductivity and thermal expansion both 

decrease due to the charge compensation mechanism via increasing oxygen deficiency [228]; the 

hole transport increases with La/Sr ratio. For Ln0.8Sr0.2Fe0.8Co0.2O3-  (Ln = La-Gd) systems, 

decreasing the radius of rare-earth cation lead to a lower stability, limiting the solid solution 

formation ranges, and to reduced thermal expansion and total conductivity [229]. 

An optimum combination of transport and physicochemical properties in (La,Sr)(Fe,Co)O3-

 system is accepted for compositions close to La0.6Sr0.4Fe0.8Co0.2O3-  considered as promising for 

cathode applications in contact with ceria-based electrolytes. The ionic conductivity and 

electrochemical activity of LSFC increase with cobalt and strontium concentrations, but further 

doping increases the thermal expansion excessively [17,43,225-227,230]. At 973-1173 K, a porous 

La0.6Sr0.4Fe0.8Co0.2O3-  electrode layer in contact with Ce0.8Sm0.2O2 solid electrolyte showed 9-42 

times lower cathodic overpotentials compared to La0.82Sr0.18MnO3-  | YSZ half-cells [17]; this 

difference increases on reducing temperature. La0.6Sr0.4Fe0.8Co0.2O3-  double-layer cathode 

comprising one thin dense and one thick porous layer, applied onto the 10 mol% or 20 mol% Gd-

doped ceria electrolytes, exhibits the resistance as low as 0.5 Ohm cm2 at 793 K [231].  

Table 1.7 

Total conductivity and thermal expansion of La1-xSrxFe1-yCoyO3-  ceramics in air 

Total conductivity, S/cm Average TECs x y 

873 K 1073 K T, K 106, K-1

Ref. 

0 0.2 0.8 4.5 373-773 13.1 [226] 

    873-1173 17.5 [226] 

0.1 0.2 44 59 573-1173 16.0 [226] 

0.1 1.0 1267 1210   [227] 

0.2 0 93 93 573-1173 12.6 [225] 

   109   [224] 

0.2 0.1 116 123 473-1173 14.5 [225] 

0.2 0.2 175 191 373-1073 15.4 [226] 

  127 149 373-1073 15.4 [225] 

  77 87 303-1273 14.8 [227] 

  176 164 973 12.5 [229] 
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Table 1.7 (continued)

0.2 0.3 187 224 373-1173 16.5 [225] 

0.2 0.4 339 287 373-1173 17.6 [225] 

0.2 0.5 287 325 373-1173 18.7 [225] 

0.2 0.6 414 455 373-1173 20.0 [225] 

0.2 0.7 743 776 373-1173 20.3 [225] 

0.2 0.8 1049 996 373-1173 20.7 [225] 

    470-1070 15.4 [43] 

0.2 0.9 1142 1071 373-1173 20.1 [225] 

0.2 1.0 1373 1235 373-1173 19.7 [225] 

0.2 1.0 1689 1521 303-1273 18.5 [227] 

0.3 0.2 240 205 373-973 14.6 [226] 

  159 159 303-1273 16.0 [227] 

0.3 1.0 1972 1676 303-1273 19.2 [227] 

    303-1073 17.5 [63] 

    303-1273 19.2  

0.4 0.2 335 279 373-873 15.3 [226] 

  275 333 303-1273 17.5 [227] 

  460 330 973 15.3 [228] 

    1273 19.9  

0.4 1.0 2035 1595 303-1273 20.5 [227] 

0.5 1.0 1899 1356 303-1273 22.3 [227] 

0.6 0.2   373-673 16.8 [226] 

0.6 0.8   373-1273 21.2 [253] 

0.6 1.0 1810 1156 303-1273 25.1 [227] 

0.7 0 61 44 303-1273 25.6 [227] 

0.7 0.1 90 61 303-1273 24.8 [227] 

0.7 0.2 51 46 303-1273 27.1 [227] 

0.7 0.3 63 54 303-1273 27.1 [227] 

0.7 0.4 95 83 303-1273 23.9 [227] 

0.7 0.5 132 93 303-1273 23.5 [227] 

0.7 0.6 173 129 303-1273 24.1 [227] 

0.7 0.7 286 217 303-1273 24.7 [227] 

0.7 0.8 480 388 303-1273 21.0 [227] 

0.7 0.9 1369 837 303-1273 19.2 [227] 

0.7 1.0 1474 912 303-1273  [227] 

    303-1273 25.0 [290] 

0.8 1.0 810 578 303-1273 25.6 [227] 

0.9 1.0 335 191 303-1273 26.0 [227] 
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1.5.1.3. Cobaltites  

Compared to ferrite-based materials, perovskite-related cobaltites are characterized by 

higher electrochemical activity, faster oxygen-ionic and p-type electronic conductivities and greater 

oxygen permeability [232-254]. However, thermal expansion of cobaltites is also substantially 

higher, Table 1.7, making these materials compatible with a very limited number of solid 

electrolytes such as derivatives of -Bi2O3 and Bi2VO5.5- . Phase relationships in Co-containing 

multicomponent oxide systems are quite similar to those with iron oxide; the major differences 

relevant for this review, refer to a higher oxygen deficiency and lower thermodynamic stability of 

cobaltite phases, particularly at low chemical potentials. Detailed information on the phase 

relations, thermodynamics and structure in Co-containing systems can be found in Refs.[146,190, 

232-238] and references cited. As for the manganite and ferrite-based electrodes, the primary 

attention for electrochemical applications is focused on La(Sr)CoO3-  perovskites and their B-site 

substituted derivatives, and on the Sr(Co,M)O3-  (M = Ti, Cr, Mn, Fe) systems. 

Other attractive examples are the tetragonal Ln4Co3O10 (Ln = La, Pr, Nd) and K2NiF4-type 

(Ln,A)2CoO4±  (Ln = La, Pr, Nd; A - alkaline-earth cation) existing at moderately reducing oxygen 

partial pressures [146,190,234]. One should also mention tetragonal and orthorhombic LnBaCo2O5

(Ln = Y, Tb, Dy, Ho) [235,236] and hexagonal LnBaCo4O7 (Ln = Y, Ho) [237,238]. The 

HoBaCo4O7 was reported to contain only di- and trivalent cobalt [237], which might be beneficial 

for suppressing the thermal expansion. The information on high-temperature transport and 

electrochemical properties of the latter phases is, however, very scarce. 

The electrical conductivity of LnCoO3- , predominantly p-type electronic, is significantly 

higher compared to manganite analogues (Table 1.7 and Fig.1.15). Incorporation of divalent 

cations into the A-sublattice of La1-xAxCoO3-  increases the concentrations of Co4+ and oxygen 

vacancies, resulting in a drastic increase of the electronic and ionic transport and surface exchange 

rates. A transition to metallic conductivity is observed for La1-xAxCoO3-  (Ln = La, Pr, Nd, Sm) 

solid solutions in air at x  0.25-0.30 [146]. At 873-1273 K, the maximum total electrical 

conductivity of the La1-xSrxCoO3-  series corresponds to x = 0.2-0.4, shifting towards lower x on 

heating [227]. The electrical properties of the La1-xBaxCoO3-  system are quite close to those of the 

strontium-doped cobaltites. Introducing cation vacancies or bismuth cations into the A sublattice 

leads often to decreasing ionic and electronic conductivities, although the effects of A-site 

deficiency are determined by particular charge compensation mechanisms dependent on La:Sr 

concentration ratio [146,240]. For La2-xSrxCoO4±  (x = 0.7-1.0), the conductivity above 873 K in air 

becomes comparable to that of A2BO4 nickelates, 80-100 S/cm [190].
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Fig.1.15.  Cathodic overpotentials of La1-xSrxCoO3 | YSZ porous electrodes [88,250], and total [227] and 

oxygen ionic [239] conductivities of La1-xSrxCoO3 ceramics in air (left); cathodic overpotentials in contact 

with LSGM-based electrolytes and total electrical conductivity of Sm1-xSrxCoO3 [247] and La1-xBaxCoO3

[173] (right). 

The ionic conductivity and oxygen permeation fluxes through LnCoO3-  were shown to 

increase with the Ln3+ cation radii [146,239,240]. The dopant concentration dependences of the 

ionic conductivity in Ln1-xAxCoO3-  have quite a complex nature, being determined by oxygen 

nonstoichiometry, cobalt ion oxidation states, defect association and, often, grain-boundary 

processes. For La1-xSrxCoO3-  series, the maximum ionic transport is observed at x about 0.7 

[146,239,240]. In fact, higher ionic conduction for cobaltite-based systems is only known for Bi-

containing materials and perovskite phases derived from A(Co,Fe)O3-  (A = Sr, Ba) which exhibit, 

however, poor mechanical properties and sinterability. Further increase of strontium content in La1-

xSrxCoO3-  leads to decreasing oxygen transport due to progressive defect association and phase 

separation [239]. Even for La0.3Sr0.7CoO3- , electron microscopy and spectroscopic studies studies 

revealed vacancy-ordered microdomains with low oxidation state of Co cations [241]; this ordering 

is expected to increase with Sr concentration, resulting in lower oxygen ion transport.

The excessively high TECs of cobaltite materials (Table 1.7), associated with extensive 

oxygen nonstoichiometry variations and numerous transitions in the electronic sublattice when 

temperature increases [92,146,242,243], limit their applications as the SOFC cathodes. In La1-

xSrxCoO3-  series, the minimum TEC value averaged at 300-1270 K was obtained at x = 0.2 to be 

18.5 10-6 K-1 [227]. The thermal expansion of Mn- and Fe-substituted La(Sr)CoO3-  monotonically 

decreases on doping but cannot be reduced to the level of La(Sr)MnO3-  or La(Sr)FeO3-  without 

lowering the Co concentration to very small values (for example [244,245]). This, in turn, is 
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associated with a decrease in electronic conductivity and electrochemical activity. For various 

intergrowth structures stabilising Co2+ and Co3+ cations, thermal expansion is considerably lower 

compared to the perovskites [190]; an importance of the spin state ordering of cobalt ions and 

semiconductor-to-metal transition for the expansivity of cobaltites was noted in [244]. The 

thermomechanical incompatibility of cobaltite electrodes and common solid electrolyte materials 

may lead to apparently high overpotentials, caused by poor electrical contact and interface cracks. 

One example relates to the data on La0.6Ca0.4CoO3-  layers applied onto YSZ [111], where the 

polarization resistance seems overestimated. 

Cobaltite cathodes exhibit a superior electrochemical performance with respect to common 

electrode materials based on La(Sr)MnO3- , Fig.1.15. This may be of great interest for IT SOFCs, 

performance of which is substantially limited by the electrode polarization. For example, the 

maximum power density obtained with LSGM-based cells and identical Ni anodes at 1273 K, 

increased in the sequence La0.75Sr0.25CrO3-  < (La0.6Sr0.4)0.9MnO3-  < La0.6Sr0.4FeO3-  < (La,Sr)CoO3-

 [29,247]. La1-xSrxCoO3-  perovskites applied onto the YSZ electrolyte, showed very low 

overpotentials at 1073 K, with minimum at x = 0.7 [88]. (Gd,Sr)CoO3-  cathodes had a worse 

performance in contact with YSZ compared to (La,Sr)CoO3-  [248], contrary to the results obtained 

for LSGM electrolyte [29]. Among the Ln0.6Sr0.4CoO3-  | La0.9Sr0.1Ga0.8Mg0.2O3-  cathodes (Ln = La, 

Sm, Nd, Gd, Pr), the composition with Ln = Sm showed a highest performance in pure oxygen at 

1073-1273 K [29]. A fuel cell involving one ordered macropore-structured Sm0.5Sr0.5CoO3-

cathode with 140 nm sized pores prepared using a template of monodispersed polystyrene spheres, 

CGO electrolyte and Ni-CGO cermet anode showed the maximum power density of 0.27 W/cm2 at 

873 K [249]. The overpotential of La0.6Sr0.4CoO3-  cathodes with optimized microstructure, applied 

onto the YSZ electrolyte coated by the thin and dense samaria-doped ceria interlayer, was less than 

100 mV at current density of 800 mA/cm2 and 1073 K in air, and as low as 50 mV at 400 mA/cm2

[250].  

As the p-type conductivity in perovskite-type cobaltites is exceptionally high, hole 

transport has no effect on the electrode performance. For instance, the overpotential dependence on 

the La:Ba ratio in La1-xBaxCoO3-  cathodes applied onto La0.8Sr0.2Ga0.8Mg0.115Co0.05O3-  electrolyte 

has a minimum at x = 0.5-0.7 at 1073 K; this minimum does not correlate with the total 

conductivity variations (Fig.1.15). Note that the surface exchange rate of (La,Ba)CoO3-  increases 

with Ba concentration [173]. Selected data on maximum power density of cells comprising 

perovskite cobaltite cathodes are listed in Table 1.8. When applied onto LSGM electrolyte, the 

electrochemical activity of (La,Ba)CoO3-  seems slightly higher compared to (Sm,Sr)CoO3-

cathodes, both performing better than (La,Sr)CoO3-  [173,247]. 
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Table 1.8 

Performance of H2-fueled SOFCs with cobaltite cathodes 

Cathode Electrolyte/  
/thickness, mm 

Anode T, K Maximum power 
density, W/cm2

Ref.

La0.9Sr0.1CoO3 YSZ / 0.5 Ni 1273 0.39 [29]

   1073 0.05  

La0.9Sr0.1CoO3 LSGM / 0.5 Ni 1273 0.93 [29]

   1073 0.38 [247]

La0.6Sr0.4CoO3 LSGM / 0.5 Ni 1273 0.71 [29]

   1073 0.21  

La0.6Sr0.4CoO3 LSGM / 0.5 Co 1273 0.53 [29]

La0.2Sr0.8CoO3 LSGM / 0.5 Ni 1073 0.44 [173]

La0.2Ca0.8CoO3 LSGM / 0.5 Ni 1073 0.46 [173]

La0.4Ba0.6CoO3 LSGMC / 0.4 Ni 873 0.12 [173]

La0.2Ba0.8CoO3 LSGM / 0.5 Ni 1073 0.52 [173]

Sm0.6Sr0.4CoO3 LSGM / 0.5 Ni 1073 0.44 [29]

Sm0.5Sr0.5CoO3 LSGM / 0.5 Ni 1073 0.53 [173]

   873 0.08 [247]

Sm0.5Sr0.5CoO3 CGO / 0.03 Ni-CGO 873 0.27 [249]

LSGMC denotes the La0.8Sr0.2Ga0.8Mg0.115Co0.05O3-  electrolyte 

For the B-site substituted (La,A)(Co,M)O3-  (M = Ti, Cr, Mn, Fe, Ni, Cu, Ga, Mg) solid 

solutions, the basic composition-property relations are quite similar to those in the manganite- and 

ferrite-based systems [146]. The information on the electrochemical properties of moderately 

doped cobaltites is often contradicting, especially for materials with relatively similar composition, 

where the difference in electrochemical behavior are primarily related to dissimilar sinterability, 

microstructure and interaction with solid electrolytes. In the case of Ln0.4Sr0.6Co0.8Fe0.2O3-

(Ln = La, Pr, Nd, Sm, Gd) series on YSZ electrolyte, the highest electrochemical activity was 

found for the Nd-containing composition [251]. Contrary, for Mn-doped Ln0.6Sr0.4Co0.8Mn0.2O3-

(Ln = La, Nd, Sm, Gd,), lowest overpotentials in contact with Ce0.8Gd0.2O2 electrolyte were 

obtained when Ln = La [245]. The Y0.8Ca0.2Co1-xFexO3-  perovskites with x = 0.1-0.7 are stable in 

air at least up to 1473 K, whereas the Fe-free cobaltite (x = 0) decomposes into the binary oxides 

[252]. In the latte series, the Y0.8Ca0.2Co0.7Fe0.3O3-  | YSZ cathode showed the highest activity 

which is, however, comparable to that of manganite electrodes, and a thermal expansion coefficient 

of 10.5 10-6 K-1, quite close to that of common electrolyte ceramics. During the cathode fabrication 

process, the interaction of Y0.8Ca0.2Co0.7Fe0.3O3-  and YSZ resulted in Co2FeO4 spinel formation 

while no significant degradation in the cell performance with time was observed at 1173-1273 K; 
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the formation of highly-resistive zirconate phases seems avoided [252]. The electrochemical 

activity of Y0.9Co0.5Mn0.5O3- , having a perovskite structure and TEC close to 10 10-6 K-1, was 

found low [244]. 

Finally, one should note that the cobaltite materials may interact with zirconia easier than 

manganites, but yield no reaction products with ceria (e.g. [245,250]), although non-negligible 

cation interdiffusion is still possible. In the case of LSGM electrolytes, a substantial Co diffusion 

into the substrate without formation of blocking layers takes place [253]. 

1.5.1.4. Nickelates  

The thermodynamic stability of LaMO3-  based perovskites and the average oxidation state 

of M cations in air increase in a sequence Cu < Ni < Co < Fe < Mn [146,190,254]. Perovskite-like 

LaNiO3-  is stable at p(O2) = 0.21-1.0 atm only at temperatures below 1123-1173 K; further heating 

leads to the decomposition into La2NiO4+  with K2NiF4-type structure and nickel oxide, through the 

formation of Roddlesden-Popper type La4Ni3O10 and La3Ni2O7 phases [146,255,256]. Decreasing 

the Ln3+ cation radius and acceptor-type doping lead to a decrease in the thermodynamic stability. 

The phase decomposition limiting the practical application of LaNiO3-  based perovskites in 

SOFCs, may be partly suppressed by appropriate doping into the B sublattice. The solid solutions 

La(Ni,M)O3-  (M = Ga, Cr, Mn, Fe, Co) containing 50-60 mol% of nickel retain perovskite-type 

structure  at elevated temperatures [146,256,257]. In particular, La1-ySryNi1-xFexO3-  are stable in air 

at least up to 1673 K when x > 0.5; doping with Sr destabilizes the La(Ni,Fe)O3-  lattice [257]. 

In ternary Ln-M-O systems with Ln = La, Pr or Nd, and M = Ni or Cu, the K2NiF4-type 

compounds are the most stable under oxidizing and moderately reducing conditions [146,206]. This 

layered structure consists of perovskite layers alternating with rock-salt LaO sheets. On heating 

above 423 K in air, La2NiO4+  exhibits a first-order phase transition from the orthorhombic (S.G. 

Fmmm) to the tetragonal (S.G. I4/mmm) polymorph [258]. In air, the equilibrium oxygen 

hyperstoichiometry of La2NiO4+ , resulting from the incorporation of interstitial oxygen into the 

rock-salt layers, is  = 0.14-0.15 at 300 K and decreases on heating above 700 K and on alkaline-

earth doping [190,258-261]; La2-xSrxNiO4±  are oxygen-deficient at x  1.0 [146,260]. The 

concentration ranges of existing solid solutions for the La2-xAxNiO4±  series correspond to x = 0-1.4 

for A = Sr, x = 0-1.0 for A = Ba, and x = 0-0.5 for A = Ca [146,190,260]. La2Ni1-xCoxO4+  are 

stable in air only at x  0.2 [262]; a continuous solid solution exists in the pseudobinary La2NiO4-

La2CuO4 system [258]. The substitution of Cu for Ni decreases the oxygen excess in the lattice 

[258]. 
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Table 1.9 

Thermal expansion of selected Ni- and Cu-containing ceramics in air 

Composition T, K 106, K-1 Ref. 

La2NiO4 290-1170 13.7 [259] 

La2NiO4 300-1270 13.0 [258] 

La2NiO4 300-1270 11.9 [190] 

La1.7Sr0.3NiO4 300-1270 11.3 [190] 

La1.6Sr0.4NiO4 300-1270 13.2 [190] 

La1.4Sr0.6NiO4 300-1270 11.0 [190] 

La2Ni0.98Fe0.02O4 300-1100 13.2 [263] 

La2Ni0.90Fe0.10O4 300-1100 12.8 [263] 

LaPrNi0.90Fe0.10O4 300-1100 13.4 [263] 

La2Ni0.88Fe0.02Cu0.10O4 300-1100 10.5 [263] 

La1.9Sr0.1Ni0.98Fe0.02O4 300-1100 12.5 [263] 

La1.9Sr0.1Ni0.90Fe0.10O4 300-1100 12.7 [263] 

La2Ni0.50Cu0.50O4 290-1270 12.8 [258] 

La2CuO4 290-520 8.6 [258] 

 520-1170 13.8  

Pr2CuO4 300-1070 10.2 [263] 

Nd2CuO4 300-1050 10.1 [263] 

La2Cu0.98Co0.02O4 300-460 7.1 [263,265] 

 470-1050 12.2  

La2Cu0.90Co0.10O4 300-1080 13.2 [263,265] 

LaNi0.7Fe0.3O3 300-1270 12.1 [256] 

LaNi0.6Fe0.4O3 300-1270 11.4 [256] 

LaNi0.5Fe0.5O3 300-1270 10.9 [256] 

LaNi0.5Fe0.5O3 300-1100 11.9 [43] 

LaNi0.6Co0.4O3 300-1270 15.0 [256] 

LaNi0.6Mn0.4O3 300-1270 10.8 [256] 

La0.6Sr0.4Ni0.5Mn0.5O3 300-1100 12.1 [200] 

La0.6Sr0.4Ni0.4Mn0.6O3 300-1100 12.5 [200] 

La0.6Sr0.4Ni0.3Mn0.7O3 350-1100 12.5 [200] 

La0.6Sr0.4Ni0.2Mn0.8O3 300-1100 12.7 [43,200] 

The total conductivity of La2NiO4-based phases is predominantly p-type electronic in the 

entire p(O2) range where the K2NiF4-type phases exist [146,190,258,260,263]. The hole conduction 

occurs, most likely, via a small-polaron transport [146,258], although further studies are necessary 

to identify microscopic mechanisms. The level of electronic conductivity in the Ln2MO4+  (M = Fe, 

Co, Ni, Cu) compounds and their derivatives is lower when compared to their perovskite oxide 
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analogues, but is sufficiently high for electrode applications [146,190]. On doping La2NiO4 with 

strontium, the conductivity of the ceramics increases and becomes pseudometallic at x = 1.0 

[146,190]; the incorporation of  25 mol% of copper has a moderate effect on the level of 

electronic transport. At the same time, while the melting point of La2NiO4 is rather high, lanthanum 

cuprate forms liquid phase at approximately 1323±10 K [206]. Doping of La2NiO4 with copper 

considerably improves the sinterability [258], which enables to reduce the electrode layers 

fabrication temperature. LaNiO3-  exhibits a metallic-like conductivity as high as 1.1 103 S/cm at 

room temperature [146]. The maximum electronic conductivity of La1-ySryNi1-xFexO3 at 873-1073 

K corresponds to (1-x+y) = 0.6 [258].  

La2NiO4-based phases show a relatively high oxygen ion conductivity 

[146,258,259,260,263,264], which is 5-10 times lower than that of oxygen-deficient perovskites 

SrCo1-xFexO3-  (x = 0.2-0.5) and La1-xSrxCoO3-  (x = 0.6-0.8), but remarkably higher compared to 

lanthanum-strontium ferrite and manganite electrode materials. Doping with Sr decreases oxygen 

permeability [259]. The bulk ionic transport in La2NiO4-based phases occurs via diffusion of 

interstitial ions in the rock-salt-type layers and vacancies in the perovskite layers of K2NiF4-type 

structure; the oxygen permeation through dense nickelate membranes is limited as a rule by both 

ionic conductivity of ceramic bulk and the surface exchange rate [263]. Partial substitution of 

nickel with higher valence cations, such as Fe or Co, results in higher oxygen hyperstoichiometry 

and has often a positive effect on the ionic transport [261,263].  

On the contrary to perovskite-type cobaltites, La2NiO4-based phases exhibit a relatively 

low thermal and chemically-induced expansion [43,146,258-260,263]. The apparent TEC values of 

most K2NiF4-type nickelates, close to 13 10-6 K-1 (Table 1.9), are compatible with thermal 

expansion of solid oxide electrolytes for IT SOFCs. The LaNi1-xFexO3 (x 0.4) perovskites also 

possess a reasonably low thermal expansion, Table 1.9 and [256].  

The Information on nickelate-based cathodes is still rather limited. LaNiO3-  [255] and La1-

ySryNi1-xFexO3-  [257] were suggested as the cathode materials for IT SOFCs, but not evaluated as 

yet. LaNi0.5Fe0.5O3-  cathodes exhibited a high electrocatalytic activity in contact with Ce0.8Gd0.2O2-

solid electrolyte at 873 K [43], better than lanthanum-strontium manganites. Surface modification 

of the nickelate electrode layers with praseodymium oxide enabled further decreasing their 

polarization [43]. Porous Ln2NiO4+  (Ln = La, Nd, Pr) layers deposited onto YSZ, showed a very 

good performance at 773-1073 K in air [264]; the cathodic overpotentials were lower than those 

observed for LSM under the same current and temperature conditions. Ageing tests during one 

month under dc conditions revealed a decrease in the polarization resistance, without significant 

interaction between Ln2NiO4+  and zirconia [264]. The area-specific resistivity of porous 

La2Ni0.9Co0.1O4+  electrode layers is lower in contact with La0.9Sr0.1Ga0.8Mg0.2O3-  solid electrolyte 
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compared to Ce0.9Gd0.1O2- , at 773-1073 K [262]; long-term annealing of both cells at 1273 K leads 

to the formation of secondary phases, La3Ni2O7 and La2O3, suggesting diffusion of Co and Ni into 

the electrolyte ceramics. Typical examples illustrating the electrochemical behavior of nickelate- 

and cuprate-based electrodes are presented in Fig.1.16. 

Fig.1.16.  Current density dependencies of cathodic overpotentials for nickelate and cuprate electrodes 

([43,95,264], left); temperature dependencies of the polarization resistance of porous cathode layers, all in 

contact with YSZ electrolyte, except for La2Ni0.9Co0.1O4 measured on LSGM ceramics ([111,152,262,264], 

right).

1.5.1.5. Cuprates  

No perovskite compounds exist in the ternary Ln-Cu-O systems at oxygen pressures close 

to atmospheric; the Ln2CuO4 and Ln2Cu2O5 phases are most stable in air [146,206]. As for 

perovskites, the thermodynamic and thermal stabilities of Ln2CuO4 (Ln = La, Pr, Nd, Sm, Eu, Gd) 

decrease with decreasing rare-earth cation radius; Ln2Cu2O5 exhibit an opposite behavior [146]. 

The equilibrium oxygen hyperstoichiometry of La2CuO4±  is low, about 0.01 at 300-1273 K in air 

[258]. In these conditions, the orthorhombic (S.G. Bmab) lattice of La2CuO4 transforms on heating 

into tetragonal (S.G. I4/mmm) [258]. In terms of dopant solubility in both sublattices, the behavior 

of La2CuO4 is quite similar to that of La2NiO4+  ([146,265] and references cited).  

The total conductivity of La2CuO4 ceramics has a pseudometallic character (Fig.1.10) and 

varies in the range 15-20 S/cm at 300-1273 K, baing lower than that of La2NiO4+  [146,258]. The 

electrical transport in other rare-earth cuprates (Ln = Pr-Gd) is temperature-activated and increases 

with the Ln3+ radius and on acceptor-type doping [146]. Incorporating up to 30 mol% cobalt into 
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the copper sublattice of La2CuO4 leads to increasing oxygen hyperstoichiometry and decreasing 

electrical conductivity, with a minor effect on thermal expansion [265]. 

The oxygen diffusion and surface exchange coefficients of the La2-xSrxCuO4±  (x = 0-0.20) 

are rather low [258,266,267]. The oxygen transport mechanism in layered cuprates is still unclear, 

though some assumptions [266,267] were made in favor of the vacancy diffusion. The diffusivity 

along the perovskite layers (a-b planes) is considerably faster as compared to the c direction 

through sequential perovskite and rock-salt-type layers [266]. The rate of oxygen transport in La2-

xSrxCuO4±  solid solutions increases slightly with x in the range 0-0.07, and then decreases 

dramatically for x = 0.07-0.20 [266,267]. Doping with Ni increases the oxygen diffusion 

coefficients of La2(Cu,M)O4±  [258]. Analogously, small ( 10 mol%) cobalt additions increase the 

oxygen permeability, determined by both surface oxygen exchange and bulk ionic conduction 

[263]. Note also that increasing oxygen content in another well-known cuprate, YBa2Cu3O7- ,

results in higher permeation fluxes and ionic conductivity [268]. 

The rare-earth cuprates, either pure or moderately doped with transitional metals, are quite 

compatible with the solid electrolyte ceramics (Table 1.9). On the other hand, literature data on 

electrochemical behavior of cuprate-based electrodes at high temperatures are scarse, as for 

nickelates. In general, the performance of cuprate cathodes is worse with respect to the nickelate 

analogues. This results, first of all, from lower ionic transport and lower stability. The latter factor 

is responsible for a greater reactivity with solid electrolytes and additional sintering under 

operation conditions, leading to microstructural degradation.  

Typical examples include La1.9Sr0.1CuO4 cathodes measured in contact with YSZ solid 

electrolyte; both SrZrO3 and La2Zr2O7 based solid solutions were identified at the 

electrode/electrolyte interface after firing at 1373 K, forming the thick (20-30 m) diffusion layer 

[111] deteriorating electrochemical properties. YBa2Cu3O7-  possessing significant mixed 

conductivity was proposed as the cathode material for SOFCs, but showed cathode performance 

insufficient for practical applications [95].  

1.5.1.6. Composite materials  

Composite electrodes comprising a mixture of one electronically-conducting cathode 

material and one solid-electrolyte component, as a rule, improved performance due to a greater 

number of triple-phase contacts and good adherence to the electrolyte. Another advantage of the 

composite electrode concept is a possibility to adjust thermal expansion. The activity of such 

electrodes is determined by properties of all components and their volume ratio, with critical 

influence of the connectivity and size of the component particles [269-272]. In general, the TPB is 
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electrochemically active provided the electrons, oxygen ions and gas all percolate through the 

electronic conductor, ionic conductor and pores, respectively. 

Although there is no unambiguous correlation between the ionic conductivity of cathode 

material and the electrochemical performance (Chapter 1.4.3), additions of the oxygen ionic 

conductors, e.g. stabilized zirconia enables definitely to reduce polarization of manganite 

electrodes, Fig.1.17. This influence is, however, strongly dependent on the phase interaction 

between LSM and zirconia. The polarization resistance of LSM-YSZ composite at 1223 K was 

found to decrease with YSZ content up to 40-45 wt%, when the solid electrolyte grains were well 

connected; further YSZ additions lead to a sharp increase in the ohmic resistance of the electrode 

layers [270]. Additions of 50 wt% YSZ into La0.85MnO3-  electrode decrease the polarization 

resistance from 0.77 to 0.16 Ohm cm2 at 1173 K [273]. In the case of La0.8Sr0.2MnO3-  cathode, 

adding YSZ leads to a lower polarization resistance and oxygen dissociative adsorption as the rate 

limiting step, due to spatial enlargement of the reaction zone, as suggested in Ref.[274]. Similar 

results were also reported for 50 vol% YSZ in La0.8Sr0.2MnO3-  layers, where an additional arc 

appeared in the impedance spectra was attributed to YSZ grain boundaries in the cathode layer 

[110]. A decrease in the polarization resistance of (La0.75Sr0.25)0.95MnO3-YSZ (50-50 wt%) 

composites applied onto the YSZ substrate was achieved after reducing the electrode sintering 

temperature from 1573 down to 1423 K [269], as a result of smaller grain size, longer TPB and/or 

less pronounced interaction of the components.  

Such a behavior is in agreement with theoretical calculations using a random resistor 

networks model [275], predicting minimum polarization resistance at 30-60 vol% fraction of the 

electronically-conducting phase. A number of other theoretical approaches, including the effective 

medium approximation, percolation theory and various microscopic models ([276,277] and 

references cited) may also be useful to predict selected aspects of the composites behavior. 

However,, modeling of the transport and electrochemical processes in composites is much more 

complicated with respect to single-phase mixed-conductors, even porous.  

Using ceria-based materials as components of the composite cathodes is beneficial 

compared to zirconia (Fig.1.17), due to an absence of blocking layers and the higher ionic 

conductivity of doped ceria. The minimum interfacial resistance of La0.8Sr0.2MnO3-Ce0.8Gd0.2O2-

composite cathodes were studied in contact with YSZ at 873-1023 K was achieved at 45-55 wt% 

Ce0.8Gd0.2O2-  content in the composite; the corresponding value, approximately 0.49 Ohm cm2 at 

1023 K, is 2-3 times lower than that of LSM-YSZ composites [278]. The optimum composition of 

La0.8Sr0.2MnO3-Ce0.7Bi0.3O2-  layers on YSZ can be estimated as 30-50 wt% of Ce0.7Bi0.3O2-  [279]; 

the minimum polarization resistance at 973 K was 1.78 Ohm cm2.
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Fig.1.17.  Temperature (left) and composition (right) dependencies of the polarization resistance for various 

composite cathodes [278-280].  

In spite of the high oxygen ionic conduction of the cobaltite-based materials (Table1.10), 

their electrode performance may also be improved by doped ceria additions. This is primarily 

associated with possible matching of the thermal expansion coefficients, enabling to improve 

electrode/electrolyte contact, and with changes in the exchange mechanisms. For example, a 

significant decrease decrease in the polarization resistance of La0.6Sr0.4Co0.2Fe0.8O3-  cathodes, upto 

10 times, was achieved adding 50 vol% Ce0.8Gd0.2O2-  content; the R  values were as low as 0.33 

and 0.01 Ohm cm2 at 873 and 1023 K, respectively [281]. The La0.6Sr0.4Co0.8Fe0.2O3-Ce0.8Gd0.2O2-

(70-30 wt%) composite applied onto Ce0.8Sm0.2O2-  ceramics, with subsequent deposition of Ag 

layer, showed an interfacial resistance lower than 1 Ohm cm2 at 873 K [282]. The La1-xSrxCoO3- -

Ce0.8Sm0.2O2-  cathodes in contact with the YSZ-Ce0.8Sm0.2O2-  bilayer electrolyte exhibit best 

performance at 40 to 60 wt% ratio of the components; the power density of the anode-supported 

cell achieved 1.8 W/cm2 at 1073 K [283]. The polarization resistance of Sm0.5Sr0.5CoO3- -

Ce0.9Sm0.1O2-  | Ce0.9Gd0.1O2-  composite electrode was reported to be about 0.4 Ohm cm2 at 973 K 

[284]. Even moderate (10 wt%) Ce0.8Sm0.2O2-  additions into Sm0.5Sr0.5CoO3-  cathode, in contact 

with Ce0.8Sm0.2O2- , had a dramatic effect on the polarization; the minimum R  value, < 0.18 

Ohm cm2 at 873 K, was found for 30 wt% Ce0.8Sm0.2O2-  addition [280]. 
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Table 1.10 

Oxygen ionic conductivity of oxide materials in air 

Composition T, K O, S/cm  Ref.

La0.95Sr0.05MnO3 1173 1.1 10-7 [205] 

La0.90Sr0.10MnO3 1273 2.1 10-6 [205] 

La0.80Sr0.20MnO3 1173 5.9 10-7 [205] 

 1273 5.8 10-6

La0.79Sr0.20MnO3 1273 8 10-6 [98] 

La0.65Sr0.30MnO3 1073 1.7 10-4 [288] 

Pr0.65Sr0.30MnO3 1073 3.4 10-4 [288] 

La0.70Ba0.30CoO3 1273 3.0 10-2 [173] 

La0.60Sr0.40FeO3 1073 5.6 10-3 [288] 

La0.60Sr0.40CoO3 1073 0.22 [288] 

 1105 0.37 [239] 

La0.50Sr0.50CoO3 1073 9.3 10-2 [288] 

La0.30Sr0.70CoO3 1073 0.76 [288] 

 1105 0.75 [239] 

La0.20Sr0.80CoO3 1105 0.51 [239] 

SrCoO3 1105 0.35 [239] 

La0.75Sr0.20Mn0.8Co0.2O3 1073 3.1 10-5 [288] 

Pr0.75Sr0.20Mn0.8Co0.2O3 1073 1.1 10-4 [288] 

La0.8Sr0.2Fe0.9Co0.1O3 1073 2.2 10-3 [288] 

La0.8Sr0.2Fe0.8Co0.2O3 1073 2.3 10-3 [288] 

Pr0.8Sr0.2Fe0.8Co0.2O3 1073 1.5 10-3 [288] 

La0.8Sr0.2Fe0.2Co0.8O3 1073 4 10-2 [288] 

La0.65Sr0.30Fe0.8Co0.2O3 1073 4 10-3 [288] 

La0.6Sr0.4Fe0.8Co0.2O3 1073 8 10-3 [288] 

La0.6Sr0.4Fe0.2Co0.8O3 1073 5.8 10-2 [288] 

La0.6Sr0.4Fe0.2Co0.8O3 1173 0.2 [289] 

Y0.8Ca0.2Co0.7Fe0.3O3 923 2.4 10-6 [252] 

 973 8.3 10-6

 1023 2.0 10-5

La2Zr2O7 1273 10-4 [290] 

Further developments of standard perovskite-containing cathodes include grading the 

material to overcome thermal expansion mismatch and reactivity problems. The polarization 

resistance of functionally graded La0.85Sr0.15MnO3-YSZ cathodes, where the composition gradually 

changes from YSZ to LSM was shown to decrease as the level of grading increases; it was 

concluded that regions containing less than 20 wt% LSM, below the percolation limit, should be 
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avoided [285,286]. Comparison of functionally graded cathodes comprising the first layers made of 

(La0.85Sr0.15)0.9MnO3-  and different solid electrolytes (50-50 wt%), namely YSZ or Ce0.9Gd0.1O2-

[286], revealed a strong positive impact of ceria incorporation; the polarization resistance of CGO-

containing cathodes was lower up to one order of magnitude at 973-1273 K. 

Composite cathodes comprising noble metals are of interest as model systems, but their 

practical use is very unlikely due to economical reasons. These systems are not considered in the 

present review; the corresponding information can be found in [287] and references cited. 

1.5.2. Anodes  

1.5.2.1. Me-YSZ cermets  

The ceramic-metal composites (cermets) of YSZ and Ni, where the metallic phase 

combines the functions of electronic conductor and catalyst, are the commonly used anode 

materials of SOFCs. Additions of YSZ prevent sintering of Ni particles, enlarge the active reaction 

zone and enable to adjust thermal expansion, Table 1.11, [155,291,292]. As the composite layers 

should provide percolation paths for electrons, oxygen ions and gas, the cermet performance is 

strongly dependent on the microstructure-related factors, such as processing conditions and starting 

materials. 

Fig.1.18.  Schematic illustrations of the anode microstructures at r (electrolyte)  r (metal), left, 

and r (electrolyte) > r (metal), right. 

The lowest voltage losses and electrode resistance of the Ni-YSZ anodes is usually 

observed when TPB is as long as possible [293]. This can be achieved, in particular, using small Ni 

particles and high YSZ to Ni particle ratio, Figs.1.18 and 1.19. For example, a mixture of fine and 

coarse YSZ particles was suggested [294] to tune the microstructure and properties of the cermets. 

On the other hand, a significant improvement was attained when fabricating the anodes from 

mechanically-processed powder, with a resultant microstructure comprising submicron Ni and YSZ 

particles and uniformly distributed micron-sized pores [295].  

Metal 

Electrolyter
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Considerable emphasis is focused on theoretical modeling of porous cermets in order to 

guide the design of high-performance SOFC anode. Among these studies, one should mention the 

pore, random resistor network and random packing sphere models [296]. These approaches can 

also be classified [297] according to the type of microstructural analysis; particular cases include 

modeling of corrugated layers of the electrode material covered by a thin film of electrolyte or vice 

versa (thin film model), a random packing of particles (Monte Carlo calculations), or using a 

macroscopic averaged description of the disordered electrode structure (macroscopic porous-

electrode model). Modeling of composite anodes behavior by three-dimansional impedance 

networks [298] showed that their response may be more complex than those corresponding to a 

single interface between an electrode and an electrolyte particle; a distortion of the spectrum at 

high frequencies and/or clearly distinguishable extra arcs may appear when the system is close to 

or below the percolation threshold for the electronic conduction. An important conclusion is that 

simply ascribing the arcs in the Nyquist plots to definite steps of the electrode reaction is often 

problematic. 
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Fig.1.19.  Relative electrical conductivity of metal-electrolyte (40-60 vol%) composite and metal percolation 

threshold estimated by the Monte Carlo method for random packing [300], and measured overpotentials of 

Ni - Zr0.85Y0.15O2 anode [293], as functions of the particle size ratio.  

For the composites consisting of one electronic and one oxygen ionic conductor with 

similar grain sizes, the percolation threshold is expected to correspond to approximately 30 vol% 

metallic phase [299]. This estimation is in agreement with experimental data (Fig.1.20), where a 

significant scatter is, however observed due to microstructural factors. The electrical conductivity 
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of porous Ni - YSZ composites in hydrogen atmosphere was reported to exhibit a semiconductor-

like behavior up to 30 vol% Ni, becoming metallic at 50 vol% Ni [292]; other authors [291,300] 

found a metallic conduction for the compositions containing 20-30 vol% Ni. For instance, the use 

of combustion synthesis [300] and Ni-coated graphite particulates in tape-casted composites [301] 

enabled to change the behavior of Ni-YSZ cermets in the vicinity of nickel percolation limit, 

increasing the conductivity of zirconia-rich materials. The YSZ fraction, optimum for 

electrochemical performance, is dependent on the anode synthesis and fabrication conditions. This 

fraction corresponds usually to 30-60 vol% YSZ (Fig.1.21). One typical example is found in 

Ref.[302], where a minimum polarization resistance at 1273 K in hydrogen was observed for 60 

vol% zirconia fraction, whereas the ohmic resistance decreased with Ni content as expected. 
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function of the YSZ content, in H2-H2O or 

N2 atmosphere [299,301-304].

At high Ni concentrations and at elevated temperatures, the microstructure and properties 

of Ni - YSZ cermets undergo fast degradation due to coarsening of the metal particles. For 

instance, a 33% decrease in the conductivity measured at 298 K was revealed for reduced 56 wt% 

NiO - YSZ mixture after an exposure at 1273 K in 4%Ar-3%H2-H2O for 4000 h [155]. The rate of 

increasing polarization of Ni - Zr0.85Y0.15O2-  (51-49 vol% or 67 wt% NiO) electrode in 50% H2-N2

atmosphere 1200-1281 K and current density of 300 mA/cm2 was as high as 14 V/h [125]. 

Another factor requiring to decrease metal concentration in the cermets is the anode layer stability 

to redox cycling. As an example, the polarization loss of Ni - YSZ (65-35 mol%) anode at 1223 K 

increased by 18% after the triple redox cycling of the cell [305]. 

In order to increase n-type electronic conductivity of zirconia-based phase, Ti4+/3+ cations 

can be dissolved in the fluorite lattice [306]. However, Ti incorporation decreases ionic 

conductivity of zirconia. The mechanical stability of Ni - (Ti-doped YSZ) cermets can also be 
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improved by titania doping [291,306]. In fact, the performance of cermets with pure and Ti-doped 

YSZ is quite similar [306]. 

Fig.1.21.  Polarization resistance and overpotentials of Ni - YSZ | YSZ [132,134,135,156,162,306], Ni - 

CGO | LSGM [19], Ni - (Ce,Sm)O2 | LSGM cermets [312] and (Ce,Sm)O2 | YSZ anodes [307], left, and the 

current density dependencies of anodic polarization of various electrode layers [157,294,310,311,314], right. 

Table 1.11 

Average thermal expansion coefficients of Ni-based composite and oxide ceramics  

Composition T, K 106, K-1 Ref. 

Ni - 16.5 [291] 

Zr0.85Y0.15O2 303-1273 10.9 [63] 

Zr0.85Y0.15O2 323-1273 10.3 [304] 

Ni - Zr0.85Y0.15O2 (40-60 vol%) 303-1273 12.6 [63] 

Zr0.94Y0.06O2 298-1273 10.5 [291] 

Ni - Zr0.94Y0.06O2 (30-70 vol%) 298-1273 12.7 [291] 

Ni - Zr0.94Y0.06O2 (40-60 vol%)60 298-1273 13.1 [291] 

Ni - Zr0.94Y0.06O2 (45-55 vol%) 298-1273 13.3 [291] 

La0.9Sr0.1CrO3 303-1273 10.7 [63] 

La0.79Sr0.20CrO3 623-1273 11.1 [63] 

La0.7Ca0.3Cr0.5Ti0.5O3 303-1273 10.1 [63] 

La0.7Sr0.3Cr0.8Ti0.2O3 303-1273 10.7 [63] 

La0.4Sr0.5Ti0.6Fe0.4O3 303-1053 10.2 [219] 

Due to carbon deposition on the Ni-containing cermets in hydrocarbon-fueled SOFCs, 

attention was drawn to the electrodes based on metallic copper, which has a considerably lower 

catalytic activity for C-C bond formation [160,307]. The use of Cu-YSZ or (Cu,Ni) alloy-YSZ 
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cermets may, indeed, decrease coking in CH4-containing atmospheres. However, the 

electrochemical performance of these anodes is lower than that of conventional Ni-YSZ. Therefore, 

further optimization of SOFC anode materials is still desirable to decrease polarization losses and 

to suppress carbon deposition for the cells using fossil fuels. One possible approach to enhance the 

electrochemical activity of conventional anode cermets, consisting of metallic Ni and yttria-

stabilized zirconia (YSZ), refers to the incorporation of catalytically-active phases containing ceria 

[19,20,157-159]. 

1.5.2.2. CeO2-based materials  

First attempts to use ceria as anode material in H2- and CO-containing atmospheres were 

performed in 1960s (e.g. [308]). Ceria-based phases have a very high activity for carbon oxidation 

[309], beneficial for the operation using hydrocarbon fuels and biogas. Another important 

advantage relates to mixed ionic and n-type electronic conductivity of reduced ceria, enlarging the 

electrochemical reaction zone. 

Methane oxidation over Ce0.9Gd0.1O2-  resulted in total combustion at 573 K; only a minor 

amount of carbon formed at higher temperatures [309]. Ce0.9Gd0.1O2-  oxidized methane to CO2 and 

H2O at around 573 K and only small amounts of carbon are formed on this oxide at higher 

temperatures [309]. The electrochemical behavior of Ce1-xSmxO2-  (x = 0-0.4) anodes in contact 

with YSZ electrolyte was evaluated in [310,311]; the composition with x = 0.2 showed a maximum 

power density in humidified hydrogen at 1073-1273 K [310]. At the same time, although no carbon 

deposition was detected on Ce0.6Gd0.4O2-  anode after the operation for 1000 h at 1273 K and steam 

to carbon ratio of 0.3, the electrocatalytic activity of pure gadolinia-doped ceria was found 

insufficient to provide a direct methane oxidation [159]. Note that the electronic conduction of 

ceria-based materials may also be insufficient to avoid critical ohmic losses, thus requiring to 

introduce a metal component. 

Porous Ni-Ce0.8Sm0.2O2-  layers deposited onto the La0.9Sr0.1Ga0.8Mg0.2O3-  and fired at 

1523-1573 K are characterized by a well-developed microsrtucture and good electrochemical 

performance, but exhibit a sharp increase in both the polarization and ohmic resistances when 

sintered at higher temperatures [312]. Apart from the extensive grain growth observed at 1623 K, a 

significant Ni diffusion into the electrolyte ceramics was detected [312]. A similar behavior, 

making it necessary to decrease the sintering temperature from 1773 down to 1523-1573 K, was 

found for Ni - Ce0.9Gd0.1O2-  | Ce0.9Gd0.1O2-  [313] and Ni - Ce0.8Sm0.2O2-  | YSZ [314]. At 1073 K, 

the maximum power density and minimum anode overpotentials of Ni - Ce0.8Gd0.2O2-  cermet in 

contact with La0.9Sr0.1Ga0.8Mg0.2O3-  correspond to 10-20 vol% of Ce0.8Gd0.2O2- , increasing with 

the electrode sintering temperature [19]. The best performance of ceria-based cermets annealed at 
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1473 K can be achieved at 20-40 vol% of the oxide phase (Fig.1.21), which is smaller than the 

amount of zirconia required to minimize the Ni-YSZ anode polarization. The overpotentials of 95 

wt% Ni - 5 wt% Ce0.8M0.2O2-  (M = Sm, Gd) anodes was slightly lower for M = Sm than for CGO-

containing composition, both measured in contact with La0.9Sr0.1Ga0.8Mg0.2O3-  [19]. The 

polarization resistance of Ni - Ce0.8Sm0.2O2-  | Ce0.8Sm0.2O2-  anode was increasing with dc current 

[161]; the experimental errors could be caused by the electronic current in the electrolyte. Similar 

behavior might result from the volume changes and nickel oxidation due to the oxygen permeation 

through the electrolyte. As mentioned in Chapter 1.4.3, the Ni-ceria cermets suffer from the 

dimensional instabilities caused by the local p(O2) variations and excessive thermal expansion; the 

presence of one redox-stable phase in the anode layers is, therefore, desirable to avoid these 

problems. The content and distribution of such stabilizing additions should be, however, optimized. 

The Ni - (Ce0.9Ca0.1O2-  - YSZ) cermets show lower overpotentials and anode interfacial resistances 

than Ni - YSZ [315], though in all cases the performance was worse than for the optimized Ni - 

YSZ cermets known in literature. The electrochemical activity of Zr0.57Y0.15Ce0.15Ti0.13O2-  as anode 

and as a component of Ni- and Cu-containing cermets is inferior compared to the conventional Ni - 

YSZ [316]. Among these groups of cermets, the anode obtained after reduction of CuO - 

Zr0.57Y0.15Ce0.15Ti0.13O2-  (60-40 wt%) showed the best performance at 773 K; the microstructural 

degradation of this layer was observed above 873 K [316]. Note also that the performance of Ni-

based cermets containing ion-conducting Nd0.9Ca0.1Ga0.9Co0.1O3-  and 

Nd0.9Ca0.1Ga0.8Mg0.115Co0.085O3-  perovskites or pyrochlore Gd2Ti2O7 was substantially worse than 

that of ceria-containing electrodes [19]. 

A direct oxidation of various hydrocarbon fuels was successfully performed using Cu-

(Ce,Sm)O2-  anodes dispersed in YSZ matrix [8,23]. The additions of ceria considerably improved 

the performance of Cu-YSZ anodes which is, however, still lower than that of Ni-containing 

cermets. At 973-1073 K, the maximum power densities achieved 0.22-0.31 W/cm2 in hydrogen and 

0.12-0.18 in n-butane atmospheres when using 60 m-thick YSZ electrolyte, Cu - CeO2 - YSZ (40-

20-40 wt%) anode and LSM - YSZ cathode.  

1.5.2.3. Alternative anode compositions  

The search for alternative anode materials is primarily focused on perovskite-related 

structures, which are tolerant to extensive substitution and possess better transport properties with 

respect to other structural families such as spinel and C-type. Fig.1.22 compares the low-p(O2)

stability limits of various oxide phases with high electronic conductivity. The cobaltite-, 

manganite- and ferrite-based compounds are clearly unstable under the SOFC anode conditions, 

while chromites and titanates may, in principle, be considered as fuel electrode components. 
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At the intermediate temperatures, LaCrO3 is quite inert for steam reforming and for carbon 

deposition [119,142,322]. Alkaline-earth doping in the lanthanum sublattice enhances the 

conductivity [146] and electrochemical activity [142] of lanthanum chromite, most likely due to 

increasing oxidation state of Cr cations. Perovskite-type La0.8Ca0.2CrO3-  perovskite was evaluated 

[309,323] as a SOFC anode for complete oxidation of dry methane. Both oxidation and surface 

dissociation of CH4 took place above 773 K; during complete oxidation, the carbon deposition was 

negligible. The electrode properties of doped chromites are poor, a result of relatively low 

conductivity under anodic conditions. Extremely high polarization resistances were measured for 

anodes made of La0.8Sr0.2CrO3-  and its derivatives in H2-H2O and CH4-H2O atmospheres even at 

elevated temperatures, up to 1223 K [324,325]. Analogously to the data [323], no carbon formation 

was detected for La0.8Sr0.2Cr0.95Ru0.05O3-  [324] and La0.8Sr0.2Cr0.97V0.03O3-  [326]. The latter 

composition exhibits a low activity towards steam reforming, being completely passive for the 

direct methane oxidation [325,326]; the polarization resistance of La0.75Sr0.25Cr0.97V0.03O3-

electrode is very high even in 3%H2O-H2 atmosphere [162]. The properties of La1-xAxCr1-yMyO3-

(A = Ca, Sr; M = Ti, Fe, V, Nb) perovskite materials, relevant to the anode applications, were 

systematically studied in [327]; however, no composition appropriate for the use as fuel cell anode 

can be selected in this family. For instance, the chromium-rich solid solutions show low electrical 

transport; the iron-containing ceramics are characterized by a high chemically-induced expansion 

leading to mechanical instability. As volume expansion of the chromite-based materials on 

reduction may be suppressed by Ti doping [63], attention was drawn to the multicomponent oxide 

systems based on La(Cr,Ti)O3. The La0.4Sr0.6Cr0.8Ti0.2O3-  electrode was found active for hydrogen 

oxidation, but its performance was insufficient for practical use [327]. The thermodynamic stability 

and catalytic activity of La1-xAxCr1-yMyO3-  (A = Ca, Sr; M = Mg, Mn, Fe, Co, Ni) systems were 

analyzed in Refs.[323,324]. The Sr- and Mn-doped phases maintain perovskite lattice under the 

SOFC anode conditions; other substitutions had a destabilizing effect, although their decomposition 

is often prevented by kinetic limitations [321]. The incorporation of Ca, Sr, Mn, Fe and Ni 

improved the activity for CH4 oxidation and reforming; doping by Mg and Co has inhibiting effect 

[322]. Note that Co- and Mn-substituted chromites showed the lowest cracking activity, in contrast 

to the Fe-containing materials [322]. La0.75Sr0.25Cr0.5Fe0.5O3-  was reported stable in reducing 

environment [328], probably due to kinetically stagnated decomposition [321]; this composition 

showed, again, poor electrochemical properties in wet CH4. The high catalytic activity and 

acceptable anode performance of 10 mol% Ni doped chromites [322] seem to originate from the Ni 

metal segregation on reduction. The (La0.75Sr0.25)1-xCr0.5Mn0.5O3-  series, which is more promising 

for high-temperature SOFC anodes, demonstrated better properties: at x = 0, the polarization 

resistances in wet H2 and CH4 at 1173 K were 0.26 and 0.87 Ohm cm2, respectively [229]. In 
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general, the chromite-based materials which are thermodynamically stable both in oxidizing and 

reducing atmospheres, show poor electrode properties. Doping with transition metals into the B 

sublattice increases their electrical conductivity and electrochemical activity, but deteriorates phase 

stability.  
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Fig.1.22.  Low-p(O2) stability boundaries 

of various oxide phases [234,254,317-321] 

and oxygen chemical potentials typical for 

SOFC anodes.

High n-type electronic conductivity under reducing conditions is known for Ti-containing 

perovskites and perovskite-related lattices. Typical example is La0.4Sr0.6TiO3- , showing the 

conductivity of approximately 60 S/cm at 1173 K [327]. However, the structure and transport 

properties of titanates tent degrade irreversibly degrade on oxidation [296]. To some extent, this 

can be avoided by compositional optimization. The (Sr,Y)(Ti,M)O3-  (M = Co, Al, V, Cu, Ga, Mn, 

Ni, Fe) series were investigated [330] as possible anodes for YSZ or LSGM-based SOFCs; a 

promising combination of properties, including the total conductivity of 82 S/cm at 1073 K and 

p(O2)  10-19 atm, structural stability over a wide range of temperatures and oxygen pressures and 

thermal expansion compatible with solid oxide electrolytes, was reported for Sr0.86Y0.08TiO3- . The 

maximum power density, 58 mW/cm2 at 1173 K, was obtained using Sr0.85Y0.10Ti0.95Co0.05O3-

anode [330]. Although such performance is insufficient, these materials can be used as the support 

compositions or anode components. The Mg2-xTixO4 (x = 0-0.5) spinels are only stable in air up to 

773 K [331]. The A-site deficient Sr1-3x/2-y/2LaxTi1-yNbyO3 were synthesized single-phases at x = 0-

0.6 and y = 0, or at y = 0-0.4 and x = 0 [332]; these remain stable down to p(O2) = 10-20 atm and 

have the maximum conductivity of 7 S/cm at 1203 K [332]. The polarization resistance of 

La2Sr4Ti6O19 anodes was 2.97 and 8.93 Ohm cm2 at 1173 K in wet H2 and CH4, respectively; in 

hydrogen, the power density generated by 0.3 mm YSZ-based cell with LSM cathode achieved 76 
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mW/cm2 [335]. In summary, the titanate-based phases having relatively high electrical conductivity 

at low oxygen pressures are usually unstable in air. The substitution stabilizing these compounds 

under oxidizing conditions has unfavorable effects on the transport properties, electrode 

performance and stability in reducing atmospheres.  

Other families considered for SOFC applications comprise A0.6Nb1-xMxO3 (A = Ba, Sr, Ca, 

La; M = Mg, Ni, Mn Cr, Fe, In, Ti, Sn) with the tungsten bronze structure and heavily doped 

zirconia [334-337]. A typical composition is Sr0.2Ba0.4Nb0.8Ti0.2O3, which showed the electronic 

conductivity lower than 10 S/cm at 1203 K and p(O2) = 10-20 atm, the TEC value of 7 10-6 K-1 at 

298-1273 K in air, and rather low anode performance [334]. The polarization resistance of about 2 

Ohm cm2 was reported for Ti0.22Y0.16Zr0.92O2 electrode at 1123 K in flowing 3%H2O-H2 [162]. In 

the Sc-Y-Zr-Ti-O system, a potentially interesting composition is Sc0.15Y0.05Zr0.62Ti0.18O2 [336]. 

Such materials cannot be, however, used for single-phase electrodes.  

1.5.3. Surface modification of solid electrolyte 

Whatever the effect of electrolyte ionic conductivity on the electrode reaction mechanisms, 

the exchange current of solid electrolyte ceramics can often be enhanced modifying the surface 

layers. The well-established methods of electrolyte surface modification relate to a local increase of 

the electronic transport [338] and to the incorporation of catalytically-active particles, in particular 

transition metal cations [169,339-343]. The dopant selection for the surface layers should, however, 

take into account the possible diffusion into electrolyte bulk in the course of cell operation in order 

to avoid excessive leakage currents. Long-term experiments are usually necessary to verify the 

absence of such effects. In addition to doping of the electrolyte surface, morphological 

modifications can also be employed [231,272]. In particular, etching of Ce0.8Gd0.2O2-  ceramics 

with hydrofluoric acid prior to the electrode layer deposition is reported effective to remove the 

surface siliceous phases and to promote surface roughening, resulting in high performance of LSFC 

cathode [231]. The polarization resistance of LSM-YSZ composite cathodes was reduced applying 

a layer of coarse YSZ particles onto the electrolyte surface prior to electrode fabrication, due to the 

lengthening of active TPB [274]. A careful mechanical treatment can also be used for the same 

purpose. 

Ceria doping of the YSZ surface was found to promote water vapor electrolysis on the 

point metallic electrodes due to electrocatalytic effects and an enlargement of the electrochemical 

reaction zone, resulting from higher concentration of the mobile electrons [169,340]; the electronic 

charge carriers can be injected into the surface of zirconia electrolytes already at relatively low 

cathodic polarization. 
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The implantation of 56Fe into the YSZ surface up to 8 1016 at/cm2 with the penetration 

depth of about 30 nm, was performed in [171,341,342]. In agreement with data of other authors 

[65], the presence of Fe3+ in the zirconia surface layer has no essential effect on the rate-

determining steps for oxygen reduction on porous Au electrodes [171]. At the same time, the 

exchange current density increased by 10-50 times at 773-1073 K [171,342]. The implanted layers 

were stable up to 973-1073 K; further heating leads to the iron dissolution in the YSZ bulk 

[341,342]. The surface implantation of Ce or Mn into YSZ was carried out [337] with the insertion 

depth of 150-300 nm. At 1023 K, the polarization resistance of Pt electrodes deposited onto the 

surface-modified electrolyte was drastically decreased in comparison with pure YSZ, especially for 

cerium implantation. On the other hand, the ion implantation method is not commercially feasible 

[339].  

Another technique for the electrolyte surface modification, via deposition of active 

components and subsequent firing (e.g. [344]), is simpler and more effective for practical 

applications, except for the obvious limitations in case of thin electrolyte films. The comparison of 

various dopants incorporated into YSZ surface, showed the best results for Ni and Mn at the anode 

and cathode sides, respectively [344]; the maximum power density for such SOFC was about 425 

mW/cm2 at 1173 K. Manganese incorporation into zirconia was also suggested to inhibit blocking 

layer formation at the LSM | YSZ interface and to facilitate the charge transfer process [195]. 

An improvement in the surface exchange kinetics of YSZ was observed on surface doping 

by iron [343]. This effect was attributed, however, to the removal of unfavorable phase impurities 

(SiO2, CaO and Na2O). The deposition of iron oxide may partially the surface suppress the 

segregation of impurities in YSZ in the course of processing [343]. The authors [343] suggested 

also that no improvement in the surface exchange rate of zirconia by using catalytically active 

species can be achieved if YSZ is clean enough. Such an assumption, based on the comparison of 

tracer diffusion profiles in surface-unmodified and iron-modified samples, seems questionable 

considering other literature data, including the results on single YSZ crystals [339,345]. 

Surface-modification of YSZ with PrOx and La0.7Sr0.3CoO3-  resulted in a dramatic increase 

in oxygen exchange rate [345]. A significant improvement in the power density of a single-

chamber SOFC, where CH4-air mixture is supplied onto both electrodes made of Pt and Au, was 

achieved modifying the YSZ electrolyte surface by praseodymium oxide [346]. The modification 

was performed painting the YSZ ceramics with a saturated aqueous solution of Pr(NO3)3 at the 

cathode side and subsequent thermal treatment; the thickness of activating layer was 2-3- m [346]. 

The use of yttria-doped ceria layers between the electrolyte and electrodes was reported to 

suppress carbon deposition, to preserve high cell voltages, and to reduce interfacial resistances of 

LSM cathode and Ni-YSZ anode [28,116]. The use of such layers may be, however, associated 
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with instabilities due to cation interdiffusion, thermal expansion mismatch and secondary phase 

segregation at the interface, all increasing the cell resistance [43,62]. 

1.5.4. Modification of electrode layers 

In addition to the use of sintering aids, which can be added into electrode compositions to 

decrease the sintering temperature and to preserve high surface area, the electrodes can be further 

activated during or after fabrication, applying a highly-dispersed electrocatalytically active 

component onto the electrode and electrolyte surfaces. A number of methods, including 

impregnation with cation-containing solutions or suspensions and subsequent calcination, coating 

with oxide gels or slurries to form thin layers, and deposition of catalysts onto the electrode 

particles prior to the layer formation, are known in literature.  

The application of highly dispersed noble metals onto the surface of manganite, cobaltite- 

and cuprate-based cathodes and ceria-based anodes provides a considerable improvement of their 

performance [95,250,296,310,311]. These additives are, however, quite expensive. The use of less 

expensive silver is possible generally below 1023-1073 K, due to fast volatilization at higher 

temperatures. Nonetheless, additions of silver to the electrode composition before thermal 

treatment and/or impregnation of sintered electrode layers with Ag-containing solutions, is often 

effective to reduce cathode overpotentials [95,196,146,347,348]. Selected results are shown in 

Figs.1.16 and 1.23. Note, however, that the electrocatalytic effect of minor Ag additions is strongly 

dependent on the starting powder morphology and sintering conditions, which determine the 

distribution of remaining Ag in the electrode system. For example, no positive impact was 

observed for La0.65Sr0.3MnO3 cathodes synthesized by the Pechini method, with homogeneously 

distributed 0.1-2.0 wt% Ag [349]. Minor (0.3-3 wt%) additions of nickel onto the anode surface 

were found to significantly decrease the polarization resistance of mixed-conducting Ce0.6Gd0.4O2,

La0.75Sr0.25Cr0.97V0.03O3 and Ti0.22Y0.16Zr0.92O2 oxide anodes and Ni-Ce0.9Gd0.1O2 (40-60 vol%) 

cermets; no essential effect was found in the case of Ni- Zr0.92Y0.16O2 (40-60 vol%) layers [162].  

For oxygen-containing atmospheres, praseodymia can be used as an activating agent to 

reduce polarization of the oxide and metal electrodes [32,146]. The influence of praseodymia 

modification on the performance of manganite-based cathodes is illustrated by Fig.1.23. The 

overpotentials of dense In2O3 | YSZ electrodes decrease after the deposition of PrOx thin layer, 

obtained by the nitrate decomposition [177]. 

The manganite electrodes can also be activated applying other perovskite materials with 

higher electrochemical activity, such as cobaltites, onto the surface; in this case, the thermal 

expansion mismatch is less important due to high porosity. For example, screen-printing of 

(La,Sr)CoO3-  over manganite layers resulted in considerably lower overpotentials [350]. The 
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impregnation by the aqueous solution of nitrates prepared via the dissolution of La0.5Sr0.5CoO3-  or 

Pr0.5Sr0.5CoO3 in nitric acid, enabled to reduce polarization of La0.6Sr0.4(Mn,Fe)O3-  cathodes [201]. 

Analogously, a drastic decrease in the polarization resistance of La0.7Sr0.3CoO3- , 10-100 times, was 

achieved after surface modification via the impregnation with a solution of metal acetates of the 

same cation composition [351]. As for PrOx deposition, such an improvement cannot be attributed 

to a single factor determining electrode activity. This type of modification increases specific 

surface area, improves the contact between electrode grains and between electrode and electrolyte, 

and enlarges the TPB.  
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The effects of impregnation of Ni - YSZ cermets and La0.72Sr0.18MnO3 cathodes with fine 

Zr0.97Y0.03O2, CeO2 and Ce0.8Sm0.2O2 oxide particles, via immersing electrode layers in the acidic 

solutions of metal nitrates, were assessed in Ref.[157]. In all cases, the performance was 

considerably improved (Fig.1.8). Furthermore, sintering, grain growth and agglomeration of the 

metal particles in cermet anodes were effectively inhibited; ceria incorporation into the anodes was 

found most favorable, as expected [157]. 

An additional impact can be provided decreasing the particle size of the oxide activating 

agents down to nanoscale level. In combination with a greater surface area, this should affect both 

transport and electrocatalytic properties due to a reduced defect formation energy and high 

concentration of grain boundaries on the surface [352,353]. For instance, nanocrystalline ceria 
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exhibits a substantially higher electronic conduction and faster oxygen exchange if compared to the 

materials with micron-sized grains [352,353]. 

1.6. Concluding remarks: promising directions in the developments of novel 

electrode materials 
The major prospects in SOFC developments are directed towards decreasing the cell 

operation temperatures, which increases the role of cathode and anode polarization. As concluded 

from Chapter 1.5.1, an optimum cathode material for the IT SOFCs can hardly be proposed to the 

moment; each group of known materials possesses a number of specific disadvantages limiting the 

practical use. Since the properties of perovskite-type solid solutions are usually intermediate with 

respect to end members, improving one parameter relevant to the electrode application results often 

in deteriorating the others. The same statement is valid for ceramic anodes (see Chapter 1.5.2.3). At 

the same time, the performance of state-of-the-art cathodes and anodes currently used in the SOFC 

technology is obviously insufficient for the operation at reduced temperatures. This makes it 

necessary to search for new materials, highly active for the oxygen reduction and fuel oxidation 

processes and satisfying all general requirements for the SOFC electrodes. 

For the cathodes, one promising strategy relates to the assessment of cobaltite and nickelate 

phases with intergrowth structures. In the anode developments, alternative redox-stable and 

catalytically-active phases should be tested and the role of components should be clarified in detail, 

especially in the intermediate temperature range. In parallel, simple and economically feasible 

methods of electrode processing are to be explored. These should enable the fabrication of uniform 

optimized microstructures of the porous electrode layers and their subsequent activation, the 

importance of which was discussed in Chapters 1.4, 1.5.3 and 1.5.4. An additional enhancement of 

the electrochemical activity could be expected using the nanocrystalline ceramic additives, further 

sintering of which should be rather limited at intermediate temperatures. To elaborate appropriate 

methodology of the electrode developments more in-depth study into the electrode reaction 

mechanisms may be desirable. Of great importance, is also the analysis of empirical knowledge 

based on the reliable and systematic experimental data on the electrode properties of promising 

materials, making it possible to optimize their compositions and microstructure. In the current 

literature, the electrode reactions were primarily investigated in contact with zirconia solid 

electrolytes. Taking into account the contributions of electrolyte surface (Chapter 1.4.4), the 

electrode activity may alter depending on the solid electrolyte material. The information on 

electrochemical behavior of electrode materials, either common or new, in contact with lanthanum 

gallate-based ionic conductors is scarce, although these electrolyte family is among most promising 

for IT SOFCs.  
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Part 2: Experimental 

2.1. Synthesis and ceramic processing  
The conditions of the powders and ceramics processing are summarized in Table 2.1. Most 

of the chemicals used for the synthesis as starting materials, were produced by Merck, Aldrich, 

Fluka or Riedel-de Haën companies (>99.9 % purity). In the case of Ce0.8Gd0.2O2- , Zr0.85Y0.15O2-

(Y8SZ), Zr0.9Y0.1O2-  and (La0.9Sr0.1)0.98Ga0.8Mg0.2O3- , commercially available powders and 

ceramics (Rhodia, Tosoh and Praxair) were used. 

Single-phase powders of zircon-type Ce1-xCaxVO4+  (x = 0, 0.1, 0.2) and Ce0.9Sr0.1VO4+ ,

pyrochlore-type Gd2-xCaxTi2O7  (x = 0.10, 0.14) and Gd2-xCaxTi2O7  (x = 0.05, 0.10, 0.14) with 

additions of ~3 mol% SiO2; K2NiF4-type La2Ni0.9Co0.1O4+ , hexagonal YBaCo4O7+ , and 

perovskite-type La0.3Sr0.7CoO3-  powders were synthesised via a standard ceramic technique from 

high-purity Ce(NO3)3·6H2O, V2O5, SrCO3, CaCO3, Gd2O3, TiO2, Ni(NO3)·6H2O, Y2O3, BaCO3,

Co(NO3)2·6H2O and La2O3. Before weighting, gadolinium, titanium, yttrium and lanthanum oxides 

were annealed in air at 1173-1473 K for 2-3 h to remove adsorbates. The stoichiometric amounts of 

starting materials were mixed and then calcined in air in alundum crucibles, typically at 823-1273 

K for 5-10 h. The final solid-state reactions were conducted in air at 1123-1623 K for 5-25 h, with 

multiple intermediate regrindings under ethanol using an agate mortar and pestle. CeV0.9M0.1O4

(M = Fe, Ni, Cu) were synthesized in a similar way as Ce1-xAxVO4+ , but contained ceria 

impurities. 

Submicron powders of La2Ni0.8Cu0.2O4+  and La2Ni0.9Co0.1O4+  with K2NiF4-type structure, 

hexagonal YBaCo4-xFexO7+  (x = 0, 0.4, 0.8), and perovskite-like (La0.3Sr0.7)0.97CoO3- ,

La0.3Sr0.7Co0.8M0.2O3-  (M = Al, Ga) and La0.90Sr0.10Al0.85-xFexMg0.15O3-  (x = 0.20-0.60) were 

prepared by the glycine-nitrated process (GNP), a self-sustaining combustion technique using 

nitrates of metal components as an oxidant and glycine (NH2CH2COOH) as a fuel and chelating 

agent [354]. This synthesis method is suitable to obtain homogeneous multicomponent oxide 

powders with a large specific surface area [354], especially when the solid-state reaction is 

stagnated due to kinetic reasons. The starting materials were La(NO3)3·6H2O, Ni(NO3)2·6H2O,

Cu(NO3)2·2.5H2O, Co(NO3)2·6H2O, Y(NO3)3·6H2O, Fe(NO3)3·9H2O, SrCO3 or Sr(NO3)2, Ga2O3,

Al(NO3)3·9H2O, Mg(NO3)2·6H2O. For the synthesis, the stoichiometric amounts of metal nitrates 

were dissolved in distilled water; barium carbonate and gallia were preliminarily dissolved in an 

aqueous solution of nitric acid. Then glycine was added to the solution in an equivalent 

(La2Ni0.8Cu0.2O4+ ) or double (all other cases) amount to the stoichiometric one, calculated 

assuming the only gaseous reaction products to be N2, CO2 and H2O. Portions of a solution were 
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placed into 2 l beaker, covered with a steel grid and evaporated on a hot plate until autoignition. 

The resultant foam-like powders were calcined in air at 1073-1273 K for 2 h to remove organic 

residues and then ball-milled. La0.90Sr0.10Al0.65M0.20Mg0.15O3-  (M = Co, Ni), which occurred to be 

unobtainable as single phases, were prepared analogously to the iron-containing materials, but with 

additional treatments at 1373-1673 K. 

Table 2.1 

Details of the powder and ceramic synthesis and processing, in air 

Calcination/Synthesis Sintering Composition 

T, K Time*, h T, K Time*, h 

Relative 
density, %

Standard ceramic route 

Ce1-xAxVO4+  (A = Ca, Sr; x = 0-0.2) 873-1123 10-30 1423-1653 2-8 93-99 

Gd2-xCaxTi2O7  (x = 0.10-0.14),  1273-1623 35 1823 4 99 

Gd2-xCaxTi2O7  (x = 0.05-0.14)-SiO2   1723-1773  91-95 

YBaCo4O7+  (Method 1) 1073-1273 10 1523 2 98 

La0.3Sr0.7CoO3-     93 

La2Ni0.9Co0.1O4+  (Method 1) 1423-1593 30 1723 2 96 

Glycine-nitrate process 

La2Ni0.9Co0.1O4+  (Method 2) 1073 2 1543 2 97 

La2Ni0.8Cu0.2O4+ 1073 2 1503 2 98 

(La0.3Sr0.7)1-xCo1-yMyO3-

(M = Al, Ga; x =  0-0.03; y = 0-0.2) 

1073-1273 2 1423-1553 2 97-98 

YBaCo4O7+  (Method 2), 

YBaCo4-xFexO7+  (x = 0.4, 0.8) 

1073/1273 2/5 1473 2 78-93 

La0.9Sr0.1Al0.85-xFexMg0.15O3-  (x = 0.2-0.6) 1273 2 1673 2-4 90-91 

Cellulose-precursor technique 

Ce0.8Gd0.2O2-  (CGO) 1173 2 - -  

NiO - Ce0.8Gd0.2O2- 1173 2 - -  

CuO - Ce0.8Gd0.2O2- 1173 2 - -  

Mechanically-activated synthesis 

TbZrO4- - - 1473 6 >90 

TbHfO4- - - 1473 6 >90 

Commercially available powders 

8 mol% Y2O3-stabilized zirconia 
(Zr0.85Y0.15O2-  or Y8SZ) 

- - 1873 8 >95 

Zr0.90Y0.10O2- - -   >95 

(La0.9Sr0.1)0.98Ga0.8Mg0.2O3-  (LSGM) - - 1673 4 95 

* the total time of all synthesis steps is given 
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Nanocrystalline powders of single-phase fluorite-type Ce0.8Gd0.2O2-  (CGO) and two-phase 

NiO - Ce0.8Gd0.2O2-  (50-50 mol%) and CuO - Ce0.8Gd0.2O2-  (50-50 mol%) mixtures, were obtained 

by the cellulose-precursor method, earlier tested for synthesis of other mixed conductors (e.g. 

[158]). This technique is based on the combustion of structure-modified cellulose containing the 

metal salts. In the course of synthesis, the starting cellulose fiber was reacted with 65-70% solution 

of nitric acid, resulting in formation of so-called Knecht compound, (C6H10O5·HNO3)n; the latter 

was then hydrolyzed in order to increase sorption ability of the template. The prepared structure-

modified cellulose matrix was impregnated with 1.2 - 1.5 ml/g of 0.25-1.00 M aqueous solutions of 

the corresponding metal nitrates, Ce(NO3)3·6H2O, Gd(NO3)3·6H2O, Ni(NO3)2·6H2O and 

Cu(NO3)2·2.5H2O. Then the cellulose fibers were dried and ignited on a hot plate, forming oxide 

fiber retaining the precursor texture. In order to ensure complete firing of carbon-containing 

residuum, the materials were annealed in air at 1173 K for 2 h. The oxide fibers were readily 

destroyable into fine powders by light mechanical action. 

Single-phase fluorite-related TbZrO4-  and TbHfO4-  were synthesized from mechanically 

activated stoichiometric mixtures of high-purity terbium, zirconium and hafnium oxides. The 20g 

batch of initial oxide mixture was loaded into cylindrical vial (volume of 125 ml) with steel balls (5 

mm in diameter); the powder to balls weight ratio was 0.5-0.7. The mechanical activation was 

performed in air following the method employed in Ref.[355], in a high-energy eccentric-type 

vibration mill at 1200 rpm for 10 h.  

In order to identify possible microstructural effects on the transport properties, 

YBaCo4O7+  and La2Ni0.9Co0.1O4+  samples were prepared using two different synthesis methods, 

namely the standard ceramic technique and the glycine-nitrate process, hereafter referred to as 

Method 1 and Method 2, respectively. 

Formation of single phases or multiphase mixtures was verified by X-ray diffraction 

analysis, as described in Chapter 2.2. The powders synthesized via a standard ceramic or glycine-

nitrate routes were ball-milled for 4 hours in a nylon container with 9-20 mm zirconia balls in 

ethanol media, dried and uniaxially pressed at 200-400 MPa into disks (12-18 mm in diameter) of 

various thicknesses. Gas-tight ceramics, were sintered in air at 1423 – 1773 K for 2-8 h and slowly 

(2-4 K/min) furnace-cooled down to room temperature, in order to achieve equilibrium oxygen 

stoichiometry. Mechanically-treated TbMO4-  powders were pressed into discs of 10 mm diameter 

at 30 MPa, placed into a furnace preheated to 523 K, and then fired in air at 1473 K for 6 h with 

subsequent slow cooling. This procedure was selected on the basis of experimental data on phase 

development in the activated mixtures. After sintering, the Ba-containing samples were kept in dry 

CO2-free air for 10-20 days. Except for YBa(Co,Fe)4O7+  and TbMO4- , density of the ceramic 

materials, determined by the standard picnometric technique, was higher than 90% of the 
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theoretical value calculated from XRD data. Disc and bar-shaped samples of necessary sizes were 

then cut off using a diamond saw and polished with diamond discs, SiC papers and diamond pastes.  

2.2. X-ray diffraction, chemical analysis, IR absorption spectroscopy and 

Mössbauer spectroscopy 
Phase purity was confirmed by X-ray diffraction (XRD) analysis for the oxide powders, as 

prepared or obtained by grinding of the ceramic samples. XRD patterns were recorded in 

atmospheric air on a series Rigaku D/Max-B X-ray powder diffractometer; a Philips X’Pert MPD 

apparatus with a Pt heating strip was used for the high-temperature XRD studies. In both cases the 

scans were obtained in Cu-K radiation (  = 0.154178 nm), within 2  range from 10 to 120  with 

step 0.02  and 3-7 s/step. Room temperature XRD was performed for either equilibrated samples or 

for the materials quenched in liquid nitrogen. In order to assess phase changes on heating and under 

reduction, porous ceramics were annealed at fixed temperatures in flowing oxygen, air (purified 

from water vapour and CO2, when necessary), Ar, O2-Ar or H2O-H2-N2 gas mixtures for 2-50 

hours, with subsequent slow (1-2 K/min) or fast (10 K/min) cooling in the same flow, or 

quenching. The oxygen partial pressure was independently measured by an oxygen sensor. High-

temperature XRD studies were carried out at 298-1223 K in air and under vacuum of 

approximately 2 10-9 atm. The Fullprof software [356] was employed to calculate unit cell 

parameters, to verify lattice symmetry, and to estimate the amount of secondary phases in 

multiphase materials. In the case of partial decomposition, structural parameters of the major phase 

were refined on the first step; then the secondary phase was included in the refinement. 

The cation composition of selected samples was confirmed by inductively coupled plasma 

– optical emission spectroscopy (ICP-OES) analysis (Jobin Yvon JY 70 plus), which showed, in all 

cases, no essential deviations from their nominal compositions within the limits of experimental 

error. Infrared (IR) absorption spectra were collected at room temperature in the frequency range 

250-4000 cm-1, using the KBr pellet technique and a SPECORD M-80 instrument. 

In order to evaluate the valent states of iron cations in the oxide phases, Mössbauer 

spectroscopy was used. Mössbauer spectra were collected by Dr. João C. Waerenborgh at the 

Chemistry Department of the Instituto Tecnológico e Nuclear (Sacavém) in the framework of 

collaborative research with the University of Aveiro. For these studies, selected samples were 

annealed at 973 and 1223 K in air during 4-5 h, with subsequent quenching in liquid nitrogen. The 

Mössbauer spectra were obtained at 295 and 20 K in transmission mode using a conventional 

constant-acceleration spectrometer and a 25 mCi 57Co source in a Rh matrix; the low-temperature 

data were obtained using a liquid-helium flow cryostat with a temperature stability of ± 0.5 K. The 

velocity scale was calibrated using -Fe foil. The absorbers were obtained by pressing the 
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powdered samples (5 mg of natural Fe/cm2) into perspex holders. The spectra were fitted to 

Lorentzian lines using a non-linear least-squares method; the isomer shifts (IS) are given relative to 

metallic -Fe at room temperature. The relative areas and widths of both peaks in a quadrupole 

doublet were kept equal during refinement. The summary of the results is presented in Appendix 2. 

2.3. Microstructural studies 
The microstructure inspections of oxide powders and fibers, and fractured or polished 

ceramics were performed by a scanning electron microscopy combined with energy dispersive 

spectroscopy SEM/EDS using a Hitachi S-4100 microscope. The powders were mixed with ethanol 

and deposited onto a glass plate before applying onto the holder. The ceramic materials with a 

smooth surface were prepared by mechanical polishing on the silicon carbide papers #600-2400 

and diamond pastes 1/4-3 μm, sequentially decreasing the abrasive roughness. Then the samples 

were ultrasonically cleaned and thermally etched for 0.3-1 h in order to remove residual carbon and 

to visualize grain boundary phenomena; the temperature of etching was 150-200 K below the 

sintering temperature. 

The submicron-sized powders were characterized by transmission electron microscopy 

(TEM) coupled with EDS on a Hitachi H-9000 microscope. The powders were applied onto the 

Cu- or Ni-grid holders from ultrasonically-dispersed suspension in ethanol. The electron diffraction 

studies with 300 kV beam were employed to evaluate the crystallization processes. 

Inhomogeneities in the cation distribution were assessed using the EDS analysis. 

2.4. Dilatometry and thermal analysis 
Dilatometric data were obtained in air using a Bahr DIL801L, Linseis L70 or Linseis L75V 

series dilatometers, all with alumina measuring cell, at 298-1373 K with a heating/cooling rates of 

3-5 K/min. These studies were used to assess the shrinkage behavior and to calculate the thermal 

expansion coefficients (TECs). For the dilatometric analysis, the rectangular samples were cut from 

green compacts or sintered ceramics.  

Thermogravimetric and differential thermal analyses (TG/DTA) were carried out on a 

Setaram LabSys TG-DTA16 or Setaram SetSys 16/18 instruments in a flow of air or 10%H2-

90%N2 mixture. The powdered samples prepared by grinding ceramics were preliminarily annealed 

in air at 1273 K with subsequent 1 K/min cooling down to room temperature. TG/DTA 

measurements were performed in air, with 3-5 K/min ramp rate. Alternatively, the measurement 

regime included heating to a desired temperature (1-3 K/min) in air flow, equilibration at this 

temperature for few hours, flushing the apparatus with argon, exposure in flowing 10%H2-90%N2

mixture and then heating to 1373 K in the same flow in order to ensure complete reduction to 
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oxides with constant stoichiometry and metals. The total oxygen content in air was then calculated 

from the latter results. 

2.5. Measurements of the total electrical conductivity and Seebeck coefficient

The total electrical conductivity ( ) was measured by 4-probe dc technique, van der Pauw 

method or ac impedance spectroscopy (Hewlett Packard HP 4284A precision LCR meter, 

frequency range 20 Hz-1 MHz), using ceramic bars and/or discs. The impedance data were 

collected in flowing air, argon and 10%H2-90%N2 mixture and analyzed using the “Equivalent 

Circuit” program [357]. The values of the activation energy (Ea) for conductivity were calculated 

by the standard Arrhenius equation: 

0 aA E
exp

T RT
 (2.1) 

where A0 is the pre-exponential factor. 

The isothermal measurements of the p(O2) dependencies of total conductivity (4-probe dc)

and Seebeck coefficient ( ) were performed at 973-1223 K on two separate bar-shaped samples 

placed inside a hermetical cell of YSZ (Fig.2.1). This cell was equipped with an electrochemical 

oxygen pump and a sensor, isolated from each other by a glass-ceramic sealant. For the 

thermoelectric power measurements, the sample was squeezed between two B-type thermocouples, 

one end of which served also as a potential probe for measuring thermal e.m.f. of the sample. The 

system was initially evacuated with a vacuum pump and filled with O2-CO2 gas mixture. In the 

course of measurements, the oxygen partial pressure was varied by the solid-electrolyte oxygen 

pump, continuously pumping oxygen in or out the cell, and controlled by the sensor. The criteria 

for equilibration of a sample after a change in either p(O2) or temperature included the relaxation 

rates of the conductivity and thermopower less than 0.05 %/min and 0.001 V K-1 min-1,

respectively. Due to stagnated gas diffusion and compositional instabilities at oxygen partial 

pressures from 10-6 down to 10-11-10-9 atm, resulting in hysteresis phenomena and, possibly, non-

equilibrium values of the conductivity and Seebeck coefficient, this p(O2) range was usually 

excluded from consideration. At higher and lower oxygen pressures, the transport properties of 

single phase materials were completely reproducible, within the limits of standard experimental 

error. The thermopower was determined under a temperature differential of 10-15 K; the higher 

potential was formally assigned to a hotter end of the sample. The Seebeck coefficients were than 

corrected to that of corresponding Pt-Rh alloy. 
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Fig.2.1.  Schematic drawings of the experimental set-ups for the measurements of total conductivity and 

Seebeck coefficient vs. p(O2) (left) and electrode polarization (right). 

The evaluation of the low-p(O2) phase stability boundary was based on the data on total 

conductivity and thermopower vs. oxygen partial pressure. The Seebeck coefficient defined as a 

voltage generated in a material under unit temperature gradient, is a function of charge carrier 

concentration and mobility, both being very sensitive with respect to the phase composition. The 

same is for the electronic and ionic conductivities. The oxygen pressure, at which the slope of 

log( ) - log p(O2) and  - log p(O2) dependencies starts to change stepwise, was considered as the 

stability limit at a given temperature. Further reducing of oxygen partial pressure leads to a drastic, 

usually irreversible degradation of the electrical properties due to phase decomposition. 

2.6. Oxygen transport properties 
The oxygen transport parameters (permeability, transference numbers and ionic 

conductivity), were measured only for dense gas-tight ceramics. Both sides of the disc-shaped 

sample (diameter 9-11 mm) were polished until the necessary thickness and a mirror surface were 

achieved. The gas-tightness was then tested under the total gas pressure of 2 atm. When necessary, 

Pt electrodes (Engelhard paste) were painted onto both sides of the sample and annealed at 1223-

1273 K.  
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Fig.2.2. Schematic assemblies of experimental set-ups for the faradaic efficiency (left) and e.m.f. (right) 

measurements. 

2.6.1. Faradaic efficiency studies 

The oxygen ion transference numbers (tO = O/( O+ e) where O and e are the partial 

ionic and electronic conductivities), were determined by the faradaic efficiency (FE) technique, 

based on the comparison of the total electrical current driven through the sample by an applied dc

voltage, and the corresponding oxygen flux. Most of the measurements were carried out under zero 

oxygen chemical potential ( ) gradient in atmospheric air at 973-1223 K. The measuring cells 

comprising an oxygen pump and a sensor made of YSZ solid electrolyte, sealed together with the 

glass-ceramics (see Chapter 2.7.3), are illustrated in Fig.2.2 (left). After sealing of a gas-tight 

ceramic sample with porous Pt electrodes onto preliminarily prepared zirconia cell, a direct current 

Itotal was passed through the sample pumping oxygen into the cell, and a current IO was 

simultaneously passed through the pump, removing oxygen from the cell. The time-independent 

current values were adjusted to provide sensor e.m.f. values (Esens) to be constant and close to zero:  

2
sens

1

pRT
E ln 0

4F p
 (2.2) 

where p1 and p2 were the oxygen partial pressures inside and outside the cell. In steady-state 

conditions, oxygen chemical potential gradients across the membrane were therefore negligible. 

The steady oxygen fluxes through the sample (Jtotal) and a pump (JO) are defined as: 
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1
total O totalJ t I (4F)    and   1

O OJ I (4F)  (2.3) 

Since these fluxes should be equal, the oxygen ion transference number can be determined: 

O
O

total

I
t

I
 (2.4) 

Decreasing temperature and/or oxygen partial pressure in the measuring cells is known to 

increase errors in the transference number determination by the classical faradaic efficiency and 

e.m.f. techniques due to a greater role of electrode polarization, which may be significant in the 

case of materials with dominant ionic transport. When the effect of electrode processes, tested 

combining the faradaic efficiency data with impedance spectroscopy was found negligible, tO

values were calculated from Eq.(2.4). Otherwise, the modifications of FE method were employed 

to take the electrode polarization resistance (R ) into account and to increase accuracy of the 

transference number determination. For small ionic currents, the electrode overpotential ( )

linearly depends on current as OR I . Fig.2.3A illustrates the equivalent circuit for a mixed 

conductor with polarizable electrodes. The total current through the sample and ionic current 

though the pump are related to applied voltage (U) via Ohm’s law:  

total

O e

1 1
I U

R R R
        and        O

O

U
I

R R
 (2.5) 

where RO and Re are the bulk ionic and electronic resistances, respectively. Here R  corresponds to 

the sum of the polarisation resistances of both electrodes. The apparent transference number (tO
obs)

is related to the true tO as [358,359]: 

1

obs e
O O

O e O e

RR
t t 1

R R R R R
 (2.6) 

As follows from equivalent circuit (Fig.2.3), at small currents and overpotentials, the tO values can 

be calculated from a combination of faradaic efficiency data and bulk resistance of the sample 

(Rbulk) obtainable by ac techniques such as impedance spectroscopy: 

bulk total O
O

R (I I )
t 1

U
;          O e

bulk

O e

R R
R

R R
 (2.7) 

Each tO value was averaged from 2-4 experimental data points. The oxygen ionic 

conductivity was calculated from data on total conductivity and transference numbers as 

O =  tO. In the case of measurements under p(O2) gradient, the results were corrected for the 

steady oxygen permeation fluxes, independently measured prior to the faradaic efficiency.  
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Fig.2.3.  Equivalent circuits for the faradaic efficiency measurements (A) and classical e.m.f. technique (B), 

and illustration of Gorelov’s modification of the e.m.f. method (C). 

2.6.2. Determination of oxygen permeation fluxes 

When a ceramic membrane having mixed oxygen ionic and electronic conductivity is 

placed under an oxygen chemical potential differential, the interrelated fluxes of oxygen ions and 

electrons are induced, as discussed in Chapter 1.4.1, Eq.(1.16). The oxygen permeation (OP) 

processes through dense ceramics were analyzed in terms of permeation flux density of molecular 

oxygen j [mol s-1 cm-2] and specific oxygen permeability J(O2) [mol s-1 cm-1], interrelated as 

([146] and cited references): 

1

2
2

2 1 1

pRT d j
J(O ) = = j d ln

- p
 (2.8) 

where d is the membrane thickness, μ1 (p1) and μ2 (p2) are the 
2O  (p(O2)) values at the membrane 

permeate and feed sides, respectively (μ2>μ1, p2>p1). The quantity J(O2), proportional to j  d by 

definition, is suitable to identify limiting effects of surface oxygen exchange kinetics on the oxygen 

permeation analysing the membrane thickness dependencies of the permeation fluxes. In the case 

of negligible effect of the processes at the membrane/gas boundaries when the integral form of the 

Wagner law is observed, the values of oxygen permeability should be thickness-independent, 

whilst the permeation fluxes should increase with decreasing d. In this case, the overall steady-state 

oxygen permeation flux through the membrane can be represented as [90,92]:  
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2 2

1 1

O O e
O O2 2

O e

I 1 1
j d t (1 t ) d

4F S 16F d 16F d
 (2.9) 

where S is the surface area. The tO and O values can be estimated from Eq.(2.9) and the total 

conductivity data: 

1
2

O
O

sens

4d I1 1
t 1

2 2 S E
 (2.10) 

If the overall oxygen transport is limited by the surface exchange rate only, the oxygen fluxes 

should not depend on the thickness at given oxygen chemical potential gradient and the 

permeability should increase with increasing d due to a decreasing role of the exchange rates. The 

ceramic membranes with different thicknesses from 0.5 to 1.4 mm were measured in the 

electrochemical cells similar to those used for the FE measurements (Fig.2.2). The membrane feed 

side was exposed to atmospheric air (0.21 atm), while p1 was varied from 5 10-3 to 0.1 atm. 

2.6.3. E.m.f. measurements 

The electro-motive force (emf) technique is based on the measurement of the open-circuit 

voltage of a cell placed under an oxygen chemical potential gradient. For an oxygen concentration 

cell with negligible electrode polarisation resistance, the oxygen ion transference number averaged 

in the given oxygen pressure range is obtained from the ratio of the measured emf (Eobs) and 

theoretical Nernst voltage (Etheor) as (Eq.(1.7)):  

obs
O

theor

E
t

E
 (2.11) 

As for the FE measurements, significant polarisation resistance may lead to underestimated ion 

transference numbers. For the small currents through the cell, when the polarization curve obeys a 

linear low, the process is represented by equivalent circuit Fig.2.3B and Eq.(2.6) is applied. For the 

measurements, a modification of the emf method proposed by Gorelov [358] was used, simulating 

an increase of the electronic conductivity with an external variable resistance (Rload) and measuring 

the cell voltage as a function of Rload. From the corresponding equivalent circuit (Inset of Fig.2.3C) 

one can easily obtain the relation: 

theor
O

obs e load

E 1 1
1 (R R )

E R R
 (2.12) 

As long as Rload >> Rbulk, the function (Etheor/Eobs-1) against reciprocal Rload can be approximated by 

a simple linear regression with (RO+R ) slope (Fig.2.3C). Re can be found from an absolute term. 

The oxygen ion transference number can thus be obtained as O bulk et 1 R R , where the bulk 

resistance (Eq.2.7) is independently measured by ac impedance spectroscopy.  
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The tO values were determined at 873-1223 K by the modified emf technique under O2/air, 

air/Ar or air/10%H2-N2 gradients; the gas flow rates of 50-250 ml/min were fixed by Bronkhorst 

mass-flow controllers. The ion transference numbers obtained by the emf method are averaged in 

the oxygen chemical potential gradient, which can be expressed using Wagner’s law as: 

2 2

1 1

-1 p

O2
O O 2

2 1 1 O e 2p

p1 1
t t d ln dp(O )

- p p(O )
 (2.13) 

Substituting the models for the partial conductivities as functions of oxygen pressure can make it 

possible to determine the equilibrium tO values at fixed p(O2).

Eq.(2.12) may fail for highly polarizable electrodes, or when vs. I deviates from the 

assumed linear relation. In this case, R  should be replaced with /I. Then the overpotential and 

ionic current can be expressed as: 

O O
theor obs

e load

R R
E E 1

R R
(2.14a)

obs

e load

1 1
I E

R R
 (2.14b) 

The partial electronic resistance derived as illustrated in Fig.2.3C, may thus be combined with the 

experimental data on Eobs vs. Rload. One should examine the  - I dependence to avoid the 

conditions of limiting current density and to verify if the overpotential increases faster than current 

on varying the external load resistance. Linearity of Etheor/Eobs-1 vs. 1/Rload can be considered as a 

first criterion to confirm the applicability of emf measurements under short-circuit conditions. One 

alternative criterion is based on the values of dimensionless overpotential F /RT. If the electrode 

kinetics can be approximated by the Butler-Volmer type equations, Eq.(1.24), nearly constant 

polarization resistance can be expected when the values of F| |/RT are lower than approximately 

0.2. Otherwise, only sufficiently higher values of external resistance should be used to ensure that 

relative changes in current remain small.  

2.7. Fabrication and electrochemical studies of electrode layers 
2.7.1. Electrode fabrication 

The electrode layers were studied in contact with LSGM or Zr0.9Y0.1O2-  electrolytes. 

Sintered dense disc-shaped ceramics with the diameter of about 17 mm were polished to thickness 

of 0.9-1.9 mm, cleaned and tested for gas-tightness under the total gas pressure of 2 atm. Porous 

electrodes were screen-printed (screen 32 HD - SSThal) or brush-painted onto the LSGM ceramics 

and annealed in air for 2 h at various temperatures. The electrode diameter was 4.8-7.2 mm, 

thickness was about 30-40 m and sheet density varied from 10 to 20 mg/cm2. The details 
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concerning formation of the porous cathode and anode layers are described in Chapters 5.1.1 and 

5.3.1, respectively.  

2.7.2. Cell configuration and measuring set-ups 

The electrode polarization measurements were carried out by the electrochemical 

impedance spectroscopy using the 3-electrode technique. The cell geometry, chosen according to 

works [74,360], is illustrated in Fig.2.4. The counter electrode (CE) was symmetrical to the 

working electrode, the reference electrode (RE, diameter of about 1 mm) was placed 5-7 mm away 

from the WE; both CE and RE were painted with Pt paste (Engelhard) and fired at 1273 K. The 

slight changes in geometry were verified not to influence the results.  

Pt gauze (Engelhard) or wire (diameter of 0.5 mm), were used as a current collector (CC), 

Fig.2.4 (B and C). In the case of the cathode layers, the CC configuration had no essential influence 

on the polarization characteristics. 

WE

CE

RE

Electrolyte

A B C

CC CC

Fig.2.4. Geometrical arrangement of the electrochemical cells for the measurements of the electrode 

properties. 

The experiments were performed in the cell (Fig.2.1, right) with separated WE and CE 

zones in flowing air and O2-Ar mixtures (flow rate of 25 ml/min) for the cathode measurements 

and in flowing humidified 10%H2-90%N2 gas mixture for the anode; air was supplied to the CE in 

all cases. The composition of gas mixtures was settled by Bronkhorst mass-flow controllers; the 

oxygen partial pressure at both sides was controlled by electrochemical oxygen sensors to vary in 

the range from 4 10-4 to 1 atm at the cathode and 1 10-25-2 10-19 atm at the anode. The cathode 

layers were also tested in a similar set-up as in Fig.2.1 in open air without sealing the sample and 

p(O2) control. 

2.7.3. Selection of glass-ceramic sealants  

The glass-ceramic materials were used for the cell hermetization in high-temperature zone. 

The sealants should satisfy numerous requirements, including chemical stability, good adhesion to 

the cell components, minimum electrical conductivity and electrochemical permeability, and 
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adequate mechanical and thermal properties. The stability of seals with commercial Pyrex is 

usually insufficient due to thermal expansion mismatch and/or interaction with SOFC components. 

Therefore, a series of alternative glass-ceramics based on the multicomponent system SiO2 (30-65 

mol%)  Al2O3 (0-6%) – MgO (0-40%) – CaO (0-25%) – BaO (10-18%) were obtained and 

studied. The nominal compositions and physicochemical, mechanical and transport properties of 

selected sealants are shown in Table 2.2 and Appendix 1 (Figs.A1.1-A1.5). 

Moderate amounts of YSZ and TiO2 with submicron particle size were introduced into the 

compositions before melting in order to achieve external nucleation, to modify crystal growth rate, 

and to optimize physicochemical properties. In most cases, as-prepared materials were completely 

amorphous, while the crystal phases were grown after annealing at elevated temperatures 

(Fig.A1.1).  

Table 2.2 

Composition and properties of glass-ceramics  

Designation S2 S3 S5 S7 

Main components 

(weight ratio) 

SiO2-Al2O3-CaO-BaO 

(100-9-38-53) 

SiO-Al2O-Ca-BaO 

(100-16-30-88) 

SiO-Mg-BaO 

(100-50-68) 

SiO-Mg-BaO 

(100-17-64) 

Additives Y8SZ, 16.4 wt% TiO2 CaO, Y3SZ CaO, Y3SZ 

Tsealing, K 1220 - 1240 1430 - 1460 1470 - 1490 1375 - 1385 

106, K-1

(T, K) 

8.02  0.02  

(350 - 1040) 

8.65  0.02 

(350 - 1000) 

11.47  0.04 

(400 - 1000) 

8.45  0.03 

(490 - 970) 

Rupture modulus, MPa 103  19 85  21 121  24 -

Vicker's hardness, GPa 0.69  0.06 0.52  0.07 >1 - 

J(O2)
1123, mol s-1 cm-1 < 8  10-12

< 8  10-12 -

Notes:  

- The modulus of rupture and the Vicker's hardness were measured at room temperature using a LR 30K 
machine (Lloyd Instruments, UK) and M-type microhardness-tester (Shimadzu, Japan), respectively.  

- The specific oxygen permeability J(O2) was measured under air/H2-H2O-N2 gradients, corresponding to the 
e.m.f. of a YSZ sensor of 1.10-1.15 V, using a set-up similar to Fig.2.2 (right). The thickness of glass-
ceramic sample was 1.0 0.1 mm; the data are averaged for 80-100 h of testing.  

Typical microstructures demonstrating the quality of interfaces between glass-ceramics and 

solid electrolytes, fractured after sealing, are shown in Fig.A1.3. For most cells, a relatively good 

adhesion and negligible interaction with YSZ and CGO are observed, whilst LSGM may form 

reaction layers when the sealing temperature is higher than 1450 K. Nonetheless, the used sealants 

provide a better stability in contact with LSGM, compared to Pyrex. One should also note that 

moderate additions of zirconia seem to increase mechanical strength (Table 2.2), although this 

effect is within the limits of experimental uncertainty. Fig.A1.2 presents the temperature 

dependencies of relative elongation of the glass-ceramic materials; the TEC values are close to 



Part 2: Experimental 
_______________________________________________________________________________________ 

91

those of solid electrolytes and alumina. The total conductivity (Fig.A1.4) was found essentially 

independent of composition; no attempts to clarify the mechanism of electrical transport were 

undertaken. The long-term stability tests under SOFC operation conditions were performed using 

YSZ electrochemical cells comprising one oxygen pump and a sensor, similar to that shown in 

Fig.2.2 (left) but in hermetical chamber with a gas inlet and outlet and an additional oxygen sensor. 

Gas-tight membranes, made of glass-ceramics or YSZ, were sealed onto the cell in air. Then these 

cells were placed into flowing H2-H2O-N2 mixtures; the current through the pump was adjusted to 

provide time-independent sensor emf, thus compensating leakages. Except for noise, the variations 

of sensor emf of the cells are related to the changes of oxygen partial pressure inside these cells. In 

all cases, no degradation at temperatures below 1150 K during 300-1000 h was found, as illustrated 

by Fig.A1.5. At higher temperatures, however, the long-term stability of glass-ceramic sealants 

under O2-N2/H2-H2O-N2 is often insufficient; the leakage drastically increases after 300-700 h. The 

XRD studies showed that the degradation phenomena are associated with different crystallization 

mechanisms in reducing and oxidizing conditions, leading to re-crystallization of the sealants under 

SOFC operation conditions. 

For sealing of the electrochemical cells, the prepared glass-ceramics were ball-milled and 

the fraction with particle size smaller than 90 m was sifted out. The paste of this powder with 

ethanol was deposited on the junction of cell components, annealed at necessary temperature for 

10-30 min and 1-2 K/min cooled down. Since the S3 or S5 glass-ceramics should be heated above 

1440 and 1470 K, respectively, and are essentially non-reactive with YSZ, these were chosen to 

seal an oxygen pump to a sensor of the cell shown in Fig.2.1 (left) and the cells for oxygen 

permeability and faradaic efficiency measurements (Fig.2.2, left). The concentration cell Fig.2.2 

(right) was sealed with S3 or S7 glass-ceramics. For the OP, FE and emf measurements, the sample 

was sealed to the YSZ sensor with S7 sealant, except for the cases when the TEC value of the 

studied material was more compatible with Pyrex. As S3 and S5 suffer from the interaction with 

LSGM solid electrolyte and degradation in reducing atmospheres, the S2 sealant was used in the 

cells for electrode tests (Fig.2.1, right).  

2.7.4. Electrochemical measurements  

The measurements were performed in the galvanostatic mode using an AUTOLAB 

PGSTAT20 instrument at 873 - 1073 K. The overpotential ( ) was calculated as: 

U I R  (2.15) 

where U is the steady-state potential difference between the WE and RE, I is the current between 

WE and CE, and I R is the ohmic contribution to the total potential drop. The values of the ohmic 

resistance, R, were determined from the corresponding impedance spectra collected in the 
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frequency range from 10 mHz to 50 kHz. The impedance spectroscopy data were also used to 

calculate the electrode polarization resistance, R , which can be derived as the difference between 

the low- and high-frequency intercepts of the electrode part of impedance spectra. The highest 

current density values were 360 mA/cm2 and 300 mA/cm2 for the cathode and anode, respectively. 

The time-dependencies of the potential under dc polarization were measured a priori; the time 

necessary to attain steady-state conditions was 0.5-2 h. 

2.7.5. Reproducibility tests and assessment of materials interaction 

The reproducibility of electrochemical data was verified studying 2-3 similar electrodes 

prepared under identical conditions. Additional tests were performed on one and the same sample 

after each measurement cycle to check whether the results are reproducible after the temperature 

variations and polarization treatments.  

As-prepared electrode layers and the cells after electrochemical measurements were 

examined by XRD, SEM/EDS, TEM/EDS and ICP analyses in order to reveal possible changes in 

phase composition and microstructure. 
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Part 3: Cobalt- and nickel-containing phases promising for cathode applications 

This Chapter is centered on the characterization of cobaltite and nickelate phases studied as 

potential cathode materials for IT SOFCs. Perovskite-type cobaltites, possessing a high 

electrochemical activity, suffer from excessive thermal expansion. To some extent, the lattice 

expansion might be reduced by doping, particularly by incorporating Al3+ or Ga3+ cations having a 

stable oxidation state, which should decrease chemical contribution to the thermal expansion. The 

cobaltite and nickelate phases with layered structures are expected to have a lower thermal 

expansion in combination with high mixed conductivity and cathode activity. However, to date of 

this work, the information on transport and electrochemical properties of these materials is scarce.  

3.1. General characterization 
3.1.1. La0.3Sr0.7CoO3-based perovskites  

SEM inspections showed that GNP-synthesised La0.3Sr0.7CoO3-  based powders consisted 

of submicron-sized particles (Inset in Fig.3.1). As expected, these powders demonstrate an 

enhanced sintering ability; one example of which is illustrated by Fig.3.1. The densification of 

green compacts starts already at 1000-1100 K, with a maximum shrinkage at 1170-1180 K. 

However, the materials with sufficiently high density (Table 2.1) can be sintered only at 1423-1553 

K.  

Fig.3.1.  Relative shrinkage of 

La0.3Sr0.7Co0.8Ga0.2O3-  green 

compacts. Inset shows SEM 

micrograph of as-synthesized 

powder annealed at 1073 K.

Typical microstructures of fractured La0.3Sr0.7CoO3-based ceramics are shown in Fig.3.2. 

The grain size of La0.3Sr0.7Co0.8Ga0.2O3-  material, 20 to 70 m, is substantially higher than that of 

the other two ceramics, due to the higher sintering temperature. Minor traces of a glassy phase are 

observed at the grain boundaries, indicating a liquid phase-assisted sintering process. Notice, 
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however, that no essential inhomogeneities in the cation distribution between grain bulk and 

boundaries were detected by EDS, in all cases.  

A B

C Fig. 3.2.  SEM micrographs of fractured 

(La0.3Sr0.7)0.97CoO3-  (A) and 

La0.3Sr0.7Co0.8Al0.2O3-  (B), and polished and 

fractured La0.3Sr0.7Co0.8Ga0.2O3-  (C) ceramics.

Table 3.1 

Properties of La0.3Sr0.7CoO3-based ceramics 

Average linear thermal 
expansion coefficient in air 

Activation energy for the 
oxygen permeation fluxes*

Composition Relative 
density, 

%

Unit cell 
parameter 

a, nm T, K 106, K-1 T, K Ea, kJ/mol 

300 - 750 19.6  0.5 La0.3Sr0.7CoO3- 92.6 0.3836 

750 - 1100 28.8  0.5 

1023 - 1153 77  5 

390 - 640 17.5  0.3 (La0.3Sr0.7)0.97CoO3- 97.5 0.3837 

790 - 1160 29.7  0.5 

1073 - 1173 106  12 

390 - 790 17.4  0.2 La0.3Sr0.7Co0.8Al0.2O3- 97.2 0.3846 

790 - 1240 28.3  0.4 

1103 - 1173 124  2 

360 - 710 15.9  0.5 La0.3Sr0.7Co0.8Ga0.2O3- 96.5 0.3871 

710 - 1030 27.9  0.4 

1073 - 1223 78  11 

* the permeation fluxes correspond to the oxygen pressure gradient of 0.209/0.066 atm and the membrane 
thickness of 1.00 mm. 
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Fig.3.3. XRD patterns of 

La0.3Sr0.7CoO3-based ceramics 

thermally treated in various 

atmospheres. 

XRD analysis confirmed that all studied materials, (La0.3Sr0.7)0.97CoO3- ,

La0.3Sr0.7Co0.8Al0.2O3-  and La0.3Sr0.7Co0.8Ga0.2O3- , are single-phase and have the cubic perovskite 

structure (space group Pm m3 ) characteristic of the parent compound, La0.3Sr0.7CoO3-  [239]. 

Selected examples of XRD patterns are shown in Fig.3.3. Doping with Al3+ and Ga3+ leads to 

increasing unit cell parameters (Table 3.1). Taking into account the ionic radii of B-site cations 

[60], one may conclude that the substitution of aluminum or gallium for cobalt decreases the Co4+

fraction, as for tetravalent iron in the La0.3Sr0.7Fe(Ga)O3-  system [215]. The minor lattice 

expansion due to creation of A-site cation vacancies results, most likely, from increasing anion 

repulsion. No structural changes were observed on heating in air up to 1273 K, while reducing 

oxygen partial pressure down to approximately 10-5 atm results in a transition into the 

brownmillerite-like phases (Fig.3.3). 
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of the total conductivity of 

La0.3Sr0.7CoO3-based ceramics in 

air. 

The total conductivity of perovskite-type cobaltites is predominantly p-type electronic 

[239,240]; the progressive increase of the oxygen deficiency leads, in particular, to a lower 

concentration of electron holes and thus decreases the conductivity when temperature increases. 

Examples of oxygen stoichiometry variations in air calculated from the thermogravimetric results 

under reduction in a flowing 10%H2-90%N2 mixture, illustrating this trend, are shown in Fig.3.4. 
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The conductivity of (La0.3Sr0.7)0.97CoO3-  is substantially higher compared to the A-site-

stoichiometric material (Fig.3.5), indicating the higher concentration of Co4+ ions. Incorporation of 

Al3+ and Ga3+, having constant oxidation state, decreases the concentration of B sites contributing 

to the electron-hole conduction, and leads to a lower electronic transport. As for 

La0.3Sr0.7(Fe,Ga)O3-  [215,216], Ga- and Al- substitution results not only in lower charge carrier 

concentration, but also in decreasing hole mobility provided by the Co O Co bonds [361], a part 

of which becomes blocked by dopant cations. This is reflected by the higher activation energy for 

the total conductivity of La0.3Sr0.7Co0.8M0.2O3-  (M = Al, Ga) than that of La0.3Sr0.7CoO3-  in the 

low-temperature range (Fig.3.5).

3.1.2. YBaCo4O7+  and its derivatives 

The crystal structure of YBa(Co,Fe)4O7 (Fig.3.6), firstly reported for HoBaCo4O7

[237], comprises two distinct cobalt sites, Co1 and Co2, both tetrahedrally-coordinated. The 

Co1:Co2 concentration ratio is 3:1; the space group was reported as P63mc [237,238] (Fig.3.7). 

The large Ba2+ cations occupy cavities between alternating layers of (Co1)O4 tetrahedra and layers 

composed by (Co2)O4 and octahedrally-coordinated Y3+. The synthesized submicron powders 

(Fig.3.8A) contained apparently a significant amount of amorphous or partially crystallized phases, 

as indicated by electron diffraction (Fig.3.8B). XRD analysis showed that as-prepared YBaCo4-

xFexO7 ceramics were single-phase (Figs.3.7 and 3.9). In agreement with literature data [238], their 

crystal lattice was identified as hexagonal, space group P63mc (Fig.3.7). Iron doping increases a

parameter and leads to the unit cell contraction along c axis (Table 3.2). Under oxidizing conditions 

at elevated temperatures, the YBaCo4O7 structure is stable (Fig.3.9B).  

Fig.3.6.  Crystal structure of 

YBaCo4O7 according to the model 

from Ref.[237]; solid lines show 

one hexagonal unit cell. 

C
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Fig.3.7.  An example illustrating 

the quality of Fullprof analysis. 

Fig.3.8.  Bright-field TEM image (A) 

and electron diffraction pattern (B) of 

as-prepared YBaCo4O7 powder. 

Table 3.2 

Properties of YBaCo4-xFexO7+  ceramics in air 

Unit cell papameters Average linear thermal 
expansion coefficient 

Activation energy for total 
conductivity 

x

a, nm c, nm T,K 106, K-1 T,K Ea, kJ/mol 

0.6302(2) 1.0243(9) 420 - 660 9.00 0.09* 620 - 1070 21.7 0.2 0

(Method 1)   750 - 1270 7.61 0.02* 1090 - 1250 22.5 0.4 

0.6303(5) 1.0248(3) 470 - 760 7.29 0.04* 270 - 770 20 20

(Method 2)   800 - 1220 7.27 0.05* 1080 - 1250 21 4

0.4   290 -975 9.74 0.02** 615 - 935 21 6

     1160 - 1275 21 3

0.8 0.6313(2) 1.0273(8)     

* heating rate of 5 K/min; 
** heating rate of 2 K/min, with dwells at every 50 K. 
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Fig.3.9. High-temperature XRD patterns of YBaCo4O7 in air (top) and room-temperature XRD patterns of 

YBa(Co,Fe)4O7 ceramics sintered at 1473 K (bottom) (A); XRD patterns of YBaCo4O7+  after treatments in 

various atmospheres (B).

SEM/EDS analysis confirmed an absence of substantial grain-boundary anomalies. 

Fig.3.10 compares typical microstructures of materials prepared by ceramic technique (Method 1) 

and GNP (Method 2). The grain size varies in the range 2 to 10 m, being slightly larger for the 

material synthesized via the former method due to higher sintering temperature.  

The data on ion transference numbers and thermopower, given below, indicate that the 

transport in YBaCo4O7-based materials is predominantly electronic with p-type charge carriers, as 

for other cobalt-containing phases (e.g. [225] and references cited). Moderate doping of YBaCo4O7

with iron decreases electron-hole transport (Fig.3.11, A and B). At temperatures up to 930-1040 K, 

the total conductivity in air exhibits an ordinary semiconductor-like behavior (Fig.3.11). The 

activation energy is 20-21 kJ/mol. Further heating results, however, in a drastic increase of the 

values; then the conductivity decreases back to the initial level at 1190-1220 K. The anomalous 

conductivity increment is reproducible on cooling, with a hysteresis shift. The activation energies 

before and after this transition are equal within the limits of experimental error (Table 3.2). Such a 

behavior may indicate that YBa(Co,Fe)4O7 solid solutions are metastable below 900-1050 K. 
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Indeed, high-temperature XRD data collected after 5 h exposure at each temperature confirm the 

existence of hexagonal phase at 1273 K, whereas on cooling the YBaCo4O7 powder decomposes 

with partial amorphization (Fig.3.9A). These structural changes were further verified by the XRD 

analysis of a series of YBaCo4O7+  powder samples annealed in air purified from water vapor and 

CO2 at various temperatures from 773 to 1523 K with subsequent quenching in liquid nitrogen 

(Fig.3.9B). In the case of dense ceramic materials, the phase changes are kinetically-stagnated. For 

instance, the conductivity relaxation time was up to 250 h under conditions close to the 

transformation (Inset in Fig.3.12B); at higher and lower temperatures, typical transient times varied 

from 0.3 to 4 h. The slow decomposition enables to obtain single-phase solid solutions based on 

YBaCo4O7 without quenching [238].  

A B

C Fig.3.10.  SEM micrographs of fractured 

YBaCo4O7 ceramics prepared using 

Method 1 (A) and Method 2 (B) and of 

YBaCo3.6Fe0.4O7 (C).

The total oxygen content in the high-temperature phase, YBaCo4O7, where the average 

oxidation state of cobalt is +2.25, was found almost equal to the nominal value; the 

nonstoichiometry is less than 0.01 (Fig.3.12A). On the contrary, the decomposition products 

formed at low temperatures contain approximately 8.4 oxygen atoms per 4 cobalt cations. Hence, 

the phase changes are associated with instability of Co2+ state under oxidizing conditions on 

cooling, when all cobalt ions tend to become trivalent. Note that such extensive weight losses on 

heating in air observed at 1110-1200 K, cannot be attributed to BaCO3 decomposition on the 

surface, characteristic of Ba-containing oxide materials. In the course of thermogravimetric 
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measurements, the powder was heated (3 K/min) to 1273 K in dried CO2-free air, followed by the 

cooling/heating cycles at 973-1273 K with 1 K/min rate and dwells for 3-20 h with the temperature 

step of 50 K. The oxygen losses on heating are accompanied with two endothermic effects at 

approximately 1135 and 1170 K. 
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Fig.3.11.  Temperature 

dependencies of the total 

conductivity of YBaCo4O7 (A) 

and YBaCo3.6Fe0.4O7 (B) 

on heating and cooling. 

The behavior of thermal expansion of the YBaCo4-xFexO7 ceramics is similar to that of the 

total conductivity. Up to the temperatures where phase changes are observed, the TECs are 

essentially constant; one example is given in Fig.3.12B. In this temperature range, no volume 

changes were found during prolonged isothermal annealing steps. Increasing temperature above 

920-970 K results in a sharp contraction, reflected as a decrease in apparent TECs down to negative 

values. As for the conductivity, on further heating the volume and the thermal expansion 

coefficients increase back to the initial level. Phase decomposition on cooling leads to irreversible 

volume contraction. Note also that shrinkage of the ceramics due to additional sintering is very 

unlikely since 93-97% density was already achieved in the course of sintering at 1473-1523 K.  



Part 3:  Co- and Ni-containing phases for cathode applications 
_______________________________________________________________________________________ 

102

7.0

7.5

8.0

8.5

A

7+

YBaCo
3.6

Fe
0.4

O
7+

YBaCo
4
O

7+

T
E

C
10

6 , K
-1

273 473 673 873 1073 1273

-5

0

5

10

15

0 50 100 150 200
1.6

2.0

2.4

2.8

1123 K (heating)

1126 K (cooling)

1023 K (heating)

YBaCo
4
O

7+

(Method 1)

lo
g 

 (
S

/c
m

)

time, h
B

T, K

7+
time, h

0 4 8 12 16

7.0

7.5

8.0

8.5

1023 K

Fig.3.12.  Temperature 

dependencies of the oxygen content 

in YBaCo4O7+  (A) and linear 

thermal expansion coefficient of 

YBaCo3.6Fe0.4O7+  (B), in air. Insets 

show an example of transient TG 

curve of YBaCo4O7+  powder at 

fixed temperature and time 

dependencies of total conductivity 

in air after temperature variations, 

performed with a rate of 5 K/min.

In the temperature range where YBaCo4-xFexO7+  solid solutions are thermodynamically 

stable, no time degradation of the thermal expansion and electrical properties was observed. The 

XRD analysis of ceramic materials demonstrated no phase changes after prolonged thermal 

treatments, up to 1000 h. 

3.1.3. La2NiO4-based nickelates 

The X-ray and electron diffraction studies demonstrated that complete formation of 

crystalline La2Ni1-xMxO4+  (M = Co, Cu; x = 0.1-0.2) with K2NiF4-type lattice can be achieved at 

temperatures around 1200 K. For example, XRD pattern of the GNP-synthesized powder annealed 

at 1073 K shows traces of phase impurity, which cannot be identified due to very low intensity of 

the corresponding peaks (Fig.3.13). After sintering of ceramics and electrodes at 1473-1543 K, no 

secondary phases are observed. One example of selected-area electron diffraction (SAED) pattern 

typical for the crystallites in electrode layers is given as Inset of Fig.3.13. Both the powder and 

ceramics of La2Ni0.9Co0.1O4+  synthesized via the standard ceramic route were found single-phase. 

The parameters of tetragonal unit cells (space group I4/mmm) refined from the XRD data (Table 

3.3) agree well with literature [263,362] and are weakly dependent on the dopant nature and 
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concentration. The differences between materials obtained using the standard ceramic route and the 

GNP (Methods 1 and 2, respectively) are discussed in Chapter 3.3. 

Table 3.3 

Properties of La2NiO4+ -based ceramics in air 

Average linear thermal 
expansion coefficient 

Activation energy Composition Unit cell 
parameters, 

nm 
T,K 106, K-1 Process T, K Ea, kJ/mol 

a = 0.38711(4) Total conduction 300-625 15.4  0.1 La2Ni0.8Co0.1O4

(Method 1) c = 1.2656(5) 

400-1250 12.8  0.1 

Oxygen permeation 973-1223 171  6 

a = 0.3864(1)  Total conduction 300-625 15.1  0.3 La2Ni0.8Co0.1O4

(Method 2) c = 1.266(3) 

400-1250 14.2  0.1 

Oxygen permeation   

a = 0.3858(0) Total conduction 300-750 8.6 0.1La2Ni0.8Cu0.2O4

c = 1.2787(3) 

400-1240 13.3  0.1 

Oxygen permeation   

Note: Ea for oxygen permeability was calculated for oxygen partial pressure gradient of 0.209 / 0.021 atm. 

Fig. 3.13.  XRD patterns of La2NiO4+  based 

GNP-prepared powders and sintered 

ceramics. Arrow in the patterns of as-

synthesized powder indicates minor 

impurity peak, unidentified due to low 

intensity. Inset shows SAED pattern of the 

La2Ni0.8Cu0.2O4+  cathode layer sintered at 

1473 K for 2 h.
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Fig. 3.14  Dark-field TEM image 

(A) and electron diffraction 

pattern (B) of La2Ni0.9Co0.1O4+ ,

and bright-field TEM image (C) 

and electron diffraction pattern 

(D) of La2Ni0.8Cu0.2O4+  powders 

after the GNP and annealing in 

air at 1073 K.

Fig.3.15.  SEM micrographs of La2Ni0.9Co0.1O4+  ceramics prepared by Method 1 (A) and Method 2 (B) and 

of La2Ni0.8Cu0.2O4+  powder synthesized via GNP and annealed at 1073 for 2 h (C) and sintered ceramics(D). 

D

C
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TEM inspection showed that the particle size in the powder, prepared by the GNP with 

subsequent annealing at 1073 K is submicron, 30-90 nm (Fig.3.14). Due to agglomeration, this 

powder has a foam-like microstructure (Fig.3.15C) with a large surface area. The active sintering 

accompanied with complete crystallization of GNP-synthesized La2NiO4+  based phases starts at 

approximately 1100-1200 K (Fig.3.16). The high density ceramics and mechanically stable 

electrode layers can be obtained after sintering at higher temperatures (Table 2.1 and Chapter 

5.1.1). The sintering results in grain growth, up to 0.2 - 8 m (Fig.3.15). As expected, doping with 

copper assisted the sintering process and allowed decreasing the final heat-treatment temperature of 

ceramics (Table 2.1), while preserving the smaller grains (Fig.3.15D). The EDS analysis of 

ceramics and electrode layers confirmed homogeneous cation distribution, within the limits of 

experimental uncertainty; no segregation at the grain boundaries was detected. 
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Fig.3.16. Shrinkage of green compacts 

of GNP- and ceramic route-synthesized 

nickelates in air (ramp rate of 5 K/min).

Below approximately 750 K, the total conductivity of La2Ni1-xMxO4+  (M = Co, Cu; 

x = 0.1-0.2) exhibits a semiconductor-like behavior (Fig.3.17); the activation energies are listed in 

Table 3.3. At higher temperatures, an apparent transition to a metallic-like behavior is observed. 

Similar trends are typical for most La2NiO4-based materials [258,260,263]. It should be separately 

mentioned that, as for other nickelates, the conductivity of studied materials is predominantly p-

type electronic [258,260,263]; the oxygen ion transference numbers estimated using the oxygen 

permeation data are lower than 10-3. The pseudometallic dependencies of the conductivity on 

temperature result from oxygen losses on heating, leading to a decrease in p-type charge carrier 

concentration; the electron-hole transport mechanism remains, most probably, small-polaronic, 

though the direct experimental proofs are necessary. The total conductivity values of 

La2Ni0.8Cu0.2O4+ , varying in the range 50-85 S/cm at 800-1300 K in air, are sufficiently high for 

SOFC cathode applications. 
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3.2. Oxygen ionic transport 
3.2.1. Surface-limited oxygen transport in La0.3Sr0.7CoO3-based solid solutions 

Figs. 3.18 and 3.19 present the data on oxygen permeation fluxes through La0.3Sr0.7CoO3-

based ceramic membranes of various thickness, and the corresponding values of the specific 

oxygen permeability calculated by Eq.(2.8). The behavior of La0.3Sr0.7CoO3-  and 

(La0.3Sr0.7)0.97CoO3-  membranes (Fig.3.18) indicates that the effects of both surface oxygen 

exchange and bulk ambipolar conduction are significant (see Chapter 2.6.2). Namely, decreasing 

membrane thickness leads to lower permeation fluxes, whereas J(O2) increases due to a decreasing 

role of the surface exchange. The influence of interfacial processes becomes greater on reducing 

oxygen partial pressure and temperature. These observations are in agreement with the isotopic 

exchange data [363], which demonstrated, in particular, that the activation energy for bulk oxygen 

diffusion in La0.3Sr0.7CoO3-  is considerably higher than that for exchange rate. 

In contrast to undoped La0.3Sr0.7CoO3- , the effect of surface exchange kinetics on the 

permeability of La0.3Sr0.7Co0.8Al0.2O3-  and La0.3Sr0.7Co0.8Ga0.2O3-  ceramics seems to decrease with 

decreasing temperature (Fig.3.19). Similar phenomenon was earlier observed for Ga-substituted 

La0.3Sr0.7FeO3-  [216]. If comparing the levels of oxygen permeation fluxes through La0.3Sr0.7CoO3-

based materials (Fig.3.20), one may conclude that the B-site doping decreases bulk ionic 

conduction without essential influence on their exchange rates. Most likely, the strong difference in 
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the covalence of Co O and M O bonds leads to local distortions near the dopant cations, blocking 

neighboring oxygen sites.  
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Fig.3.18. Dependence of the oxygen permeation fluxes (A,B) and specific oxygen permeability (C,D) of 

La0.3Sr0.7CoO3-  (A,C) and (La0.3Sr0.7)0.97CoO3-  (B,D) membranes on the oxygen partial pressure gradient. 

In the case of (La0.3Sr0.7)0.97CoO3- , the oxygen permeability is also lower with respect to 

the A-site-stoichiometric analogue (Fig.3.20). Such a behavior confirms that the creation of A-site 

cation vacancies is mainly compensated by the formation of Co4+, in agreement with the total 

conductivity data (Fig.3.5). This results in increasing Co O bond strength, reflected by a 

substantial increase in the activation energy for oxygen transport (Table 3.1). Analogous effect is 

observed when aluminum is substituted for cobalt. 
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Fig.3.19.  Dependence of the oxygen permeation fluxes (A,B) and specific oxygen permeability (C,D) of 

La0.3Sr0.7Co0.8Al0.2O3-  (A,C) and La0.3Sr0.7Co0.8Ga0.2O3-  (B,D) membranes on the oxygen partial pressure 

gradient. 

Finally, although the oxygen-vacancy ordering processes in the cobaltite lattice at 

temperatures below 1100 K [241] are clearly visible in the Arrhenius plots of oxygen permeation 

fluxes (Fig.3.20), the role of partial ordering processes seems significantly lower in comparison 

with La0.3Sr0.7Fe(M)O3-  (M = Al, Ga) perovskites [210,216]. As a result, although the oxygen ionic 

conduction in La0.3Sr0.7CoO3-based phases is substantially faster than that in ferrites, the defects in 

the cation sublattices and/or structural distortions have a deteriorating influence on the oxygen 

transport.  
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Fig.3.20. Temperature dependence 

of the oxygen permeation fluxes 

through La0.3Sr0.7CoO3-based 

ceramics under a fixed oxygen 

partial pressure gradient. 

3.2.2. Oxygen ionic conductivity of YBaCo4O7+

The oxygen ionic transport properties were determined by the measurements of oxygen 

permeation and faradaic efficiency within the temperature range where no time-degradation of 

ceramics was observed. The ion transference numbers of YBaCo4-xFexO7+  (x = 0-0.8) at 1073-

1223 K in air vary in the range (0.4-4.5) 10-4, increasing with temperature and iron content (Table 

3.4). The partial oxygen-ionic conductivity calculated from the transference numbers and total 

conductivity, is essentially independent of iron concentration (Table 3.5). 

Table 3.4 

Oxygen ion transference numbers of YBaCo4-xFexO7+  ceramics 

x = 0 (Method 1) x = 0 (Method 2) x = 0.4 x = 0.8 

OP OP FE FE FE 

T, K 

d = 0.6 mm d = 0.6 mm d = 1.0 mm d = 1.0 mm d = 1.0 mm d = 1.0 mm 

1223 1.8  10-4 1.5  10-4  1.8  10-4  9.1  10-5 3.4  10-4 4.2  10-4

1173 1.7  10-4 1.4  10-4 1.5  10-4 7.2  10-5 3.0  10-4 3.9  10-4

1123 1.2  10-4 1.1  10-4 1.2  10-4    

1073 2.9  10-5 3.9  10-5 1.1  10-4

Notes:  

- the FE measurements were performed under zero oxygen chemical potential gradient in air; 
- the transference numbers calculated from the OP data are averaged in the p1 range from 0.05 to 0.10 atm, at 

fixed p2 = 0.21 atm; 
- d is the membrane thickness.  
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The results of faradaic efficiency studies, performed under zero oxygen chemical potential 

in air, show that the oxygen ionic contribution to the total conductivity of YBaCo4O7+  at 1173-

1223 K is lower than 0.01% (Table 3.4). Therefore, for the YBaCo4O7+  membrane placed under an 

oxygen chemical potential gradient, the ambipolar conductivity determining oxygen transport 

through membrane bulk is governed by the ionic conduction; the effect of p-type electronic 

conductivity is expected negligible. In order to identify if the overall oxygen transport is influenced 

by surface exchange kinetics in addition to bulk diffusion, the oxygen permeation fluxes were 

measured as function of the membrane thickness (Fig.3.21). The obtained data suggest a presence 

of minor surface limitations to the permeation flux, the role of which increases with decreasing 

temperature. However, the difference in the J(O2) values of membranes with different thickness is 

comparable to experimental error.  

Fig.3.21. Dependencies of the oxygen 

permeation fluxes (A) and specific 

oxygen permeability (B) of YBaCo4O7+

membranes, prepared using Method 2, 

on the oxygen partial pressure gradient. 

The values of oxygen ionic conductivity and transference numbers, calculated from the 

permeation data using Eq.(2.10), are similar within the limits of experimental uncertainty (Tables 

3.4 and 3.5). Moreover, these values are in a reasonable agreement with those measured by the 

faradaic efficiency method if taking into account that, due to a higher permeate-side oxygen 
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pressure in the latter case, the ion transference numbers determined by the FE technique should be 

lower than those calculated from the OP data, as the conductivity decreases on reducing p(O2), as 

shown in Chapter 3.4.2. One may therefore conclude that the surface exchange effects on the 

oxygen permeation through YBaCo4O7+  based ceramics at 1073-1223 K can be neglected. 

Table 3.5 

Oxygen ionic conductivity of YBaCo4O7+  (mS/cm) 

evaluated from the data on oxygen permeation and total conductivity 

T, K Method 1 Method 2 

 d = 0.60 mm d = 0.60 mm d = 1.00 mm 

1223 11.6 9.7 11.3 

1173 10.4 8.5 9.4 

1123 6.7 6.4 7.0 

1073 1.6 - 2.1 

8.0 8.5 9.0 9.5 10.0 10.5
-11

-10

-9

-8

-7

A
           YBaCo

4
O

7+

Method 1, d=0.6 mm
Method 2, d=1.0 mm

p
2
 = 0.209 atm

p
1
 = 0.026 atm

SrCoO
3-

SrCo
0.95

Cr
0.05

O
3-

La
0.3

Sr
0.7

CoO
3-

La
0.8

Sr
0.2

Fe
0.8

Co
0.2

O
3-

lo
g 

(j
d)

 (
m

ol
s-1

cm
-1
)

10
4
/T, K

-1

1273 1173 1073 973

8.0 8.5 9.0 9.5 10.0

-10

-9

-8

-7

-6

B

YBaCo
4
O

7+
 (Method 2)

La
0.3

Sr
0.7

CoO
3-

La
0.8

Sr
0.2

Fe
0.8

Co
0.2

O
3-

Sr
4
Fe

6
O

13±

CaFe
0.5

Al
0.5

O
2.5+

Pr
2
CuO

4±

La
2
Cu

0.98
Co

0.02
O

4+

d = 1.0 mm
p

2
 = 0.209 atm

p
1
 = 0.026 atm

lo
g 

j 
(m

o
l

s-1
cm

-2
)

10
4
/T, K

-1

1273 1223 1173 1123 1073 1023

T, KT, K

Fig.3.22. Temperature dependence of the oxygen permeation fluxes through YBaCo4O7+  ceramics, 

normalised to the membrane thickness, under a fixed oxygen partial pressure gradient; data [364-367] on 

SrCoO3-  (d = 1.20 mm), SrCo0.95Cr0.05O3-  (d = 2.10 mm), La0.3Sr0.7CoO3-  (d = 1.00 mm) and 
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La0.8Sr0.2Fe0.8Co0.2O3-  (d = 1.00 mm) are shown for comparison (A). Comparison of the oxygen permeation 

fluxes through various mixed-conducting materials [263,364,365,368,369] (B). 

Fig.3.22A compares the level of oxygen permeation fluxes through YBaCo4O7+  ceramics 

and several Co-containing perovskites [364-367]. In order to provide a comparison of membranes 

with different thickness, the permeation fluxes are expressed as j  d.  The permeability of oxygen-

deficient materials based on SrCoO3-  is 30-150 times higher than that of YBaCo4O7+ . At the same 

time, the ionic transport in undoped SrCoO3-  at 973-1100 K shows a negligible dependence on 

temperature, as for YBaCo4O7+  at 1123-1223 K. In both cases this behaviour is ascribed to 

temperature-induced phase transitions. Strontium cobaltite with cubic perovskite structure is stable 

under oxidising conditions at temperatures above 1120-1220 K and undergoes a series of phase 

transformations on cooling; depending on moderate p(O2) variations a number of phases, such as 

brownmillerite-type Sr2Co2O5+  and rhombohedral Sr6Co5O15, may be formed [233,367]. Cubic 

perovkite SrCo0.95Cr0.05O3-  decomposes into a phase mixture on cooling down to temperatures 

below 1000 K, resulting in a drastic drop of the apparent activation energy for oxygen permeation. 

Similar behavior is characteristic for most SrCoO3-based ceramics where the concentration of 

dopants is insufficient to stabilise cubic perovskite lattice [366,367]. 

With respect to perovskite La0.8Sr0.2Fe0.8Co0.2O3-  that belongs to another series of materials 

promising for SOFCs and oxygen membranes [365], YBaCo4O7+  exhibits considerably higher 

oxygen permeation at 1073-1173 K (Fig.3.22). This level of oxygen transport is also greater than 

that in layered Fe-containing phases such as Sr4Fe6O13  [368] or CaFe0.5Al0.5O2.5+  [369], but is 

rather moderate if compared to K2NiF4-type cuprates [263]. Fig.3.22B presents an overview on the 

oxygen permeability of various intergrowth materials. 

3.2.3. Oxygen permeability of La2Ni(M)O4+  (M = Co, Cu) ceramics 

The results of faradaic efficiency measurements confirmed that the conductivity of 

La2NiO4+  based materials is predominantly electronic. The oxygen ionic contribution to total 

conductivity, which can be estimated from the ratio between oxygen flux and total current passed 

through a membrane by an applied dc voltage, is lower than 0.5%. As an example, Table 3.6 shows 

the data on faradaic efficiency of La2Ni0.9Co0.1O4+  prepared by Method 2, under zero oxygen 

partial pressure gradient in air. The ionic contribution is as low as 0.11% at 1223 K and decrease on 

cooling. This suggests that, under an oxygen chemical potential gradient, electronic transport 

should have no essential effect on the oxygen transport through the membrane bulk. 
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Table 3.6 

Faradaic efficiency of La2Ni0.9Co0.1O4+  ceramics, prepared by Method 2,  

under zero oxygen chemical potential gradient in air 

T, K 
Total current through 
membrane, mA cm-2

Oxygen flux through 
membrane, mA cm-2

Voltage applied to the 
electrodes of sample, mV 

Faradaic 
efficiency, % 

1223 348.5 0.398 19.8 0.114 

 174.2 0.197 9.90 0.113 

1173 296.2 0.215 16.8 0.073 

 148.1 0.109 8.42 0.074 

1073 374.6 0.084 21.3 0.023 

 188.0 0.048 10.7 0.025 

Note:  The voltage between electrodes consists of several contributions, including the electrical potential 
drops on the current collectors, electrodes and membrane bulk, and is thus higher than expected from 
the total conductivity of membrane material.  
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Fig.3.23.  Dependencies of oxygen permeation fluxes (A, B) and specific oxygen permeability (C, D) of 

La2Ni0.9Co0.1O4+  membranes, prepared by the different methods, on oxygen partial pressure gradient under 

oxidizing conditions. 
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Figs.3.23 and 3.24 present the dependencies of oxygen permeation fluxes and specific 

oxygen permeability of La2Ni0.9Co0.1O4+  and La2Ni0.8Cu0.2O4+  membranes of different thickness 

on the oxygen partial pressure gradient in oxidizing conditions. These results unambiguously 

indicate that the overall oxygen transport is limited by both bulk ionic conduction and surface 

exchange rates, similar to other La2NiO4-based materials [263]. Irrespective of ceramic processing 

route, the permeation fluxes decrease with increasing membrane thickness at 1223 K and become 

almost independent of thickness below 1173 K (Figs.3.23, A and B, and 3.24A), whilst the specific 

oxygen permeability increases with d (Fig.3.23, C and D, and 3.24B). Hence, the limiting role of 

interfacial exchange increases with decreasing temperature; below 1173 K the permeation is 

controlled by the exchange kinetics. Despite that the incorporation of cobalt and copper cations into 

La2NiO4+  lattice may increase surface exchange rate [261], such an enhancement is obviously 

insufficient to achieve bulk-controlled oxygen transport, especially at reduced temperatures. This 

behavior suggests that the cathodic performance of La2Ni1-xMxO4+  (M = Co, Cu) may be limited 

by the surface exchange processes. 

Fig.3.24. Oxygen permeation fluxes 

through La2Ni0.8Cu0.2O4+  membranes 

vs. oxygen partial pressure gradient.
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Fig.3.25 compares oxygen permeation through La2Ni0.9Co0.1O4+  and La2Ni0.8Cu0.2O4+  and 

other prospective cathode materials having TECs compatible with LSGM, under a fixed oxygen 

chemical potential gradient. The membrane thickness was 1.0 mm in all cases, except for 

La0.7Sr0.3MnO3-  where the permeation flux was measured for the ceramics with d = 0.6 mm and 

then normalized. Detailed information on the alternative electrode materials, including thermal 

expansion, oxygen permeability and total conductivity, is found elsewhere [43,370-372]. In 

general, LaMnO3- and SrMnO3-based phases exhibit a low ionic transport inappropriate for IT 

SOFC cathodes. Oxygen permeability of LaFe(Ni)O3-  perovskites is determined by the vacancy 

concentration and achieves sufficient level only for LaFe0.5Ni0.5O3- , the composition close to solid 

solution formation limit [372]. The permeability of La2Ni0.8Cu0.2O4+  ceramics is similar to that of 

LaGa0.65Mg0.15Ni0.20O3- ; the TECs of the latter composition, (17.0-18.4) 10-6 K-1 at 773-1273 K 

[370], are excessively high to provide stable operation in contact with LSGM. Also, the total 

electrical conductivity of LaGa0.65Mg0.15Ni0.20O3- , varying in the range of 1.2-1.4 S/cm at 1073 K 

[370], is significantly lower compared to that of K2NiF4-type nickelates (Fig.3.17). 

La2Ni0.9Co0.1O4+  shows the highest ionic transport among this group of materials. Thus, due to 

relatively high oxygen permeability and moderate thermal expansion, phases derived from 

La2NiO4+  can be considered as promising candidates for IT SOFC cathode materials. 
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3.3. Role of synthesis method: case studies  
The preparation procedure may significantly affect both ionic conductivity and oxygen 

surface exchange of ceramic materials [353,364,370], though interpretation of observed 

phenomena is often ambiguous due to complex nature of transport processes at the grain 

boundaries and on the surface. The oxygen ionic conductivity of single-phase materials, prepared 

by a similar method with monotonous variation of the processing conditions, typically increases 

with increasing grain size due to lower grain-boundary resistance [353,364,370]. At the same time, 

LaCoO3-  ceramics prepared using different powder synthesis techniques, but having similar grain 

sizes, showed drastically different level of the ionic transport; the surface exchange limitations for 

LaGa0.65Ni0.20Mg0.15O3-  membranes were found considerably higher in the case of material with 

larger grains ([370] and references cited). In order to identify possible effects of the synthesis 

method on the microstructure and transport properties, YBaCo4O7+  and La2Ni0.9Co0.1O4+  samples 

were prepared using the solid-state reaction (Method 1) and the glycine-nitrate process (Method 2). 

The grain size of YBaCo4O7+  ceramics prepared using Methods 1 and 2 is 8-10 m and 2-

7 m, respectively (Fig.3.10). Note that the latter powder was annealed at 1273 K in order to obtain 

single-phase ceramics after sintering. As it was mentioned in Chapter 3.1.2, in general the 

microstructures of these materials are similar. No phase impurities were found by XRD and 

SEM/EDS in both cases. As a result, the unit cell parameters are quite close (Table 3.2). The phase 

decomposition on cooling indicated by XRD, TG/DTA and dilatomatry techniques and electrical 

conductivity measurements, is observed at similar temperatures; one example of conductivity data 

comparing behavior of ceramic route- and GNP-synthesized samples, is shown by Inset of 

Fig.3.11A. At temperatures above 750 K, the average TECs of materials prepared by two different 

methods are quite close, (7.3-7.6) 10-6 K-1 (Table 3.2). In the low-temperature range, the difference 

in TECs is slightly higher, probably due to an experimental error that might originate, in particular, 

from hysteresis phenomena related to the phase metastability. The transport properties of 

YBaCo4O7+ , including the electronic and ionic conductivities and oxygen permeability are found 

essentially independent of the synthesis method (Table 3.2, Inset in Fig.3.11A, Fig.3.22B). Thus, 

moderate differences in the microstructure of YBaCo4O7+  ceramics prepared by Methods 1 and 2 

have a minor effect on the materials properties. 

The dilatometric studies of La2Ni0.9Co0.1O4+  green compacts revealed a considerably 

higher sinterability of GNP-synthesized powder (Fig.3.16). In this case, pronounced sinterization 

starts around 1100 K, while a green compact of powder synthesized by Method 1 does not shrink at 

least up to 1340 K. Using Method 2 made it possible to decrease the processing temperature by 

180 K and to sinter ceramics with 96-97% density at 1543 K (Table 2.1). SEM/EDS revealed no 

significant difference in the microstructures of La2Ni0.9Co0.1O4+  ceramics prepared by different 
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methods, except for the grain size. As for YBaCo4O7+ , the use of Method 2 resulted in smaller 

grains (1-3 m), whereas in case of Method 1 the grain size was in range 4-8 m (Fig.3.15 A and 

B). The larger grains of the material prepared by the standard ceramic route result, obviously, from 

extensive heat treatments, including longer annealing time of the powder and higher sintering 

temperature of the ceramics.  

At the same time, the variations in lattice parameters, thermal expansion and total 

conductivity of La2Ni0.8Co0.1O4+  (Table 3.3 and Fig.3.17) are higher than the corresponding 

experimental errors, suggesting a significant difference between the ceramics prepared by different 

techniques. Comparison of the unit cell parameters with literature [373] may indicate a lower Co 

concentration in the grain bulk of material synthesized by Method 2, which may result, in 

particular, from cobalt segregation at the grain boundaries. This seems consistent with the 

differences in total conductivity (Fig.3.17), since p-type electronic transport in La2Ni1-xCoxO4+

decreases with Co additions [373]. However, for both preparation methods, no traces of liquid 

phase formation at the grain boundaries were observed (Fig.3.15); the cation distribution was 

apparently homogeneous within the limits of experimental uncertainty of the EDS method. One 

alternative explanation may refer to a greater concentration of extended defects in the ceramics 

made from the nanosized non-single-phase powder, obtained via glycine-nitrate process. On the 

contrary to GNP synthesis, the particle size of the single-phase powder prepared by Method 1 is of 

micron-scale, available for evaluation by SEM. For the material synthesized by Method 2, the 

ceramic grains are formed from a substantially large number of nanosized particles. The resultant 

high concentration of extended defects may lead to local inhomogeneities in the point defect 

distribution in this material, affecting both lattice parameters and transport properties. An 

analogous behavior was observed for LaGa0.65Ni0.20Mg0.15O3-  ceramics prepared using two similar 

techniques [370]. Slightly higher TEC of samples prepared by Method 2 may, again, be attributed 

to higher concentration of extended defects; as a rule, increasing defects concentration leads to 

increase in thermal expansion of ceramics. 

Fig.3.25 compares the oxygen permeation fluxes through La2Ni0.9Co0.1O4+  membranes 

prepared by two different techniques, under a fixed oxygen partial pressure gradient. The material 

synthesized by Method 2 exhibits higher oxygen permeability within the entire temperature range. 

Similar differences in behavior were earlier observed for LaGa0.65Ni0.20Mg0.15O3-  [370] prepared by 

the standard ceramic route and via the GNP (inset in Fig.3.25). The data on oxygen permeation and 

faradaic efficiency of LaGa0.65Ni0.20Mg0.15O3-  indicated faster exchange kinetics for the GNP-

synthesized membranes, with no essential effect of processing route on the bulk transport 

properties [370]. Although the data on La2Ni0.9Co0.1O4+  do not allow unambiguous conclusion, one 

may assume that the higher oxygen permeation through nickelate membranes prepared via the GNP 
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is also associated with faster oxygen exchange. The possible cobalt segregation at grain boundaries, 

if any, should not significantly affect bulk oxygen transport as the oxygen diffusion coefficients in 

La2Ni1-xCoxO4+  (x = 0-0.2) are essentially independent of cobalt content [261]. Moreover, the bulk 

ionic conductivity, which typically increases with grain size [374], may even be higher for the 

material prepared by Method 1 due to larger grains (Fig.3.16, A and B). One possible explanation 

may therefore refer to a greater concentration of extended defects in the material prepared by 

Method 2; this may lead to a higher concentration of active centers on the surface, accelerating 

interfacial exchange processes. Nonetheless, the overall permeation fluxes through GNP-

synthesized La2Ni1-xCoxO4+  membranes at temperatures below 1200 K are still determined by the 

exchange kinetics (Fig.3.23). The stability limits of the materials obtained using two various 

methods were very similar; their difference was within the limits of experimental error. 

3.4. Electrical properties vs. temperature and oxygen partial pressure  

3.4.1. Cobalt-containing perovskites  

The oxygen partial pressure dependencies of the total conductivity and Seebeck coefficient  

of (La0.3Sr0.7)0.97CoO3- , La0.3Sr0.7Co0.8Al0.2O3-  and La0.3Sr0.7Co0.8Ga0.2O3- , Figs.3.26 and 3.27, 

confirm predominant p-type electronic transport under oxidizing conditions, as for the parent 

compound [239]. The conclusion, that the p-type conduction is dominant, is in agreement with 

oxygen permeation data discussed in Chapter 3.2.1. Although the calculation of exact values of the 

oxygen ionic conductivity is impossible due to a significant interfacial effect on the oxygen 

permeation, the estimates of the ionic contribution to the total conductivity are less than 0.5%, in 

all cases. Reducing p(O2) down to approximately 10-4 atm is accompanied with an increase in the 

thermopower and a decrease in the p-type conductivity owing to decreasing hole concentration. 

Table 3.7 

Reciprocal slope* of the p(O2) dependencies of the total conductivity for La0.3Sr0.7Co0.8Ga0.2O3-  ceramics 

(La0.3Sr0.7)0.97CoO3-  La0.3Sr0.7Co0.8Al0.2O3- La0.3Sr0.7Co0.8Ga0.2O3-T, K 

9.4 10-5-3.7 10-1 atm 1.8 10-4-3.7 10-1 atm 1.3 10-3-2.1 10-2 atm 2.1 10-2-3.4 10-1 atm

973 12.1  0.2 11.9  0.5 6.6  0.5 8  1 

1023 9.9  0.3 11.4  0.4 5.4  0.2 7.5  1 

1073 9.1  0.3 11.2  0.4 4.9  0.2 7  2 

1123 8.8  0.4 11.0  0.4 4.8  0.8 7  3 

1173 8.9  0.3 11.1  0.4 5  1 8  3 

1223 9.9  0.3 11.8  0.6 5  2 9.9  0.1 

*  The model for conductivity:  = p
0 p(O2)

1/m, where m and p
0 are constants.  
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Fig.3.26.  Oxygen partial pressure dependencies of the total conductivity (A,B) and Seebeck coefficient 

(C,D) of (La0.3Sr0.7)0.97CoO3-  (A,C) and La0.3Sr0.7Co0.8Al0.2O3-  (B,D) under oxidizing conditions. Solid lines 

are for visual guidance only. 

At the same time, the slope of logarithmic  vs. p(O2) dependencies of (La0.3Sr0.7)0.97CoO3-  and 

La0.3Sr0.7Co0.8Al0.2O3- , 1/12 to 1/9 (Table 3.7), is 5-10 times higher than that of ( e/k) vs. ln p(O2)

curves. The p(O2) dependencies of total conductivity and Seebeck coefficient of 

La0.3Sr0.7Co0.8Ga0.2O3-  perovskite (Fig.3.28) are clearly non-linear, with a maximum slope at 

moderate oxygen partial pressures varying from 10-3 to 2 10-2 atm. In this p(O2) range, the 

exponent of  vs. p(O2)1/m dependencies (Table 3.7) is close to 1/6, a classical value for a mixed 

conductor with moderate oxygen nonstoichiometry [90]. For the Seebeck coefficient, the slope of 

 vs. ln p(O2) is, again, considerably lower than (-k/6e), which could be expected in case of a 

simple band mechanism of the hole conduction. In combination with relatively high values of the 

hole mobility discussed below, such trends suggest itinerant behavior of the p-type charge carriers, 

with the density of states and mobility both increasing when the oxygen nonstoichiometry 

decreases. This conforms to the literature data on La1-xSrxCoO3-  (x  0.4) perovskites [375-377]. 
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Fig.3.27.  Oxygen partial pressure dependencies 

of the total conductivity (A) and Seebeck 

coefficient (B) of La0.3Sr0.7Co0.8Ga0.2O3-  under 

oxidizing conditions. Solid lines are for visual 

guidance only.  

Note, however, that a hopping mechanism with p(O2)-dependent mobility cannot yet be 

entirely excluded. It should also be mentioned that the behavior of (La0.3Sr0.7)0.97CoO3-  and 

La0.3Sr0.7Co0.8Al0.2O3-  may differ from that of La0.3Sr0.7Co0.8Ga0.2O3-  due to larger interatomic 

distances in the Ga-doped phase (Table 3.1), leading to a higher degree of electron localization in 

the latter [375,376]. As a particular result, the conductivity of La0.3Sr0.7Co0.8Ga0.2O3-  is 

substantially lower than that of the Al-containing analogue (Fig.3.5).  

The variations of the electrical properties as function of oxygen partial pressure can be 

analyzed on the examples of (La0.3Sr0.7)0.97CoO3-  and La0.3Sr0.7Co0.8Al0.2O3- , assuming no essential 

association of the point defects. The role of n-type electronic charge carriers formed due to cobalt 

disproportionation can also be neglected under oxidizing conditions [375,377]. In this situation, the 

concentrations of electron holes (p) and oxygen vacancies ( ) of (La0.3Sr0.7)1-xCo1-yAlyO3-  are 

related via the equilibrium with gas phase and the electroneutrality condition:  
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2 p 0.7 2.3x  (3.2) 

where Kex is the equilibrium constant and all defect concentrations correspond to one perovskite 

formula unit. Using the experimental values of oxygen nonstoichiometry in air determined by 

thermogravimetry (Fig.3.4), one can directly calculate Kex at p(O2) = 0.21 atm. Then Eq.(3.1) can 

be solved for p as function of the oxygen pressure. In turn, hole concentration is used to assess the 

mobility of p-type electronic charge carriers ( p) and the apparent density of states (N*):  

p p uce p V  (3.3) 

k N*
= ln

e p
 (3.4) 

where Vuc is the unit cell volume calculated from the XRD data. Note that Eq.(3.4) neglects the 

transported heat of holes, and also possible site-exclusion and spin degeneracy effects. The results 

of these estimations are presented in Figs. 3.28 and 3.29. 
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As expected from literature [375,376], the density of states decreases on heating at fixed 

p(O2), when the oxygen deficiency increases (Fig.3.28). The N* estimates are significantly lower 

than the total concentration of cobalt cations, a result of itinerant behavior of the electrons of 

Co(IV)O6 complex [375]. Most likely, the occupation of cobalt cations, whose nearest 

neighborhood comprises oxygen vacancies, is energetically unfavorable due to coulombic forces; 

the concentration of Co3+ contributing to the hole transport is, therefore, relatively low. At the same 

time, the difference between p and N* increases with temperature, in agreement with the band 
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model proposed by Mineshige et al. [376]; this is accompanied with increasing hole mobility. The 

values of p, 0.9-3.8 cm2×V-1×s-1 at 973-1223 K in air, are considerably higher than the 

characteristic threshold of approximately 0.1 cm2×V-1×s-1, considered as a rough criterion 

separating polaron and broad-band conductors. One should also note that the increase in hole 

mobility with increasing oxygen pressure (Fig.3.29) is often observed in perovskite-related phases 

(e.g. [215]). This may be associated with progressive association of oxygen vacancies and Co2+

ions on reducing p(O2), decreasing concentration of the cobalt sites available for hole hopping. 

Another possible explanation refers to the perovskite unit cell contraction when the oxygen 

nonstoichiometry decreases and the average oxidation state of cobalt cations increases [215]. This 

leads to a greater overlap of cobalt and oxygen electron orbitals and, thus, to a stronger covalency 

of Co O Co bonds, providing higher mobility [361]. 
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Fig.3.29.  Estimated electron-hole mobility 
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Fig.3.30 compares the estimated oxygen nonstoichiometry of La0.3Sr0.7Co0.8Al0.2O3-  and 

literature data on La0.3Sr0.7CoO3-  [378]. As for La0.3Sr0.7Fe(Ga)O3-  [215], the oxygen deficiency of 

Al-substituted cobaltite is higher with respect to the parent compound, in agreement with structural 

and dilatometric data (Table 3.1). The  vs. p(O2) curves of La0.3Sr0.7Co0.8Al0.2O3-  exhibit a 

tendency to saturation at  0.35, when most cobalt cations become trivalent. Further reduction 

leads to a transition of perovskite into brownmillerite-type phase isostructural to Sr2Co2O5 (space 

group Ibmm, No.34-1475), revealed by XRD (Fig.3.3). In these conditions, the electrical properties 

are essentially p(O2)-independent (Figs.3.31 and 3.32). Note, however, that the pseudometallic 

character of p-type electronic transport is kept until decomposition of the brownmillerite-like 

polymorphs. 
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Dashed line indicates approximate stability limit 

of the brownmillerite-like phase. 

Another important data which can be derived from the measurements of electrical 

properties vs. oxygen pressure, is the low-p(O2) phase stability boundaries. Typical examples of 

oxygen partial pressure dependencies of total conductivity and Seebeck coefficient of 
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La0.3Sr0.7CoO3-  based materials in a wide p(O2) range are presented in Figs.3.31 and 3.32. The 

behavior of electrical properties of La0.3Sr0.7Co0.8Ga0.2O3-  suggests the presence of, at least, four 

distinct phase domains ascertained by XRD. For oxygen pressures greater than approximately (7-

10) 10-5 atm (Domain I), decreasing p(O2) leads to a significant increase in thermopower and a 

decrease in conductivity, both indicating dominant pseudometallic electron-hole transport. Domain 

II corresponds to a plateau-like behavior at the oxygen pressures below (5-7) 10-5 atm. The low-

p(O2) boundary of this domain varies from 8 10-15 up to 3 10-9 atm when temperature increases in 

the range 973-1223 K. For Domain II, the electrical properties are almost independent of p(O2),

keeping the tendencies characteristic of a pseudometallic p-type conduction. According to the XRD 

data (Fig.3.3), Domains I and II correspond to the perovskite- and brownmillerite-type polymorphs 

of La0.3Sr0.7Co0.8Ga0.2O3- . Further reduction leads to the formation of multiphase mixtures 

consisting of (Sr,La)3(Co,Ga)2O6- and (La,Sr)2(Co,Ga)O4-based solid solutions and CoO; this is 

accompanied by a moderate decrease in conductivity (Domain III).  
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of La0.3Sr0.7Co0.8Ga0.2O3- . Inset shows p(O2)

dependence of the total conductivity at 1023 

K. Dashed lines indicate approximate phase 
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Fig.3.33.  Approximate phase stability boundaries 

of La0.3Sr0.7Co0.8Ga0.2O3- , evaluated from the data 

on total conductivity and Seebeck coefficient as 

functions of p(O2). Literature data on Co3O4

[381], CoO [381], LaCoO3-  [234], and 

SrCo0.8Fe0.2O3-  [382] are shown for comparison. 
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Finally, at oxygen pressures close to Co/CoO boundary [379], the oxide phase mixture is 

reduced to metallic cobalt and binary metal oxides, which results in a dramatic conductivity drop 

(Domain IV in Fig.3.33). Based on the XRD analysis of La0.3Sr0.7Co0.8Ga0.2O3-  samples quenched 

after annealing at various p(O2), such a decomposition mechanism is quite similar to that reported 

for La0.3Sr0.7CoO3-  at 1373 K [380]. (La0.3Sr0.7)0.97CoO3-  and La0.3Sr0.7Co0.8Al0.2O3-  materials show 

analogous reduction mechanism. Decreasing p(O2) below 10-12-10-9 atm results in formation of 

multiphase mixtures comprising (Sr,La)3Co2O6- and (La,Sr)2CoO4-based solid solutions and CoO; 

this is accompanied with a moderate decrease in the total conductivity and an increase in 

thermopower (Fig.3.31). Then, at oxygen partial pressures close to the CoO/Co boundary [379], a 

drastic irreversible degradation of the electrical properties is observed due to the separation of 

metallic Co and binary metal oxides. The corresponding phase changes were verified by XRD 

analysis of the samples, annealed at various p(O2) and quenched. The approximate phase 

boundaries, thus evaluated from the conductivity and Seebeck coefficient data, are almost equal 

(Fig.3.31C). 

Fig.3.33 compares phase boundaries of La0.3Sr0.7Co0.8Ga0.2O3-  with the stability limits of 

binary cobalt oxides [379,381], and perovskite-type LaCoO3-  [234] and SrCo0.8Fe0.2O3-  [382]. The 

transition “perovskite  brownmillerite” occurs at oxygen partial pressures 102-104 times lower 

than the decomposition limits of Co3O4 and SrCo0.8Fe0.2O3- , but about 103 times higher than that of 

lanthanum cobaltite. The unusual behavior of SrCo0.8Fe0.2O3-  is associated with complex reduction 

mechanism; in moderately reducing atmospheres Sr(Co,Fe)O3-  perovskites transform into 

brownmillerite-type Sr2(Co,Fe)2O5 at temperatures above 900-1100 K and to a mixture of 

hexagonal Sr6(Co,Fe)5O15 and Co3O4 at low temperatures (Refs.[382,383] and references cited). If 

compared to the reduction of LaCoO3-  yielding La4Co3O10 and CoO [234], the decomposition of 

brownmillerite modification of La0.3Sr0.7Co0.8Ga0.2O2.5  occurs at lower p(O2), but is characterized 

by a similar enthalpy. It is noteworthy that, in the case of La0.3Sr0.7(Fe,Ga)O3- , the transition from 

disordered perovskite to the brownmillerite-like modifications have no essential effect on the 

oxygen ionic conductivity [216].  

The low-p(O2) stability limits of brownmillerite modifications of the studied cobaltite 

materials are presented in Fig.3.34. For comparison, the phase boundaries of CoO [379] and 

perovskite-type LaCoO3-  [234] are shown. Whilst the decomposition of lanthanum cobaltite occurs 

via formation of La4Co3O10 and CoO at moderate oxygen chemical potentials [234], doping with 

strontium has a positive effect on the stability of mixed-conducting membrane materials in terms of 

phase separation, changing the decomposition mechanism towards the formation of single 

brownmillerite-like phases at moderate p(O2). The stability of brownmillerite-like 
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La0.3Sr0.7Co0.8Ga0.2O2.5  is slightly worse with respect to (La0.3Sr0.7)0.97CoO2.5  and 

La0.3Sr0.7Co0.8Al0.2O2.5 , probably due to the tendency to gallium oxide volatilization in reducing 

atmospheres or lower covalency of the Co O bonds.
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Fig.3.34.  Approximate phase stability 

limits of La0.3Sr0.7CoO3-based materials, 

evaluated from the data on electrical 

properties vs. p(O2). Literature data on 

LaCoO3-  [234] and CoO [379] are 

shown for comparison.

3.4.2. Yttrium-barium cobaltite  

Representative examples of the p(O2)-dependencies of total conductivity and Seebeck 

coefficient are shown in Figs.3.35 and 3.36. The electrical properties of YBaCo4O7+  ceramics at 

973-1023 K are essentially independent of the oxygen partial pressure until decomposition of a 

metastable phase; the stability boundaries confirmed by XRD (Fig.3.9B) are marked in Fig.3.36 by 

dashed lines. This behaviour is typical for oxide phases where the oxygen stoichiometry variations 

with oxygen pressure are very low. Within all studied p(O2) range, the Seebeck coefficient was 

found positive. As the oxygen ion transference numbers of YBaCo4O7+  are lower than 10-3 (Table 

3.2), the sign of thermopower indicates that the conductivity is predominantly p-type electronic.  

At 1073-1223 K, an oxygen pressure-dependent phase transition is observed (Fig.3.35). 

Reducing p(O2) from 0.5 down to 10-4 atm leads to a lower total conductivity and higher 

thermopower, both showing large hysteresis phenomena. Upon further reduction, the electrical 

properties become essentially p(O2)-independent (Fig.3.36). The transition observed on reduction 

occurs in the same temperature range as phase changes in air (Fig.3.11) and has evidently the same 

nature. Note that, except for the peak intensity distribution, no essential differences are observed in 
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the XRD patterns of yttrium-barium cobaltite samples annealed at p(O2) = 5 10-4 atm and 20 atm, 

i.e. at oxygen chemical potentials far from atmospheric, at temperatures where the YBaCo4O7+

phase should be stable (Fig.3.9B).  
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Decreasing oxygen partial pressures below approximately 2 10-16 atm at 973 K and 3 10-9

atm at 1173 K results in a decomposition of YBaCo4O7+  phase, accompanied with irreversible 

degradation of the electrical properties and poor reproducibility of results. Fig.3.37 compares the 

stability boundary of YBaCo4O7+ , estimated from the p(O2)-dependencies of the Seebeck 

coefficient as shown in Fig.3.36, with literature data on cobalt oxide [381] and perovskite-type 

lanthanum cobaltite [234]. The decomposition of yttrium-barium cobaltite occurs at oxygen partial 

pressures 102-104 times higher than that for CoO, but considerably lower with respect to LaCoO3-

where the basic oxidation state of cobalt cations is 3+. This suggests that YBaCo4O7+  decomposes 

into a mixture of binary metal oxides when most Co3+ cations are converted into Co2+; further 

reduction leads to the formation of metallic cobalt (Fig.3.9). 
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comparison.

3.4.3. K2NiF4-type La2Ni(M)O4+  (M = Co, Cu) 

Figs.3.38 and 3.39 present p(O2)-dependencies of the electrical properties of La2Ni(M)O4+

in oxidizing and reducing conditions. Reducing oxygen partial pressure leads to a lower total 

conductivity, whilst the Seebeck coefficient has positive sign and increases, thus confirming 

dominant electron-hole transport, within the phase stability domain. It should be noted that the 

oxygen-ion transference numbers of La2NiO4-based phases in air, estimated from the oxygen 

permeation data (Figs.3.23 and 3.24), are lower that 0.002. Although such estimates are crude due 

to surface-exchange limitations to the oxygen transport, they still suggest that the partial ionic 

transport can be neglected for the analysis of electrical properties as function of the oxygen 

pressure. Moreover, due to significant interstitial-migration contribution to the ionic transport 

[263], the oxygen ionic conductivity of K2NiO4-type nickelates is expected to decrease with 

reducing p(O2). A pseudometallic behavior of total conductivity of La2Ni0.9Co0.1O4+  and 

La2Ni0.8Cu0.2O4+  remains under reduction at 973-1223 K until the phase decomposition (Figs.3.38 

and 3.39). 
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In oxidizing conditions, log  log p(O2) and  (k/e)ln p(O2) curves of La2Ni0.9Co0.1O4+

and La2Ni0.8Cu0.2O4+  are non-linear; their slope decreases with increasing oxygen pressure and 

with decreasing temperature, being lower than 1/10 (Figs.3.38, 3.39A and 3.39C). Such behavior 

agrees well with the literature data on La2NiO4+ , La2-xSrxNiO4+  and La2Ni0.5Cu0.5O4+  [260,387]. 

On the contrary, in the range of lower oxygen partial pressures, the same dependencies are 

linearized (Figs.3.38, 3.39B and 3.39D); the regression parameters of linear approximation are 

listed in Table 3.8. The exponent, 1/m, is quite close to the value of 1/6, which can be obtained 

considering a simple point-defect equilibrium in lanthanum nikelate. 
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Fig.3.38.  Oxygen partial pressure dependencies of the total conductivity (A,B) and Seebeck coefficient 

(C,D) of La2Ni0.9Co0.1O4±  (Method 1) under oxidising (B,D) and reducing (A,C) conditions.  
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Table 3.8 

Slope parameter m of p(O2) dependencies of the total conductivity* and thermopower** of La2(Ni,M)O4+

La2Ni0.9Co0.1O4+  (Method 1) La2Ni0.8Cu0.2O4+T, K 

Total conductivity Seebeck coefficient Total conductivity Seebeck coefficient 

973 5.75  0.05 5.7  0.2 5.6  0.1 6.2  0.1 

1023   5.72  0.04 6.41  0.05 

1073 6.2  0.2 5.8  0.4 5.73  0.08 6.3  0.1 

1123 5.92  0.08 6.4  0.1 6.1  0.1 7.7  0.4 

1173 6.21  0.06 6.6  0.1 5.61  0.05 5.8  0.1 

1223 6.08  0.08 6.99  0.06 5.4  0.1 6.2  0.2 

* model for conductivity vs. oxygen pressure: 
10 m

p 2p(O ) ;

** model for Seebeck coefficient vs. oxygen pressure: 2

k 1
ln p(O ) b

e m
.
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Fig.3.39.  Oxygen partial pressure dependencies of the total conductivity (A,B) and Seebeck coefficient 

(C,D) of La2Ni0.8Cu0.2O4±  under oxidising (B,D) and reducing (A,C) conditions.  
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Assuming interstitial oxygen ions ( iO ) and electron holes ( h ) to be the main point 

defects, presenting at relatively low concentrations ( i[O ]  and p), the oxygen release process and 

corresponding equilibrium constant can be written as: 

i 2

1
2h O O

2

1
2

2
ex 2

i

p(O )
K

[O ] p
 (3.5) 

Particular electroneutrality condition is 

i2[O ] p  (3.6) 

If the hole mobility ( p) is independent of p-type charge carrier concentration, which is valid for a 

small-polaron conduction mechanism when the charge carrier concentration is low, Eq.(3.3) is 

applicable and, taking into account Eqs.(3.5 and 3.6), 

0 1/ 6
p p uc p 2e p V p(O )  (3.7) 

where 0
p  is a constant depending on temperature. On the other hand, the results of coulometric 

titration show that the oxygen nonstoichiometry in La2NiO4+  based phases linearly depends on log 

p(O2) [384]. Therefore, such simplified defect equilibria can only be applied under reducing 

conditions, when the concentration of point defects is low. 
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The phase stability boundaries of La2Ni0.9Co0.1O4+  and La2Ni0.8Cu0.2O4+  at reduced 

oxygen partial pressures, estimated from the data on total conductivity and Seebeck coefficient 

(Fig.3.40), are compared with literature data on binary metal oxides [135], La2NiO4+  [318] and 

La2CuO4+  [319] in Fig.3.41. Phase decomposition of substituted nikelates at 973-1173 K occurs at 

p(O2) values substantially lower with respect to NiO. A similar enlargement of the stability domain 

was earlier reported for K2NiF4-type La2CuO4+  [319], though in the latter case the decomposition 

mechanism is more complex than a single-step reduction into transition metal and lanthanum oxide. 

The phase boundary of La2Ni0.9Co0.1O4+  is quite close to that of undoped La2NiO4+  [318]. 

Therefore, the use of different synthesis methods and local compositional inhomogeneities, if any, 

should have no effect on the stability of Co-substituted nickelate. Incorporation of copper slightly 

decreases the phase stability limit, as expected regarding the considerably higher equilibrium 

oxygen pressures over Cu2O/CuO and Cu/Cu2O mixtures with respect to Ni/NiO and Co/CoO. 

Nevertheless, moderate substitution of nickel with other transition metal cations, having either 

higher or lower oxidation state, has a minor effect on the stability of La2NiO4+  to reduction. It can 

be also noticed, that a deviation from the linear van’t Hoff dependence, log p(O2) vs. 1/T, in the 

low-temperature range may indicate either the kinetically stagnated decomposition of the K2NiF4 -

type phase, or a change in the phase decomposition mechanism at reduced temperatures. 
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3.5. Thermal expansion 
The dilatometric curves of La0.3Sr0.7CoO3-based ceramics in air are presented in Fig.3.42; 

Table 3.1 lists the average thermal expansion coefficients. A drastic increase in TEC values at 

temperatures above 700-800 K is typical for transition metal-containing perovskites [210,216] and 

originates from chemically-induced expansion of the lattice due to oxygen losses on heating. This 

lattice expansion correlates well with the data on total conductivity (Fig.3.5). As for 

La0.3Sr0.7Fe(M)O3-  (M = Al, Ga) systems [210,216], thermal expansion of La0.3Sr0.7Co0.8M0.2O3-  is 

lower than that of lanthanum-strontium cobaltite, a result of reduced oxygen losses due to the 

substitution of variable-valence cobalt with the cations having stable oxidation state. On the 

contrary, the creation of A-site cation vacancies increases TEC in the high-temperature range; such 

a tendency indicates that the charge compensation occurs mainly via Co4+ formation, thus 

increasing variations of the oxygen nonstoichiometry on heating. 
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La0.3Sr0.7CoO3-based ceramics in air.

Despite the first-order phase transitions at 1050-1100 K, accompanied with kinetically-

stagnated oxygen stoichiometry variations, the dilatometric curves of YBaCo4O7 ceramics, 

measured with a heating rate of 5 K/min, were found almost linear (Fig.3.43). The average TEC 

values of the YBaCo4-xFexO7 ceramics are (7.3-9.0) 10-6 K-1 for x = 0, and 9.7 10-6 K-1 for x = 0.4. 

This apparent linearity indicates that the phase transitions in ceramics are kinetically hampered, as 

discussed in Chapter 3.1.2. The isothermal dilatometric measurements showed a significant volume 

contraction at temperatures around 1173-1223 K as illustrated bi the Inset of Fig.3.43; the average 

TEC on further cooling was close to that on heating. 
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Thermal expansion of La2Ni0.9Co0.1O4+  and La2Ni0.8Cu0.2O4+  ceramics, studied by 

dilatometry at 300-1270 K in air, was found approximately linear (Fig.3.44). As for the total 

conductivity, the average TEC values of La2NiO4-based ceramics, calculated from dilatometric data 

in air, are very similar, (12.8-14.2) 10-6 K-1 at 300-1200 K (Table 3.3), in agreement with literature 

data on other La2NiO4-based materials [259,260,263]. The relatively low thermal expansion makes 

La2NiO4+  based materials compatible with IT SOFC solid electrolytes, such as LSGM or 

Ce(Gd)O2- , having slightly lower but still very similar TEC values, (10.4-12.6) 10-6 K-1

(Table1.3). 
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3.6. Selection of cathode compositions 
Perovskite-type cobaltites, having the high electrochemical activity, possess the thermal 

expansion excessively high for their use as SOFC cathodes. Substitution of metal cations with 

stable 3+ oxidation state for Co decreases their TECs, but the thermal expansion is still 

incompatible with common solid electrolytes. The higher level of doping is expected to result in 

degradation of the transport properties and electrode performance. 

Layered YBaCo4O7 and its derivatives possess an attractive combination of properties, 

which might be of interest for the high-temperature electrochemical applications. These include a 

significant mixed ionic-electronic conductivity and moderate thermal expansion. However, their 

practical application is hampered due to metastability at intermediate and low temperatures; 

extensive compositional modifications are necessary. Nonetheless, developments of novel 

YBaCo4O7+  based compositions require to assess the electrochemical behavior of the parent 

composition.  

Although the TECs of K2NiF4-type nickelates are slightly higher with respect to LSGM 

solid electrolytes, (10-12) 10-6 K-1, these materials are still compatible in terms of thermal 

expansion. The maximum shrinkage at temperatures below 1400 K was found for La2Ni(Cu)O4+

system. In fact, Cu-containing materials seem to be the only La2NiO4-based compositions, enabling 

to fabricate mechanically stable porous layers at temperatures below 1550 K without sintering aids. 

The use of higher temperatures may lead to passivation of nickelate cathodes and their interaction 

with solid electrolyte. Therefore, La2Ni0.8Cu0.2O4+  phase, having a high total conductivity and 

substantial oxygen permeability, was chosen for testing of the electrochemical activity of cathode 

layers.  



Part 4: Oxide components of cermet anodes 
_______________________________________________________________________________________ 

136

Part 4:  Ion-conducting oxide materials as components of cermet anodes  

The studies of IT SOFC anodes were focused both on a deeper understanding of relative 

roles of the cermet components and on the search for alternative oxide materials with high catalytic 

activity for fuel oxidation, stability under reducing conditions and moderate dimensional changes 

on redox cycling. Investigations of the phases belonging to different structural types and having 

different chemical composition are expected to enable selection of anode components. For these 

goals, fluorite-, pyrochlore- and perovskite-related materials are of special interest due to their 

substantial level of oxygen ionic transport and electrocatalytic properties.  

4.1. Zircon-type Ce1-xAxVO4+  (A = Ca, Sr) 

As shown in Chapter 1.5.2.2, the incorporation of ceria into the anodes, where most cerium 

cations are reduced to Ce3+, leads to a considerable improvement of the SOFC performance. In 

order to evaluate whether the other cerium-containing phases may be of interest as anode 

components, Ce1-xAxVO4 (A = Ca, Sr) were studied. Note that binary oxides of both cerium and 

vanadium exhibit high catalytic activity in reactions involving oxygen. CeVO4 possesses a 

significant total conductivity [385], which can be considerably enhanced by substitution of cerium 

with divalent metal cations. The highest conductivity values in air were reported for Ce0.8Ca0.2VO4

and Ce0.9Sr0.1VO4 [385]; therefore, the studied composition range was limited to x = 0.2. 

4.1.1. Structure, ceramic microstructure and thermal expansion

XRD studies showed that both synthesized powders and sintered ceramics of Ce1-xAxVO4+

were single-phase; one example of XRD pattern is given in Fig.4.1. The parameters of the 

tetragonal zircon-type structure are shown in Table 4.1 and Fig.4.2.  

Table 4.1 

Structure refinement results of Ce1-xAxVO4+  at room temperature 

Composition Unit cell parameters Average bond lengths, Å Ce4+ fraction 

 a, Å c, Å 

Specific free 
volume 

Ce – O V – O y, %  

CeVO4 7.396(8) 6.496(9) 0.542 2.52 1.66 13 0.07 

Ce0.9Sr0.1VO4 7.381(0) 6.491(5) 0.519 2.52 1.68 24 0.06 

Ce0.9Ca0.1VO4 7.354(0) 6.472(0) 0.517 2.49 1.68 30 0.08 

Ce0.8Ca0.2VO4 7.314(5) 6.450(9) 0.512 2.49 1.64 33 0.03 

Notes:  

- the Ce – O bond lengths were averaged between Ce – O1 and Ce – O2 interatomic distances;  
- y is the fraction of Ce4+, estimated from the bond length values and multiplied by 100%; 
-  is the oxygen hyperstoichiometry calculated from y using the crystal electroneutrality law. 
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Fig.4.1.  Examples of XRD patterns of CeVO4+  as-

prepared and slowly cooled in air and quenched after 

annealing in various atmospheres, illustrating phase 

relationships discussed in the text. The strongest 

reflection of CeO2-y is marked by asterisk. 

Fig.4.2.  Temperature dependencies of the 

tetragonal unit cell parameters of zircon-type 

CeVO4+  and Ce0.8Ca0.2VO4+  in air (closed 

symbols) and in vacuum (open symbols). 

Tetragonal distortion of the lattice, expressed by the a/c ratio, decreases when cerium is substituted 

with either calcium or strontium. Doping with alkaline-earth cations also leads to decreasing unit 

cell volume, in agreement with literature data [385,386]. This behavior suggests a charge 

compensation mechanism via formation of tetravalent cerium cations. The radii of Ca2+ and Ce3+

ions are similar, both smaller than that of Sr2+; 8-coordinated Ce4+ has a substantially smaller size 

than Ce3+ [60]. The lattice contraction is therefore attributed to forming Ce4+ cations, which was 

confirmed by the Seebeck coefficient and total conductivity results. 

In order to estimate the oxidation states of cerium and vanadium, the cation-anion distances 

were calculated from the structure refinement results (Table 4.1). In the case of Ce ions, the 

existence of two non-equivalent oxygen positions in the lattice (O1 and O2, Fig.4.3) results in two 

different Ce–O distances; the average bond length values were taken for the estimations. The 

interatomic distances V–O, determined from the refinement data, were found to be similar to those 

estimated as the sum of O2- and 4-coordinated V5+  radii [60], suggesting that the predominant 
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oxidation state of vanadium is 5+. For Ce–O bonds, however, the average length is smaller than 

that expected for Ce+3 –O2-, but greater than estimated for Ce4+ –O2-.  Again, this might indicate the 

presence of a significant fraction of tetravalent cerium cations in the lattice. The fraction of Ce4+,

calculated assuming the Ce O bond length to be the sum of average Ce-site cation and oxygen 

anion radii [60], increases from 13 to 33% with increasing dopant content (Table 4.1).  The oxygen 

nonstoichiometry of (Ce3+
1-yCe4+

y)1-xAxVO4  is related to cerium oxidation state via the 

electroneutrality condition:  

y x xy

2
 (4.1) 

where y is the fraction of Ce4+.  Calculations of the oxygen content showed that all title materials 

are possibly oxygen-hyperstoichiometric; the estimated  values vary in the range from +0.03 to 

+0.08 at room temperature (Table 4.1).  Although these estimations are very crude, the assumptions 

regarding oxygen hyperstoichiometry and increasing cerium oxidation state on doping are in 

agreement with the results on the total electrical conductivity, Seebeck coefficient, and partial ionic 

conductivity of Ce1-xAxVO4+ , as discussed below.  

Fig.4.3.  Fragment of zircon-type structure of 

Ce1-xAxVO4+ . The square shows most probable 

position of hyperstoichiometric oxygen.

Finally, the structure of CeVO4 was analysed to locate positions available for 

hyperstoichimetric oxygen. The incorporation of the extra oxygen ions into either V O tetrahedra 

or Ce O dodecahedra constituting the zircon-type lattice (Fig.4.3) seems unlikely. Such an 

incorporation would lead to an increase in the bond lengths due to increasing cation coordination 

numbers, which contradicts the refinement results (Table 4.1). The most likely location of a 

hyperstoichiometric anion is to be found in a void between two V O tetrahedra, marked by square 

in Fig.4.3. These voids form 1/2 additional oxygen site per formula unit of CeVO4+ ; the 

hypothetical maximum oxygen nonstoichimetry of cerium orthovanadate, satisfying the lattice 

conservation condition, corresponds thus to the value of  = +0.5.  



Part 4: Oxide components of cermet anodes 
_______________________________________________________________________________________ 

139

400 500 600 700 800
0

1

2

3
CeVO

4+

Ce
0.9

Sr
0.1

VO
4+

Ce
0.9

Ca
0.1

VO
4+

Ce
0.8

Ca
0.2

VO
4+

L
/L

0
10

3

T, K

Fig.4.4.  Dilatometric curves of 

Ce(A)VO4+  ceramics in air.

Table 4.2 

Linear TECs of CeVO4 and Ce0.8Ca0.2VO4, calculated from high-temperature XRD data 

Composition p(O2), atm T, K a ·106, K-1
c ·106, K-1

v ·106, K-1

CeVO4 0.21 300-1123 2.8 8.5 4.7 

2 10-9 1023-1223 2.3 9.2 4.6 

Ce0.8Ca0.2VO4 0.21 300-1123 2.9 10.2 5.4 

2 10-9 1023-1223 3.1 6.8 4.3 

Notes: 

- a and c are the TEC values for the a and c axes of zircon lattice, respectively;  
- v is the average linear TEC, related to the volume thermal expansion coefficient ( ) as v = /3.

The temperature dependencies of the unit cell parameters calculated from high-temperature 

XRD data are linear within the temperature range of 300-1223 K (Fig.4.2). The thermal expansion 

has a significantly anisotropic character, being greater for c axis than for a. The linear thermal 

expansion coefficients are (2.8-3.1) 10-6 and (6.8-10.2) 10-6 K-1 for the a and c parameters, 

respectively (Table 4.2). This corresponds to the average linear TECs ( v), which can be estimated 

from the volume thermal expansion coefficients ( ) as v = /3, to vary in the range (4.3-5.4) 10-6

K-1. The dilatometric curves of Ce1-xAxVO4+  ceramics are also linear (Fig.4.4). The average 

thermal expansion coefficients of Ce1-xAxVO4+ , calculated from dilatometric data in air, vary in the 

very narrow range (5.6-5.9) 10-6 K-1 at 400-800 K (Table 4.3), being quite similar to the high-

temperature XRD results. Note that the dilatometric TECs of Ce0.9A0.1VO4+  compounds, 5.85 10-6

K-1 for A = Ca and 6.09 10-6 K-1 for A = Sr, were slightly higher than for two other compositions 

(Table 4.3).  
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Table 4.3 

Properties of Ce1-xAxVO4 ceramics  

Activation energy in air, kJ/mol Composition Relative 
density, 

%

106, K-1

(400-800 K) Total conduction

(400-1200 K) 

Ionic transport

(973-1223 K) 

p-type transport 

(973-1223 K) 

Hole mobility

(1023-1223 K)

CeVO4 99 5.64 0.01 37.9 0.8 112 14 45 7 -

Ce0.9Sr0.1VO4 95 5.73 0.01 34.8 0.5 87 7 39 1 35 1

Ce0.9Ca0.1VO4 93 5.89 0.01 35.2 0.6 93 8 42 3 36 6

Ce0.8Ca0.2VO4 97 5.64 0.01 34.6 0.7 91 9 40 7 34 9

A B

C D

Fig.4.5.  SEM micrographs of CeVO4 (A), Ce0.9Sr0.1VO4 (B), Ce0.9Ca0.1VO4 (C), and Ce0.8Ca0.2VO4 (D) 

ceramics. 

The density of sintered samples was no less than 93% of their theoretical density calculated 

from XRD results (Table 4.3). SEM images reflecting microstructures typical for Ce(A)VO4+

ceramics, are presented in Fig.4.5. The average grain size was similar for all materials, varying in 

the range from 5 to 25 m. Some traces of a liquid phase possibly assisted the sintering process 

were observed at the grain boundaries. Cation composition of the ceramic materials was, however, 

found to be uniform within the limits of experimental error of EDS analysis. Impedance 

spectroscopy confirmed a negligible effect of the grain boundaries on the conductivity. 
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The impedance spectra exhibit only a single arc, even at temperatures as low as 300-400 K 

(Fig.4.6). The capacity associated with this arc was less than (6-7) 10-11 F/cm, which can be 

definitely attributed to the bulk process. Moreover, the total conductivity values obtained by 

different techniques, including 4-probe dc and van der Pauw methods and the ac impedance 

spectroscopy, were found equal within the limits of experimental uncertainty and very similar to 

the literature data [385].  This trend is essentially due to the main conductivity contribution, which 

is, as discussed below, p-type electronic; nevertheless, one cannot exclude the possibility of 

significant grain boundary blocking effects on a minor ionic conductivity contribution. No 

interfacial contribution to the total resistivity was also detected at intermediate oxygen partial 

pressures, as illustrated by the inset in Fig.4.6. In addition, it should be separately mentioned that 

the impedance spectroscopy showed no electrode effects, in agreement with very low values of the 

oxygen ion transference numbers of Ce1-xAxVO4+ , discussed in the next Chapter. 
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Fig.4.6.  Examples of the impedance spectra of CeVO4+  (A) and Ce0.9Sr0.1VO4+  (B) ceramics, collected at 

403-573 K in air and argon.  

Fig.4.7A presents the temperature dependencies of the total conductivity of Ce1-xAxVO4+

ceramics in air, measured using impedance spectroscopy. The incorporation of alkiline-earth 

cations increases electrical conductivity. The values of activation energy vary in the range 34-38 

kJ/mol, slightly decreasing when dopant concentration increases (Table4.3). Taking into account 

that phase decomposition of zircon-type Ce1-xAxVO4 may lead to a time degradation of the ionic 

and/or electronic transport, stability tests of the total conductivity and faradaic efficiency were 

carried out. Selected examples on the conductivity in air are shown in Fig.4.7B. At 973-1223 K the 
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transport properties of cerium vanadate-based ceramics were found to be essentially time-

independent, which suggests an absence of phase changes, in agreement with XRD results. 

Therefore, one can assume that the data on ionic conductivity presented below are related to single 

zircon-type phases.  
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Fig.4.7.  Temperature (A) and time (B) dependencies of total electrical conductivity of Ce1-xAxVO4 ceramics 

in air.  

4.1.2. Oxygen ionic and p-type electronic conduction 

Fig.4.8 presents the oxygen ion transference numbers of Ce1-xAxVO4+  (A = Ca, Sr; x = 0-

0.2) ceramics, determined by the faradaic efficiency measurements in air. The ion transference 

numbers vary in the range from 2 10-4 to 6 10-3 at 973-1223 K and increase with temperature. 

Increasing concentration of alkaline-earth cations leads to decreasing ionic contribution to the total 

conductivity. The conductivity enhancement on acceptor-type doping (Fig.4.7A) suggests that the 

p-type electronic conduction prevails. Arrhenius plots of partial oxygen-ionic and p-type electronic 

conductivities are shown in Figs.4.9 and 4.10A; the corresponding activation energies are listed in 

Table 4.3. In both cases, Ea values are found to decrease on doping. 

The level of oxygen ionic conduction is quite similar for all studied materials, being 

dependent on the nature of divalent dopant cations rather than on their concentration (Fig.4.9). For 

instance, o values of Ce1-xCaxVO4+  with x = 0.1 and 0.2 are almost equal, within the limits of 

experimental error, being lower than those of Ce0.9Sr0.1VO4+ . The structure refinement (Table 4.1) 

and electron-hole concentration calculations (see below) suggest significant oxygen excess. Some 
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authors [385,386,388] assumed cerium vanadate phase to be nearly oxygen-stoichiometric, with a 

prevailing charge compensation mechanism via the oxygen vacancy formation. In this case, 

however, a systematic increase in the ionic conduction with Ca content should be expected due to 

increasing concentration of ionic charge carriers, which is not observed experimentally. On the 

other hand, a coexistence of oxygen vacancies and interstitials with an intrinsic Frenkel-type 

equilibrium in the Ce1-xCaxVO4+  lattice, like in La2NiO4+ -based phases [263], cannot be entirely 

excluded. 
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Fig.4.8.  Temperature dependencies of the 

oxygen ion transference numbers of 

Ce1-xAxVO4+ , determined by the faradaic 

efficiency measurements in air.

Fig.4.9.  Temperature dependence of the oxygen 

ionic conductivity of Ce1-xAxVO4+  ceramics in air. 

Inset shows the ionic conductivity of CeVO4+  as a 

function of the membrane permeate-side oxygen 

pressure, with feed-side p(O2) fixed at 0.21 atm.

At 973-1073 K the ionic conductivity of undoped cerium vanadate is slightly lower, but 

becomes similar to that in Ce(Ca)VO4+  at temperatures above 1100 K. Such a behavior could be 

attributed to a moderate oxygen uptake on heating CeVO4+  in air, revealed by TG measurements. 

The oxygen ionic conductivity of Sr-doped vanadate was found to be slightly higher with respect to 

Ca-containing compositions (Fig.4.9). Therewith, Ce0.9Sr0.1VO4+  and Ce0.9Ca0.1VO4+  possess 

essentially the same values of p-type conductivity and Seebeck coefficient and, thus, electron-hole 

concentration (Fig.4.10). As the latter is directly related to the oxygen hyperstoichiometry 

according to the crystal electroneutrality law, the concentrations of the ionic charge carriers in 

Ce0.9Sr0.1VO4+  and Ce0.9Ca0.1VO4+  are expected to be very similar; the higher ionic conduction in 

Sr-containing compound is hence related to a greater oxygen-ion mobility.  
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ceramics in air.

Analogous tendencies in ABO3 perovskite oxides, where increasing A-site cation radius 

leads to increasing ionic transport [239,263], can be explained in terms of various geometrical 

parameters, including the size of ion migration channels and free volume of the lattice [389,390]. In 

the case of zircon structure, however, these concepts seem rather invalid. As an example, 

Fig.4.11(left) shows a projection of CeVO4 unit cell, drawn on the basis of structure refinement 

results and ionic radii from Ref.[60], in the direction perpendicular to c axis; the probable 

migration channels of oxygen interstitials in zircon-type lattice [391] are marked by circles. For 

Ce1-xAxVO4+  the size of these channels (so-called “bottlenecks”) is 30-40% smaller than the 

diameter of oxygen ion. Respectively, no correlation between the bottleneck size and ionic 

conductivity was found, as expected from this comparison. The specific free volume of the lattice 

of Ce1-xAxVO4+  (Table 4.1) is defined as (V-Vion)/V, where V is the unit cell volume and Vion is the 

volume of ions constituting the cell [390]. Again, no correlation of the free volume with ionic 

conduction is observed. 

The higher ionic conductivity of Ce0.9Sr0.1VO4+  with respect to other vanadates may hence 

be explained in terms of hypothesis [239], regarding possible influence of A-site cation 
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polarizability on the anion mobility, or assuming a strong cooperative effect in the processes of ion 

migration. The assumption [239] refers to increasing polarizability of A-site cations with similar 

charge when the average cation radius increases; this is expected to decrease cation-anion 

interaction and, thus, potential barrier for ion jumps. Such effect may explain variations of the 

oxygen ionic transport in a number of perovskite- and K2NiF4-type mixed conductors [239,263]. 

One alternative hypothesis relates to a significant contribution of the oxygen jumps along [1,1,-1] 

direction as illustrated by Fig.4.11(right); oxygen vacancies in these oxygen chains can be formed 

due to a Frenkel-type disorder. In this case, again, the size and polarizability of A-site cations is 

expected to play an important role. 

Fig.4.11.  Projection of zircon-type lattice of CeVO4+ , drawn using structure refinement results and ionic 

radii from Ref. (24). Square and circles show the unit cell and the most probable channel for the interstitial 

oxygen transport along c axis, respectively (left). Fragment of zircon-type structure of Ce1-xAxVO4, showing 

the oxygen chains along [1,1,-1] direction (right). 

Contrary to the oxygen ionic conduction, the values of electronic conductivity (Fig.10A) 

and Seebeck coefficient (Fig.4.10B) are determined by the acceptor dopant concentration and are 

almost independent of the type of A-site substituent. In particular, Ce0.9Ca0.1VO4+  and 

Ce0.9Sr0.1VO4+  exhibit similar level of electron-hole transport. This behavior suggests the charge 

compensation mechanism via the formation of holes localized, most likely, on cerium cations, 

which has no essential effect on the anion charge carrier concentration. In combination with the 

negative slope of  - T dependencies (Fig.4.10B), the systematic increase in the conductivity on 

acceptor doping confirms that the p-type electronic conduction is dominant compared to n-type. 

The Seebeck coefficient of pure CeVO4+  is positive (Fig.4.10B), in agreement with 

literature [385,387]. Doping with calcium and strontium leads to a change in the sign of thermo-

e.m.f.; the character of temperature dependencies of the electrical properties remains, however, 

similar to that of undoped cerium orthovanadate. Such a behavior results from increasing hole 

concentration and cannot be attributed to a transition from p- to n-type conduction. Taking into 
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account literature data [90] showing that electronic conduction in both cerium and vanadium oxides 

occurs via hopping mechanism, small-polaron conduction in Ce1-xAxVO4+  was assumed. In this 

case, neglecting transported heat of the holes, the Seebeck coefficient can be expressed as [90,392]: 

k N-p
= ln

e p
 (4.2) 

where p is the hole concentration, N is the total concentration of sites participating in the 

conduction process. Formally, the Seebeck coefficient will become negative when p exceeds 

0.5 N, i.e. if more than a half of sites, available for hopping in the lattice of Ce1-xAxVO4+ , are 

occupied. The evaluated p/N ratio is increasing from 0.09-0.19 (x = 0) up to 0.72-0.77 (x = 0.2) in 

air at 1023-1223 K. Increasing calcium content leads to a greater p/N ratio and, hence, lower 

Seebeck coefficient, which becomes negative at x  0.1. At the same time, the dominant oxidation 

state of vanadium in these conditions is 5+ [385], and V5+ cations in vanadates contribute, as a rule, 

to n-type electronic transport [387].  Thus, cerium sublattice is supposed to provide the electron-

hole conduction. This assumption is supported by the decrease in the tetragonal unit cell parameters 

on doping (Fig.4.2), suggesting the presence of cerium in 4+ oxidation state since the ionic radius 

of 8-coordinated cations increases as Ce4+ < Ce3+  Ca2+ < Sr2+. Note that modest fractions of Ce4+

(9.7 % at 973 K) in undoped vanadate are actually non-contradicting to the X-ray absorption 

spectroscopy and TGA data [385,388], implying the basic oxidation state of cerium to be 3+. 

As a first approximation, one can assume the N value equal to the total concentration of 

cerium in the lattice. This hypothesis neglects possible blocking effects, making a part of cerium 

sites unavailable for electron-hole hopping (e.g. due to local distortions of the lattice near Ce4+

cations having relatively small size). Under this assumption, the concentration of p-type charge 

carriers may be estimated from thermopower using Eq.(4.2). Since p was calculated per one 

formula unit, the oxygen access was determined by Eq.(4.1), substituting p = y(1-x). 10 mol% A2+

substitution for cerium leads to an unproportional (by 30-40%) increase in the hole concentration. 

This might suggest a promoted tendency for changing oxidation state of Ce cations to 4+, which is 

more stable in air. The oxygen access is essentially the same (0.18-0.21 per unit formula) for all the 

doped compositions and is probably the maximum that the zircon-type structure can actually adopt. 

Hence, further calcium doping results in a proportional increase in Ce4+ fraction. The estimated 

oxygen access in pure CeVO4+ ,  = 0.05-0.07 at 1023-1223 K, is substantially lower than that of 

alkaline-earth containing phases and is quite close to the structure refinement results (Table 4.1). 

The high content of interstitial oxygen ions might prevent the lattice contraction caused by the 

presence of Ce4+, leading to erroneous estimates from XRD data. Both p and  only slightly 

increase on heating (Fig.4.12), in agreement with TG results showing an absence of significant 

weight variations, within the limits of experimental uncertainty. 
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Fig.4.13.  Electron-hole (A) and 

interstitial oxygen ion (B) mobilities in 

Ce1-xAxVO4+ , calculated from Eq.(4.3). 

The mobilities of electron holes and oxygen ions ( p and o, respectively) plotted in 

Fig.4.13 were evaluated from [92,207] 

k k k fu ucz e [k] (N V )  (4.3) 

where (zke), k and k are the absolute charge, partial conductivity and mobility of k-species, [k] is 

their concentration related to one formula unit, Vuc is the unit cell volume calculated from the XRD 

data, and Nfu is the number of formula units per unit cell (here Nfu = 4). The mobility of p-type 

charge carriers has a temperature-activated character, with Ea values similar to the conductivity 

(Table 4.3), and is of similar level for all materials, being below 10-3 cm2 V-1 s-1. This validates 

the small-polaron conduction mechanism. According to the estimates, about 40% theoretical 

interstitial-oxygen sites should be occupied in cerium vanadate containing alkaline-earth cations, 

which might explain noticeably lower oxygen ion mobility compared to the undoped composition. 

The o values of Ce0.9Sr0.1VO4+  are slightly higher, probably due to the greater free volume in the 

lattice (Table 4.1) associated with the larger Sr2+ cations. The activation energies for the oxygen ion 

mobility, 85-92 kJ/mol, are quite close to those for the O (Table 4.3). 
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4.1.3. Electrical conductivity and Seebeck coefficient vs. p(O2)

Reducing oxygen partial pressure leads to decreasing total conductivity of Ce1-xAxVO4+ ,

whilst the values of Seebeck coefficient were found to increase (Figs.4.14-4.16). Within the phase 

stability limits, these changes are relatively small: for example, the slope of  vs. p(O2) logarithmic 

dependencies is as low as 5 10-4 – 3 10-2. Such a behavior is due to minor oxygen content 

variations in the studied range of temperatures and oxygen pressures, confirmed by TGA studies in 

atmospheres with various p(O2). In agreement with Ref.[387], the changes in  values with 

temperature, determined by TGA, are comparable with the experimental error. The oxygen 

nonstoichiometry variations on changing oxygen pressure were also small, close to the level of 

experimental uncertainty. 

Fig.4.14.  Oxygen partial pressure dependence of 

the total conductivity (A) and Seebeck coefficient 

(B) of CeVO4+ . Inset illustrates irreversible 

behavior of thermopower after phase 

decomposition, with the numbers and arrows 

showing a sequence of p(O2) changes.

Fig.4.15.  Oxygen partial pressure dependence of 

the total conductivity (A) and Seebeck coefficient 

(B) of Ce0.9Ca0.1VO4+ . Inset illustrates estimations 

of the phase stability boundary from the 

thermopower data.
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Fig.4.16.  Oxygen partial pressure dependence of the total conductivity (A) and Seebeck coefficient (B) of 

Ce0.8Ca0.2VO4+ . Inset illustrates estimations of the phase stability boundary. 

Possible mechanisms of the electronic conduction in Ce1-xAxVO4+  are briefly discussed 

above. The oxygen pressure dependencies of thermopower and conductivity of CeVO4+  (Fig.4.14) 

unambiguously indicate the dominating role of electron holes in the charge transfer processes, 

which corresponds well to the literature data [385,387]. As for the variations with temperature, the 

character of p(O2) dependencies of the electrical properties of calcium-doped materials remains 

similar to that of undoped cerium orthovanadate, supporting such a conclusion. 

Further decrease in p(O2) results in the decomposition of the zircon-type phases, which is 

associated with an irreversible drop in the conductivity and a poor reproducibility of the results; the 

decomposition phenomena are illustrated by Insets of Figs.4.14-4.16. Although the stability limit of 

undoped CeVO4 at 1223 K is quite close to the atmospheric oxygen pressure, no phase changes 

were detected at this temperature in air. 

4.1.4. Stability in reducing atmospheres  

In atmospheric air, zircon-type phases Ce(A)VO4+  were found stable up to, at least, 1300 

K. The high-temperature XRD data and the analysis of samples quenched in liquid nitrogen proved 

no phase changes. Increasing temperature to 1373 K results in the formation of two phases, CeO2

and the corresponding A-site deficient zircon Ce1-xVO4 . The content of CeO2-y at 1373 K in air 

was observed to be as high as 30%; an example of the XRD pattern is given in Fig.4.1. This is 

contrary to the assumption [387] concerning a transformation of the zircon- to scheelite-type phase 

of CeVO4 around 1173 K, suggested to explain the unusual conductivity behavior and the results of 

differential thermal analysis (DTA). The phenomena observed by the authors [387] might be, 

however, caused by CeO2 separation.  
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Fig. 4.17. Observed, calculated and 

difference XRD pattern of CeO2-y -

containing Ce0.8Ca0.2VO4+  ceramics at 

1023 K in vacuum.

Although the thermal expansion coefficients in vacuum are quite similar to those in air 

(Table 4.2), reducing oxygen partial pressure down to 2 10-9 atm also leads to segregation of 

oxygen-deficient CeO2-y and, thus, to the unit cell contraction (Fig.4.2). The amount of segregated 

cerium oxide at 1023-1223 K, estimated from the structure refinement results, was 3-5 mol% in the 

case of CeVO4 and up to 12 mol% for Ce0.8Ca0.2VO4; one example is shown in Fig.4.17. Similar 

behavior is observed for the samples annealed in a flow of argon, where p(O2) = 10-5 atm, at 1223 

K (Fig.4.1). Further reduction of the oxygen partial pressure results in a transition of the zircon-

type phases into CeVO3-based perovskites (Fig.4.1). This transformation occurred for all samples 

annealed in a flow of 10% H2- 90% N2 mixture at 973-1223 K. At 923 K, the conversion of 

Ce0.8Ca0.2VO4 into Ce(Ca)VO3-  perovskite was incomplete; only about 7 mol% of perovskite phase 

was formed after the reduction. However, such a behavior can be ascribed, most likely, to kinetic 

limitations.  

Selected results on the phase relations in Ce(Ca)VO4  systems, evaluated from the XRD 

data at different temperatures and oxygen partial pressures, are summarized in Fig.4.18. The solid 

lines correspond to the stability boundaries estimated from p(O2)-dependencies of the total 

conductivity and Seebeck coefficient, as shown by Insets of Figs.4.15 and 4.16. The XRD results 

are in a good agreement with the phase boundary estimates. This means that a sharp decrease in the 

conductivity curves and the corresponding increase of Seebeck coefficient result from starting of 

cerium oxide segregation due to the decomposition process. The conductivity of CeO2-y [41] is 

considerably lower than that of CeVO4-based phases (Fig.4.7A, [385]). The volume fraction of 

segregated cerium oxide is small but it may still affect the conductivity by preferential segregation 

at grain boundaries. Notice also that, in most cases, the changes in conductivity and Seebeck 

coefficient of Ce1-xAxVO4+  at reduced oxygen partial pressures were irreversible.  
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Fig.4.18.  Selected results of XRD analysis 

and phase stability limits of CeVO4+  (A) and 

Ce0.8Ca0.2VO4+  (B). Solid lines correspond to 

the phase boundaries estimated from the data 

on data on conductivity and Seebeck 

coefficient. Dashed lines correspond to the 

stability limits of Ca3(VO4)2 [393] and binary 

vanadium oxides [394]. Oxygen 

isoconcentration line in CeO1.9979 [206] is 

shown for comparison.
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In order to verify phase relationships assessed by XRD analysis, the temperature 

dependencies of total conductivity were studied in different atmospheres (Fig.4.19). For 

Ce0.8Ca0.2VO4+  ceramics which are single-phase both in air and in argon, the change in the oxygen 

partial pressure from 0.21 to 1 10-5 atm results in a slight decrease of the  values. Contrary, the 

conductivity of undoped CeVO4+  in air is considerably higher than that in argon where the 

segregation of ceria is observed. When both compositions are converted into the perovskite phases 

in hydrogen atmosphere, the values of  increase 10-80 times, in agreement with literature on 

perovskite-type vanadates [395]. The total conductivity of Ce0.8Ca0.2VO3-  shows a metallic 

behavior, being essentially independent of temperature.  

The XRD and conductivity data show that at low oxygen pressures CeO2-y segregates from 

the zircon-type phases; further reduction results in a conversion of the two-phase mixtures into 

perovskite phase. Therefore, the reduction mechanism of Ce(Ca)VO4  is more complex than one-

step transformation “zircon  perovskite”, suggested in Ref.[396]. This mechanism should include 

at least two stages, which may be expressed as  

CeVO4+ 1  Ce1-xVO4± 2 + xCeO2-y + ½( 1 2-2x+xy) O2 (4.4) 

Ce1-xVO4± 2 + xCeO2-y  CeVO3- 3  + ½(1± 2+ 3+2x-xy) O2 (4.5) 

where 1 and 2 are the oxygen nonstoichiometry values of the cation-stoichiometric and A-site-

deficient zircon phases, and 3 is the nonstoichiometry of perovskite. The latter phase is 

presumably oxygen-deficient, especially when significant amounts of the acceptor-type dopants are 

incorporated in the lattice.  
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Fig.4.20.  Phase stability limits of 

Ce1-xCaxVO4+ .  Literature data on binary 

vanadium oxides [206,381] and Ca3(VO4)2

[393] are shown for comparison.

Figs.4.18 and 4.20 compare the stability boundaries of Ce(Ca)VO4+  with thermodynamic 

data on calcium vanadate [393] and binary oxides of vanadium and cerium [206,381,394]. In the 

case of vanadium oxides, dashed lines correspond to the phase boundaries between different V-O 
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phases [394]; for oxygen-deficient CeO2-y [206] the dashed line relates to the fixed 

nonstoichiometry value, y = 0.0021. The first step of Ce(Ca)VO4+  reduction is close to the oxygen 

partial pressures of V6O13  VO2  V2O3 transitions and can thus be associated with reducing of 

vanadium cations. The zircon-type lattice is expected to stabilize V5+ oxidation state, as for 

Ca3(VO4)2 where decomposition takes place at p(O2) values close to VO2 phase boundary. Further 

conversion into Ce(Ca)VO3-  perovskite is related to the formation of Ce3+ and V3+ cations; the 

onset of the perovskite phase is observed mainly for conditions when both single oxides are 

reduced to the trivalent state.  

Perovskite-type Ce(Ca)VO3-  exhibits better transport properties than the zircon-type 

compounds, but its stability with respect to re-oxidizing is poor. Nevertheless, divalent additives 

may stabilize the perovskite phase by allowing partial re-oxidation of cerium and/or vanadium to 

higher valence states. From the point of view of the tolerance factor, one should expect an 

enhanced stability by allowing partial oxidation from V3+ to V4+. On the contrary, oxidation of Ce3+

to Ce4+ should spoil the stability.  

Doping with calcium leads to a considerable enlargement of the zircon phase stability 

domain (Fig.4.20), which is associated most probably with an increase in the concentrations of 

ionic species with higher valence states at a given value of p(O2). One thus expects that Ca doping 

increases the concentration of Ce4+ and suppresses the formation of V4+. In fact, the decomposition 

of Ce1-xCaxVO4+  takes place at values of p(O2) of 10-16-10-8 atm at 1020-1100 K, which are 

comparable to the stability boundaries of VO2 and Ca3(VO4)2. The ability to retain the highest 

oxidation state (V5+) is thus enhanced by the tetrahedral coordination of vanadium cations in 

cerium orthovanadate and by additions of calcium, as observed in alkaline-earth vanadates [393]. 

Notice also that extrapolation of the stability limit of Ce0.8Ca0.2VO4+  to the low-temperature range 

suggests that this phase should be stable in the SOFC anode environments at temperatures below 

950 K, when the decomposition is expected at p(O2)<10-20 atm. 

4.2. Perovskite-type La0.9Sr0.1Al0.85-xMg0.15FexO3-

As discussed in Chapter 1.5.1.2, the incorporation of aluminium cations having stable 

oxidation state into the perovskite-like structure of lanthanum-strontium ferrites partially 

suppresses the lattice expansion on heating and under changing p(O2), due to reduced oxygen 

nonstoichiometry variations. For deep analysis of the behavior of transition metal cations dissolved 

in a lattice of ions with stable oxidation state, La0.90Sr0.10Al0.85-xFexMg0.15O3-  system was selected 

as model. Doping with acceptor-type cations, Sr2+ and Mg2+, was necessary to provide sufficient 

ionic conduction required for the electrochemical applications; in order to minimize local 
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inhomogeneities due to possible dopant segregation at the grain boundaries, the content of these 

cations was selected close to their maximum solubility in LaAlO3 lattice.  

4.2.1. General characterization  

XRD analysis confirmed the formation of single-perovskite type phase after sintering 

ceramics of Fe-substituted materials, La0.90Sr0.10Al0.85-xFexMg0.15O3-  (x = 0.20, 0.40 and 0.50) at 

1673 K (Fig.4.21). The crystal structure was identified as rhombohedrally distorted (space group 

R3c ); Fig.4.22 presents one example of the final structure refinement. At x = 0.60, minor impurity 

peaks were observed in the XRD paterns, suggesting that maximum solubility of iron in doped 

LaAlO3 corresponds to 0.5<x<0.6. Table 4.4 lists the unit cell parameters in hexagonal settings. 

The lattice expansion with increasing Fe content is due to the larger cation radius of iron with 

respect to aluminum [60]. As illustrated by the inset in Fig.4.22, no phase changes such as metallic 

Fe formation were detected using XRD analysis after annealing in flowing H2-H2O-N2 gas mixtures 

at 1073-1223 K. Therefore, all data on the transport properties of Fe-containing compositions, 

presented below, correspond to single perovskite phases. 
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Fig.4.21.  XRD patterns of  

La0.90Sr0.10Al0.85-xFexMg0.15O3-  ceramics, 

after sintering in air at 1673 K. 

Fig.4.22.  Observed, calculated and difference XRD 

pattern of La0.90Sr0.10Al0.65Fe0.20Mg0.15O3-  ceramics, 

sintered at 1673 K in air and equilibrated with 

atmospheric oxygen at low temperatures. Inset shows 

XRD patterns after annealing at reduced oxygen 

pressures and quenching. All patterns were collected 

at room temperature. 
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Table 4.4 

Properties of La0.90Sr0.10Al0.85-xFexMg0.15O3-  perovskite ceramics 

Unit cell parameters (space 

group R3c , PDF no 167) 

Linear thermal expansion 
coefficient in air 

Activation energy for the 
total conductivity in air 

x

a, nm c, nm T, K 106, K-1 T, K Ea, kJ/mol 

410-1000 12.62 0.03 445-760 40±6 0.20 0.5418(1) 1.3214(2) 

1000-1300 17.9 0.1 955-1260 10.3±0.3 

0.5473(3) 1.3303(6) 410-820 11.66 0.01 455-910 24.3±0.9 0.40

  1040-1520 18.01 0.01 

0.50 0.5483(0) 1.3301(6) 490-1000 13.22 0.01 560-910 21.3±0.6 

   1000-1520 19.71 0.01 

0.60 0.5510(2) 1.3347(6)     

Fig.4.23.  SEM micrographs of 

fractured 

La0.90Sr0.10Al0.65Fe0.20Mg0.15O3-  (A) 

and La0.90Sr0.10Al0.45Fe0.40Mg0.15O3-

(B) ceramics.
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Fig.4.24.  Dilatometric curves of  

La0.90Sr0.10Al0.85-xFexMg0.15O3-
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Typical SEM micrographs of fractured La0.90Sr0.10Al0.85-xFexMg0.15O3-  samples are shown 

in Fig.4.23. The materials have homogeneous microstructures with minor porosity and small 

grains, characteristic of the ceramics prepared from GNP-synthesized powders. The grain size 

varies in the range 1-3 m and is quite similar for all compositions. Neither secondary phase 

segregation nor essential grain-boundary anomalies could be identified by the SEM/EDS 

inspections. 

The average TEC values of La0.90Sr0.10Al0.85-xFexMg0.15O3-  ceramics in air are (11.7-

19.7) 10-6 K-1 (Table 4.4), generally increasing with x, especially in the high-temperature range. 

Fig.4.24 compares the dilatometric data on the Fe-doped aluminates and two LaGaO3-based mixed 

conductors [397]. In the low-temperature range, thermal expansion coefficients (TECs) of all these 

materials are similar. At temperatures above 900-1000 K, the thermal expansion of 

La0.90Sr0.10Al0.65Fe0.20Mg0.15O3-  is close to that of La0.8Sr0.2Ga0.6Fe0.2Mg0.2O3- , but lower if 

compared to La0.90Sr0.10Ga0.65Ni0.20Mg0.15O3- . The apparent increase in TECs on heating is 

associated, most likely, with chemically induced expansion of the lattice due to increasing oxygen 

nonstoichiometry [213].  

4.2.2. Transport properties at atmospheric oxygen pressure 

The temperature dependencies of the total conductivity of La0.90Sr0.10Al0.85-xFexMg0.15O3- ,

in comparison with other LaAlO3- and LaGaO3-based phases [398-401], are presented in Fig.4.25. 

Doping with iron cations, which are the only variable-valence ions in the aluminate lattice, should 

obviously increase the number of sites participating in electronic transport and, thus, the electronic 

conductivity. For most Fe-containing perovskites including iron-doped LaAlO3 and LaGaO3, the 

electronic conduction under oxidizing conditions is p-type [202,212,215,216,400,401]; a similar 

behavior can also be expected for La0.90Sr0.10Al0.85-xFexMg0.15O3- . Notice that the values of total 

conductivity (Fig.4.25) and the corresponding activation energy (Table 4.4) for the studied 

materials are close to those of LaGaO3-based analogues. In correlation with increasing thermal 

expansion (Fig.4.24), the conductivity starts to decrease at temperatures above 900-1000 K due to 

progressive oxygen losses and decreasing hole concentration on heating; analogous trends are 

typical for most Fe-containing perovskites [215,216]. This effect is more pronounced for the 

compositions where  40% B sites are occupied with iron, since the oxygen nonstoichiometry 

variations should be proportional to the concentration of transition metal cations. At temperatures 

below 760-910 K the conductivity shows a semiconductor-like behavior. 
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Fig.4.26.  Temperature dependencies of the 

oxygen ion transference numbers of 

La0.90Sr0.10Al0.85-xFexMg0.15O3-  ceramics in air.

Fig.4.27.  Temperature dependencies of the oxygen 

ionic conductivity of La0.90Sr0.10Al0.85-xFexMg0.15O3-

ceramics in air. Data on La0.90Sr0.10FeO3-  [402], 

La0.75Sr0.25FeO3-  [402], La0.80Sr0.20FeO3-  [212] and 

La0.90Sr0.10Al0.90Mg0.10O3-  [398] are shown for 

comparison. 
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The faradaic efficiency data (Fig.4.26) confirm that the electronic conduction is 

predominant in air. The oxygen ion transference numbers of La0.90Sr0.10Al0.85-xFexMg0.15O3-  vary 

from 6.9 10-4 to 1.6 10-2 at 1073-1223 K, increasing with temperature and decreasing when the 

iron content increases. For La0.90Sr0.10Al0.65Fe0.20Mg0.15O3- , the O values in air (Fig.4.27), 

calculated from the faradaic efficiency and total conductivity results, are similar to the ionic 

conductivity of analogous iron-free compositions [398]. This level of ionic transport is 

substantially lower than that in La(Sr)FeO3-  [212,402], although literature data on the lanthanum-

strontium ferrites show definite disagreements. As expected from ideal solid solution model, 

increasing iron content in La0.90Sr0.10Al0.85-xFexMg0.15O3-  leads to a higher ionic conduction. 

Comparison of the activation energies for various parameters describing ionic transport in ferrite- 

and aluminate-based phases is given in Table 4.5. 

Table 4.5 

Comparison of the activation energies for oxygen ionic transport parameters* of 

Fe- and Al-containing perovskites 

Composition Transport 
parameter

T, K p(O2), atm Ea, kJ/mol Reference

1073 - 1223 0.21 107±4 La0.9Sr0.1Al0.65Fe0.20Mg0.15O3- O

1073 - 1223 1 10-15 102.1±0.7 

This work

O O[V ] 1073-1223 0.21 98±4  

1073 - 1223 0.21 120±9 La0.9Sr0.1Al0.45Fe0.40Mg0.15O3- O

1023 - 1223 1 10-15 99±7 

O O[V ] 1023-1223 0.21 84±6 

This work

La0.9Sr0.1Al0.35Fe0.50Mg0.15O3- O 1023 - 1223 1 10-15 80.7±0.8 This work

La0.90Sr0.10FeO3- 1173 - 1373 6.4 10-2 79±25 [402] 

La0.75Sr0.25FeO3-

DV

1173 - 1323 6.4 10-2 114±23 [402] 

La0.80Sr0.20FeO3- O 1023 - 1223 1 10-19-1 10-7 65±5 [212] 

La0.90Sr0.10FeO3- 1123 - 1323 1 10-3/0.21 178±7 [403] 

La0.80Sr0.20FeO3-

j(O2)

1123 - 1323 1 10-3/0.21 199±18 [403] 

La0.90Sr0.10Al0.90Mg0.10O3- 1073-1273 1 10-18-1.0 101 [404] 

La0.90Sr0.10Al0.90Mg0.10O3-

O

1073 1 10-17-1.0 87 [398] 

* O, DV  and j(O2) are the ionic conductivity, oxygen vacancy diffusion coefficient and oxygen permeation 

flux, respectively. The activation energy for O O[V ]  quantity corresponds to that for the oxygen vacancy 

mobility.  
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4.2.3. Total conductivity vs. oxygen partial pressure  

Selected results on the total conductivity and Seebeck coefficient of La0.90Sr0.10Al0.85-

xFexMg0.15O3-  as a function of the oxygen partial pressure are presented in Figs.4.28 and 4.29. Due 

to stagnated gas-phase diffusion processes in the intermediate p(O2) range, the measurements at 

oxygen pressures from approximately 10-13-10-10 to 10-5-10-4 atm were skipped. Under oxidizing 

conditions, the total conductivity decreases with reducing p(O2), whereas the thermopower 

increases and has positive sign. This behavior unambiguously indicates that the electronic transport 

is dominantly p-type, in agreement with data on other Fe-containing perovskites 

[202,212,215,216,400,401,403]. When p(O2) is lower than 10-10 atm, the conductivity exhibits a 

plateau, suggesting that the electron-hole concentration becomes low and the oxygen ionic 

transport prevails. Similar behavior is often observed for transition metal-free phases derived from 

LaAlO3 [398, 399]. The corresponding p(O2) range, becomes narrower with Fe-doping and 

increasing temperature.  
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Fig.4.28. Oxygen partial pressure dependencies of the total conductivity (A,C) and Seebeck coefficient (B,D) 

of La0.90Sr0.10Al0.65Fe0.20Mg0.15O3-  (A,B) and La0.90Sr0.10Al0.45Fe0.40Mg0.15O3-  (C,D). Solid lines correspond to 

the best fit to experimental data (see text).  
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It should be separately mentioned that the total conductivity values corresponding to 

plateau in the  - p(O2) dependencies (Fig.4.28, A and C) are 2-4 times higher than the oxygen 

ionic conductivity in air (Fig.4.27). As oxygen ion diffusion in perovskite oxides occurs via a 

vacancy mechanism [402], this tendency indicates a significant effect of oxygen chemical potential 

on the concentration of mobile ionic charge carriers when oxygen incorporation into the lattice 

under oxidizing conditions is reflected by the increase in p-type electronic conduction. On the 

contrary, under reducing conditions the plateau-like behavior of the total conductivity, particularly 

clearly observable for the 20 mol% Fe-doped aluminate (Fig.4.28A), supposes that the vacancy 

concentration becomes essentially p(O2)-independent. Further reduction, down to oxygen partial 

pressures below 10-17-10-14 atm, leads to an increasing role of n-type electronic conduction and 

probably also to the changes in oxygen transport behavior. Note that XRD analysis of 

La0.90Sr0.10Al0.85-xFexMg0.15O3-  ceramics, annealed at p(O2) = 10-20-10-18 atm and 1073-1223 K, 

showed no traces of phase decomposition; one example is illustrated by Inset of Fig.4.21.  
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Fig.4.29.  Oxygen partial pressure dependencies of the total conductivity (A) and Seebeck coefficient (B) of 

La0.90Sr0.10Al0.35Fe0.50Mg0.15O3- . Inset shows an example of fitting at oxygen pressures close to the 

conductivity minimum (see text). 

In order to assess the applicability of conventional point-defect models which were 

employed to describe transport in La(Sr)FeO3-  ferrites [92,403], the defect formation processes is 

discussed on the examples of La0.90Sr0.10Al0.65Fe0.20Mg0.15O3-  and La0.90Sr0.10Al0.45Fe0.40Mg0.15O3- .

In the former case, iron cations are in a relatively isolated state, being surrounded mainly by 

Al3+/Mg2+ in the perovskite lattice, while the concentrations of iron and aluminum in the B 
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sublattice are similar in the latter phase. The dependencies of total and partial conductivities on the 

oxygen pressure and temperature can be adequately analyzed assuming the electronic charge carrier 

localization on iron cations, with no essential association of the point defects. In this situation, the 

concentrations of Fe4+ and Fe2+ are equal to those of holes and electrons, respectively; these can be 

expressed via the equilibrium constants of iron disproportionation and oxygen exchange reactions 

(Kd and Kex):

Fe Fe Fe2Fe Fe Fe d
d total 2

Hn p
K exp

([Fe ] n p) RT
 (4.6) 

Fe O 2 O Fe

1
2Fe O O V 2Fe

2
 (4.7a) 

1 total 22
ex ex2

ex 2

H T S )p(O ) ([Fe ] n p)
K exp

(3 ) p RT
 (4.7b) 

where the Kröger-Vink notation [92,135,405,406] is used, all defect concentrations are related to 

one formula unit, and  is the oxygen nonstoichiometry. The entropy of iron disproportionation 

process in Eq.(4.6) was found statistically insignificant and is hence skipped, in agreement with the 

results of Ref.[407]. The electroneutrality condition can be written as 

2 p 0.25 n  (4.8) 

where 0.25 corresponds to the sum of Mg2+ and Sr2+ concentrations normalized to one formula unit.  

The total conductivity is the sum of the partial ionic and p- and n-type electronic 

contributions:  

O p n=  (4.9) 

The ionic conductivity can be expressed in terms of the random walk theory [406]: 

0
O OA (3 )  (4.10) 

where A0
O is the T-dependent constant. Since the theoretical description of electronic transport may 

require complex relationships between the charge carrier concentration and the density of states, a 

series of alternative models were tested. In the simplest case, the partial electronic conductivity is 

assumed proportional to the charge carrier concentration, with p(O2)-independent mobility: 

0
p pB p  (4.11a) 

0
n nB n  (4.11b)

The A0
O and B0

p values can be expressed through the only parameter of Kex from the results of the 

total conductivity and faradaic efficiency measurements in air (Figs.4.25-4.27), using Eqs.(4.7b), 

(4.8), (4.10) and (4.11), neglecting the concentration of electrons and substituting p(O2) = 0.21 atm. 

From this system of equations,  and p in air were obtained numerically for each temperature.  
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The model for non-linear regression analysis comprised Eqs.(4.6)-(4.11). Fitting of the data 

on total conductivity and transference numbers was performed using a procedure developed for the 

analysis of p(O2)-T-  diagrams [407]. As the electronic transport in perovskite-type phases occurs 

via the B O B bonds [375], the conductivity may also be affected by the concentration of these 

bonds and, hence, of the oxygen ions. The most adequate results (Table 4.6) were obtained, 

however, using Eq.(4.11), while the other models yielded similar regression parameters with 

slightly higher errors. The quality of the separate fitting of data points for each temperature is 

illustrated by solid lines in Fig.4.28, A and C; fitting of all data vs. temperature and oxygen 

pressure simultaneously, gave essentially identical results. Due to a certain nonlinearity of the 

model, the weight of data points was settled using a function of reciprocal conductivity value. For 

the La0.90Sr0.10Al0.65Fe0.20Mg0.15O3-  composition where the total iron content is relatively small, the 

number of data points under reducing conditions when the electron transport appears noticeable, is 

quite limited. This makes it impossible to analyze the behavior of n-type electronic conduction. The 

calculated values of electron-hole and oxygen vacancy concentrations in air are in a good 

agreement with the Mössbauer spectroscopy data (Fig.4.30 and Table A2.1 in Appendix 2). 

Table 4.6 

Regression parameters of the  (T, pO2) dependence of La0.90Sr0.10Al0.85-xFexMg0.15O3- , for models with 

different relationships between the partial electronic conductivities and charge carrier concentration 

Adjusted correlation coefficient x T, K 

Conductivity Thermopower  

lnKex lnKd N 

0.2 1223 0.99981 0.998 -2.29±0.04 -4.2±0.5 0.415±0.009 

 1173 0.99992 0.998 -2.65±0.03 -4.3±0.4 0.376±0.007 

 1123 0.99995 0.998 -3.00±0.02 -4.6±0.6 0.340±0.007 

 1073 0.99950 0.999 -3.68±0.08  0.339±0.005 

0.4 1223 0.99949 0.998 -1.82±0.03 -10.4±0.7 0.267±0.004 

 1173 0.99978 0.998 -2.21±0.02 -10.7±0.5 0.247±0.004 

 1123 0.99984 0.998 -2.98±0.02  0.277±0.004 

 1073 0.99986 0.998 -3.90±0.02  0.313±0.004 

The mobilities of electron holes and oxygen vacancies ( p and V) given in Fig.4.31 were 

evaluated from Eq.(4.3) with Nfu = 6. Both p and V follow an Arrhenius dependence on 

temperature. While for the ion migration this trend is usual, the temperature-activated character of 

hole mobility (Ea = 30-32 kJ/mol) unambiguously shows a small-polaron conduction mechanism. 

The values of p, (1.1-14.5) 10-3 cm2×V-1×s-1 at 1073-1223 K, are considerably lower than for 

La0.9Sr0.1FeO3-  [409], due to the lower concentration of B sites and Fe-O-Fe bonds participating in 
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the electronic transport in La0.90Sr0.10Al0.85-xFexMg0.15O3-  lattice. Moreover, these values are below 

the characteristic threshold of about 0.1 cm2×V-1×s-1, which is believed to be a rough criterion to 

separate polaron and broadband conductors. In addition, the 3+ and 4+ states of iron cations can be 

clearly distinguished in the Mössbauer spectra of La0.90Sr0.10Al0.85-xFexMg0.15O3-  (x  0.40) (see 

Appendix 2) suggesting a hampered charge delocalization. This seems to result from relatively high 

concentrations of Al3+ and Mg2+ in the B sites. The mobility of n-type charge carriers is 

substantially lower than that of electron-holes (Fig.4.32), which is usual for the ferrite materials 

[212,409].  
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Fig.4.30.  Temperature dependence of the oxygen 

content in La0.90Sr0.10Al0.85-xFexMg0.15O3-  in air.

Fig.4.31.  Temperature dependencies of electron-

hole (A) and oxygen vacancy (B) mobility of 

La0.90Sr0.10Al0.85-xFexMg0.15O3-  in air.

4.2.4. Partial ionic and electronic conductivities  

Fig.4.32 shows the calculated defect concentrations and partial conductivities of 

La0.90Sr0.10Al0.85-xFexMg0.15O3-  as functions of oxygen pressure. Under moderately reducing 

conditions, the observed tendencies are close to classical [92,406]; namely, the ionic conduction is 

almost constant and the partial electronic conductivities are proportional to p(O2)
±1/4. This situation 

is changed in oxidizing atmospheres and at p(O2) < 10-15 atm, when the average oxidation state of 

iron cations is far from 3+ and the chemical potential of oxygen vacancies becomes substantially 
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p(O2)-dependent. Nevertheless, as confirmed by the Mössbauer spectroscopy and by the hole 

mobility calculations, no delocalization of p-type electronic charge carriers is observed in 

La0.90Sr0.10Al0.45Fe0.40Mg0.15O3-  within all studied p(O2) range. 
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corresponding defect concentrations related to 

one formula unit (B) at 1173 K. Solid line in (A) 
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The proposed model suggests a change in the slope of logarithmic p vs. p(O2)

dependencies from 1/4 under reducing conditions, where the chemical potential of oxygen 

vacancies is essentially independent of the oxygen chemical potential, down to 1/6 at oxygen 

pressures close to atmospheric, where the vacancy chemical potential decreases with increasing 

p(O2). The latter situation is associated with decreasing ionic conductivity when p(O2) increases, 

due to a sharp decrease in the vacancy concentration (Fig.4.32). Similar trends in ionic conduction 

are known for other Fe-containing perovskites where most B sites are occupied with iron 

[216,408]. No degradation of ionic conduction on reduction, which may appear due to the 

formation of vacancy-ordered microdomains in ferrites, was observed in this work, probably owing 

to moderate concentrations of oxygen vacancies and iron cations. 

The ionic conductivity exhibits almost linear dependence on oxygen deficiency, suggesting 

that the oxygen transport is limited by the vacancy concentration (Fig.4.33). The latter tendency 

well corresponds to the recent data on La0.3Sr0.7(Fe,Al)O3-  system [408], whereas the ionic 
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transport in Ga-substituted ferrites, La0.3Sr0.7(Fe,Ga)O3- , is essentially independent of p(O2) and 

[216]. The activation energy for vacancy migration, 84-98 kJ/mol, is similar to that of 

La0.9Sr0.1Al0.9Mg0.1O3-  solid electrolyte without iron additions (Table 4.5).  

0.05 0.10 0.15 0.20 0.25 0.30
0

10

20

30

40
1223 K
1173 K
1123 K
1073 K

La
0.90

Sr
0.10

Al
0.45

Fe
0.40

Mg
0.15

O
3-

 (
m

S
/c

m
)

8.0 8.5 9.0 9.5 10.0 10.5

-3.0

-2.5

-2.0

-1.5

p(O
2
) = 0.21 atm

x = 0.20
x = 0.40

La
0.90

Sr
0.10

Al
0.85-x

Fe
x
Mg

0.15
O

3-

p(O
2
) = 1 10

-15
 atm

x = 0.20
x = 0.40
x = 0.50

lo
g

o (
S

/c
m

)

10
4
/T, K

-1

1273 1223 1173 1123 1073 1023 973
T, K

Fig.4.33.  Oxygen ionic conductivity of 

La0.90Sr0.10Al0.45Fe0.40Mg0.15O3-  as a function 

of the oxygen nonstoichiometry.

Fig.4.34.  Temperature dependencies of the oxygen 

ionic conductivity of La0.90Sr0.10Al0.85-xFexMg0.15O3-

under oxidizing and reducing conditions.

Fig.4.34 compares the values of the partial ionic conductivity in air and under reducing 

conditions; the corresponding activation energies (Ea) are listed in Table 4.5. Since in the vicinity 

of minimum in the isothermal log  - log p(O2) dependence, the oxygen ionic conductivity can be 

assumed constant and the slopes of partial electronic contributions tend to ±1/4, the data for 

La0.90Sr0.10Al0.35Fe0.50Mg0.15O3-  presented in Fig.4.29A was fitted to a simplified model 

1 10 04 4
O p 2 n 2= p(O ) p(O )  (4.12) 

where 0
p and 0

n are the p- and n-type conductivities at unit oxygen partial pressure. One example 

of such fit is illustrated by Inset of Fig.4.29A; the adjusted correlation coefficients were higher than 

0.999. The level of ionic conductivity at reduced p(O2) increases and its activation energy 

decreases with iron concentration due to the higher both concentration and mobility of oxygen 

vacancies. The O values of 40 and 50 mol% doped La0.90Sr0.10Al0.85-xFexMg0.15O3-  become 

however similar in the high-temperature range. Due to decreasing contribution of the vacancy 

formation enthalpy, reducing p(O2) leads to a decrease in Ea values from 107-120 down to 99-102 
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kJ/mol. The activation energy becomes thus closer to the migration energy estimated from the 

O O[V ]  ratio (Table 4.5). The vacancy formation enthalpy contribution under oxidizing 

conditions is expected to increase when the total iron content in the perovskite lattice and, thus, the 

absolute concentration of Fe4+ cations increases. As a result, the activation energy for ionic 

conductivity of La0.90Sr0.10Al0.45Fe0.40Mg0.15O3-  in air is higher than that of 

La0.90Sr0.10Al0.65Fe0.20Mg0.15O3-  (Table 4.5); a similar behavior is observed in La1-xSrxFeO3-

(x=0.10-0.25) where the vacancy concentration is relatively low and Sr additions are partly 

compensated by Fe4+ formation [212]. 

4.2.5. Thermopower behavior and comments on the hole transport mechanism 

The low level of hole mobility and its temperature-activated character both suggest a 

small-polaron mechanism for the p-type electronic conduction. At the same time, one should 

mention that these mechanisms may be more complex than simple hopping of the holes between 

Fe4+ and Fe3+ cations, as suggested in Ref.[409]. The adequacy of defect model used in this work 

implies that mobility of the p-type electronic charge carriers is essentially concentration-

independent. At oxygen partial pressures close to atmospheric, the concentration of holes is 

comparable to the total iron content (Fig.4.32); in this situation one could expect a non-negligible 

effect of iron oxidation state on the oxygen incorporation reaction and hole migration processes if 

the conduction would occur due to hopping of strongly localized holes. In this case, the Seebeck 

coefficient of holes can be expressed by Eq.(4.2). Alternatively, if the electronic transport occurs 

via the band mechanism with concentration-independent density of states, the Eq.(3.4) is applied.  

The ionic thermopower is determined by equilibrium at the electrodes maintained owing to 

the redox reaction [135]: 

2
2

1
O O 2e

2
 (4.13) 

The oxygen ion Seebeck coefficient is then expressed as: 

22
2

0
Oo O

O

dt 1 Q

2e 2 dT T T
 (4.14) 

where Q0 is the transported heat of oxygen ions. Taking into account the experiments for chemical 

potentials of molecular oxygen in the gas phase and of the oxygen ions in a mixed conductor, one 

may obtain [135]: 

2

0

o 2O

k 1 5 1 Q
t ln ln T ln p(O ) C

e 2 3 8 4 2kT
 (4.15) 

where all constants are combined into one constant C. 
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Under reducing conditions, the change of equilibrium at the electrodes causes a shift of the 

heterogeneous part of the ionic thermopower, equivalent to a stepwise decrease of C [392]. For the 

experimental setup used in this work, this effect cannot be precisely accounted for due to possible 

presence of H2/H2O impurities in the CO/CO2 atmosphere where only the resultant oxygen 

chemical potential is controlled. For oxidizing and moderately reducing atmospheres when the n-

type electronic conduction is negligible, the experimental data on Seebeck coefficient of 

La0.90Sr0.10Al0.85-xFexMg0.15O3-  (x = 0.2 and 0.4) as a function of p(O2) were fitted using a model: 

p o 2

k N k 1
t ln t ln ln p(O ) C

e p 2e 3 2
 (4.16) 

where tp is the p-type electronic transport number and C’ is the constant which comprises C and the 

all terms in Eq.(4.15) depending only on temperature. The to and tp values for each data point were 

calculated from results of the total conductivity fitting, while the nonlinear regression parameters 

included N and C’. Note that N may comprise a coefficient responsible for blocking a part of iron 

cations for the hole transfer [215]. 

Note that Eq.(4.2) was found inappropriate for the analysis of hole contribution to 

thermopower; Eq.(4.16), implying the p-independent density of states, was therefore applied. 

Indeed, such a model occurred to be sufficiently adequate (Table 4.6, Fig.4.28 B and D). The 

observed behavior can be explained in terms of the hypotheses formulated by Goodenough [375], 

who supposed a significant role of O:2p6 valence band containing a large O-2p  component in 

LaFeO3-based phases. Consequently, the holes in perovskite ferrites may prefer to occupy 

molecular orbitals (MOs) rather than a localized e orbital; trapping of two holes in MOs of a 

Fe(V)O6 complex may also be assumed [375]. The calculated N values varying in the rather narrow 

range, 0.27-0.42 per one perovskite unit formula (Table 4.6), are practically independent of the 

composition and temperature. Therefore, sites available for holes hopping may probably be related 

to the total concentration of B sites rather than [Fe3+].

In summary, the redox behavior and transport properties of La0.90Sr0.10Al0.85-xFexMg0.15O3-

(x = 0.2 - 0.5) can be adequately described by equilibrium processes of oxygen intercalation and 

iron disproportionation, with the thermodynamic functions independent of defect concentrations. 

Substantial level of oxygen ionic conductivity and relatively high stability allows the use of 

La(Fe,Al)O3-based mixed conductors for the anode applications. 
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4.3. Fluorite-related TbMO4-  (M= Zr, Hf) 

As mentioned in Chapter 1.3.1, numerous fluorite- and pyrochlore-type oxide materials 

possess a significant oxygen ionic conductivity and thus can be used as the anode components. 

Among the pyrochlore systems, a high ionic conductivity was observed for Gd2Zr2O7, Tb2Zr2O7

and Gd2Ti2O7 based phases [54,410]; the incorporation of variable-valence Tb3+/4+ may play a 

positive role in the electrochemical kinetics. In the present work, TbZrO4-  and TbHfO4-  prepared 

via mechanically-activated synthesis were studied. This synthesis method, resulting in nano- and 

submicron-scale crystallites, often leads to enhanced defect concentrations, formation of metastable 

disordered phases and, subsequently, to considerable variations in the ionic and electronic transport 

properties (e.g. [33,352]). At the same time, theoretical prediction of such changes is difficult due 

to the complex nature of transport processes occurring at grain boundaries and in nanosized grains. 

Since TbZrO4-  and TbHfO4-  both possess A/B cation radius ratio close to the “pyrochlore-

fluorite” boundary in the systems Ln2M2O7+  (M = Zr, Hf; Ln is rare-earth cation), mechanically-

activated synthesis may have a strong effect on the structure and phase composition.  

4.3.1. Structure and microstructure 

The final structure refinement plots of TbHfO4-  and TbZrO4-  are given in Fig.4.35. For 

both compositions, Rietveld analysis was performed presuming two possible crystal structures, 

namely pyrochlore Tb2M2O7+  (space group Fd3m , No.227) and fluorite TbMO4-  (space group 

Fm3m , No.225). The pyrochlore lattice is distinguished from fluorite by ordering of the cations in 

16d (1/2,1/2,1/2) and 16  (0,0,0) sites, and by the displacement of 48f oxygen. In XRD patterns this 

should be reflected by additional Bragg peaks, particularly (311) (for CuK  radiation 2  28.5 )

and (331) (2  37.5 ). These lines are not observed in the XRD patterns (Fig.4.35). Therefore, if 

considering XRD data only, the structure of both studied compounds should be described as cubic 

fluorite; Table 4.7 lists the unit cell parameters and agreement factors for the Fm3m  space group. 

The lattice parameters of TbHfO4-  and TbZrO4-  are very similar, as a result of the similar radii of 

Zr4+ and Hf4+ cations [60]. One should separately note that the XRD results cannot exclude local 

ordering [410-412]. Moreover, in the case of TbHfO4- , the intensity of (311) and (331) Bragg 

peaks is expected to be very low due to only a small difference in the atomic scattering factors of 

hafnium and terbium; these reflections could hence be missed. As an attempt to reveal possible 

local ordering, selected area electron diffraction (SAED) and IR absorption studies were 

performed. 
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Table 4.7 

Properties of TbHfO4-  and TbZrO4-  ceramics 

Unit cell parameter * Average linear thermal 
expansion coefficient 

Activation energy for 
the total conductivity 

Composition 

S.G. a, Å 

Grain 
size, nm

T, K 106, K-1 T, K Ea, kJ/mol 

600-1200 11.53 0.01 873-1123 44 1TbHfO4- Fm3m 5.222(9) 50-150 

1200-1420 18.37 0.08 423-723 57 2

600–1200 12.36 0.02 773-1123 36 1TbZrO4- Fm3m 5.221(1) 70-200 

1200-1420 20.28 0.07 373-723 49 1

* Rp, Pwp and 2 factors are equal to 7.15, 8.59 and 5.32 for Tb2Hf2O7+ , and 7.56, 6.82 and 2.68 for TbZrO4- ,
respectively. 
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Fig.4.35. Observed, calculated and 

difference XRD patterns of TbHfO4-  (A) 

and TbZrO4-  (B); IR absorption spectra 

of TbZrO4-  and TbHfO4-  (C). The 

positions of hypothetic pyrochlore 

reflections, which are not observed in the 

present case, are shown at the bottom of 

XRD patterns. 

Representative examples of the SAED patterns of TbHfO4-  and TbZrO4-  are shown in 

Fig.4.36, A and B. All observed reflections are consistent with fluorite structure; no superlattice 

spots or diffuse scattering characteristic of locally-ordered (Tb,Gd)2Zr2O7 [412] can be seen in the 

electron diffraction patterns in both cases. At the same time, the IR spectrum of TbHfO4-  exhibits 

absorption bands at 400 and 510 cm-1 (Fig.4.35C), typical for Ln2Hf2O7 pyrochlore structure [413]. 
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Such behavior indicates a partial pyrochlore-type ordering in terbium hafnate ceramics. The fact, 

that ordered microdomains cannot be distinguished in the course of standard TEM analysis, may be 

explained if their volume fraction is small and/or if their primary location is around grain 

boundaries. Also, one should take into account the very similar values of the atomic scattering 

factors of Hf and Tb, which should lead to weakening of possible superlattice reflections. In these 

conditions, detailed HRTEM studies are necessary to resolve microdomain formation.  

Fig.4.36.  Selected area electron diffraction patterns of TbHfO4-

along [001] zone axis (A), and TbZrO4-  along [011] zone axis (B), 

and the bright-field TEM images of TbHfO4-  (C) and TbZrO4-

(D).  SAED patterns can be indexed for the cubic fluorite cell.

Fig.4.37.  SEM micrographs of 

fractured ceramic samples: TbHfO4-

(A) and TbZrO4-  (B).

For TbZrO4- , no absorption band near 510 cm-1 is observed in the IR spectra (Fig.4.35C), 

in agreement with X-ray and electron diffraction data. Therefore, the structure of terbium zirconate 

can be identified as disordered fluorite-type. This may be considered as contradicting to the data of 

van Dijk et al. [410,412] who reported a short-range ordering in TbZrO4-  ceramics with micron-

scale grain size, prepared using citrate method and sintered at 1823 K.  Such a difference results, 

most probably, from the microstructural features of terbium zirconate obtained via mechanically-

activated synthesis, where the grains are considerably smaller and a greater concentration of 

extendended defects, such as dislocations, may be expected. In addition, the sintering conditions 

used in the present work were quite different from those reported by van Dijk et al. [410,412]. For 

instance, due to the strong effect of submicron grain size on the properties of ceramic materials, the 

use of sol-gel or organometallic-precursor techniques often leads to apparent stabilization of cubic 

A

BC D

BA

[001] [011]

200
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fluorite Zr(Ln)O2-  phases, the composition of which corresponds to multiphase domains in 

equilibrium phase diagrams, at temperatures below 1300-1350 K [33]. Another necessary comment 

is that the different behavior of TbHfO4-  and TbZrO4-  is in agreement with literature data [33,41] 

showing a higher thermodynamic stability of HfO2-containing pyrochlores with respect to ZrO2-

based compounds, while the stabilized fluorite phases in HfO2- and ZrO2-based systems show the 

opposite tendency.  

Typical SEM micrographs of fractured TbMO4-  samples are shown in Fig.4.37; Fig.4.36 

presents examples of bright-field TEM images. The grain size distribution in both materials is quite 

uniform; no inhomogeneities in the cation distribution between grains and grain boundaries were 

detected by EDS analysis. The grain size, which is slightly smaller for terbium hafnate ceramics, 

varies from 50 to 200 nm. The low limit of this range, 50 nm, is close to crystallite size estimates 

from the XRD data, 46.4-50.2 nm. In addition, TEM studies indicated no traces of liquid phase or 

other grain-boundary phenomena, in agreement with the impedance spectroscopy data discussed 

below.  

4.3.2. Thermal expansion 

Dilatometric studies of TbMO4-  ceramics showed that heating up to temperatures, 

comparable to the temperature of final firing, leads to continuing shrinkage processes. One 

example illustrating such behavior is presented as Inset in Fig.4.38. The shrinkage starts at 1440-

1460 K for TbHfO4-  and 1470-1490 K for TbZrO4- . This suggests that, although the conductivity 

degradation is observed at 1223 K, grain growth becomes extensive at significantly higher 

temperatures.  
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Fig.4.38.  Dilatometric curves of TbZrO4-

and TbHfO4-  ceramics on cooling in air. 

Inset shows the curve of TbHfO4-  on 

heating up to 1600 K, illustrating the 

shrinkage behavior.
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In the intermediate temperature range, 1200-1400 K, the dilatometric curves of TbMO4-  show a 

considerable nonlinearity, probably associated with starting microstructural changes and oxygen 

losses from the lattice on heating (Fig.4.38). At lower temperatures, the dilatometric curves are 

approximately linear, with the average thermal expansion coefficients of (11.5-12.5) 10-6 K-1

(Table 4.7). These values are close to literature data on Y2(Ti,Zr)2O7 [414] and Ln2Hf2O7 [41] 

pyrochlores, being slightly higher than TECs of stabilized zirconia and Gd2Ti2O7 (Table 1.3). 

4.3.3. Ionic and electron-hole conductivities under oxidizing conditions 

Typical impedance spectra of TbHfO4-  and TbZrO4-  ceramics are presented in Figs.4.39 

and 4.40, correspondingly. In all cases, no grain-boundary contribution was detected even at low 

temperatures (for example, inset in Fig.4.39A). The spectra collected in air consist of a bulk arc and 

a small electrode tail, the latter decreasing with reducing temperature. Such a behavior indicates 

that the p-type electronic contribution to the total conductivity is dominant in oxidizing 

atmospheres and possesses an activation energy lower than that for ionic conduction. Indeed, the 

oxygen ion transference numbers measured by the modified emf method under oxygen/air gradient, 

vary in the range 0.08-0.26 at 873-1123 K and increase with temperature (Table 4.8). A 

qualitatively similar trend, namely a higher activation energy for the ionic transport compared to p-

type electronic, is characteristic of a number of fluorite- and pyrochlore-type phases containing 

variable-valence cations [33,41,54]. Fig.4.41 illustrates experimental data of the dependencies 

expressed by Eq.(2.12); no essential deviations from the linearity is observed, thus validating 

applicability of the modified emf technique. 
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Fig.4.40.  Impedance spectra of TbZrO4-

ceramics in various atmospheres at 1123 K. 
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Table 4.8 

Parameters of oxygen ion transport 

Ion transference number under 
oxygen/air gradient 

Activation energy for ionic and 
electronic conductivities, kJ/mol 

Composition 

T, K to Ea ( o) Ea ( p)

TbHfO4- 1123 0.26 82 7 40 2

(873 – 1123) K 1073 0.21   

 1023 0.17   

 973 0.14   

 923 0.11   

 873 0.09   

TbZrO4- 1123 0.25 83 9 29 2

(923 – 1123) K 1073 0.20   

 1023 0.14   

 973 0.12   

 923 0.08   

Due to the cation ordering processes in TbHfO4- , the partial ionic and p-type electronic 

conductivities of terbium hafnate are both lower than those of TbZrO4-  (Fig.4.42). Again, this is an 

excellent agreement with literature data [33,41], showing that the pyrochlore-fluorite transition is 

accompanied with increasing ionic conduction, and that the transport properties of HfO2-based 
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materials are usually worse compared to ZrO2-based ceramics. The latter trend results from a 

greater tendency to local ordering in hafnates [41]. Respectively, at 673-1123 K the total 

conductivity of TbZrO4-  is 3-5 times higher than that of TbHfO4- , whereas the activation energy 

values are similar for both materials (Inset in Fig.4.42). Notice that changes in the slope of the 

Arrhenius curves at 600-700 K are related to oxygen losses on heating, which leads to decreasing 

p-type charge carrier concentration [415].  
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Finally, Fig.4.43 compares the transport properties of TbZrO4-  ceramics with submicron 

grain size, prepared in this work, with data on the same material where the grains were 10-20 times 

larger [415]. In the latter case, both ionic and electron-hole conductivities are slightly higher. Such 

a difference seems quite surprising as the IR and SAED studies of TbZrO4- , prepared via 

mechanical activation, showed no local ordering and the impedance spectroscopy indicated that the 

grain-boundary resistance is insignificant (Fig.4.40). On the contrary, SAED patterns of terbium 

zirconate studied by van Dijk et al. [410,412] clearly demonstrate short-range ordering phenomena; 

a considerable grain-boundary contribution is also observed in the impedance spectra [415]. The 

observed behavior could be explained by a greater concentration of extended linear defects (e.g. 

dislocations) trapping charge carriers in the ceramics prepared using mechanically-activated 

synthesis. HRTEM studies are necessary in order to verify such an assumption. Note that the 

impedance spectroscopy only distinguishes processes with differences in the relaxation frequency 

higher than one order of magnitude, and corresponding differences in capacitance. This might be 

insufficient to trace the electrical effects resulting from very high concentrations of linear defects. 

Another possible reason refers to point-defect association promoted by the enlarged grain 

boundary, which also might lead to increasing total bulk resistivity without a separate signal in the 

impedance spectra.  

4.3.4. Transport properties in reducing atmospheres 

When the oxygen partial pressure decreases, the impedance spectra of TbMO4-  ceramics 

undergo significant changes associated with an increase in the bulk resistance and a greater 

electrode response (Figs.4.39 and 4.40). This implies that the role of p-type electronic conductivity, 

dominant in air, decreases as expected. In the case of TbHfO4- , the values of the oxygen ionic 

conductivity in oxidizing conditions are similar to the total conductivity in 10%H2-90%N2 mixture 

at 1023-1123 K (Fig.4.44A). Hence, at low oxygen pressures the transport becomes almost purely 

ionic. At the same time, the behavior in reducing conditions, particularly the high activation 

energy, suggests a decrease in the ionic conductivity with decreasing p(O2), which may result from 

oxygen-vacancy association. The drop of ionic transport at low oxygen pressures is quite typical 

for fluorite-type materials, including acceptor-doped CeO2. A more pronounced difference between 

the ionic conductivity in air and total conductivity under very reducing conditions is observed for 

TbZrO4-  (Fig.4.44B). As a particular result, the assumption [415] that the ionic conductivity of 

terbium zirconate in oxidizing conditions is equal to its total conductivity in reducing atmospheres 

appears quite questionable. One should also mention that the structural studies of TbMO4-

annealed in hydrogen atmosphere, indicated no significant changes in their crystal lattice. 
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The oxygen pressure dependencies of Seebeck coefficient of TbHfO4-  and TbZrO4-  are 

presented in Figs.4.45 and 4.46, respectively. Taking the transference numbers (Table 4.8) into 

account, the thermopower in oxidizing conditions comprises ionic ( 2O ) and electron-hole ( p)

contributions: 2 pO
. If the chemical potential of oxygen ions is essentially independent of 

oxygen partial pressure, Eq.(4.15) can be simplified to [392]: 

2 2
0

o 2O O

k
t ln p(O )

4e
 (4.17) 

where - 2
0
O is the ionic Seebeck coefficient at unit oxygen pressure and to. Such situation should 

take place for TbHfO4-  at temperatures above 1023 K when the ionic conductivity, essentially 

independent of p(O2), indicates that the oxygen-vacancy concentration is sufficiently high and, 

therefore, that minor variations in the oxygen nonstoichiometry should have no effect on the ion 

chemical potential. The electron-hole conductivity in defined analogous to Eq.(3.7) [392,410,415]: 

0 1/ m
p p p 2F p p(O )  (4.18) 
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where m is constant and p has a dimentionality of mol/cm3. For solid electrolytes, the values of m 

are typically equal to 4. As shown for TbZrO4-  [415], p-type electronic transport occurs, most 

likely, via a hopping between terbium ions. In this case, p-type electronic contribution to the 

thermopower is [90,392,416]: 

p

p p p p10 m
p 2

N Fk N p q k q
t ln t ln 1 t

e p kT e eTp(O )
 (4.19) 

where N is the total concentration of sites participating in the conduction process, and q is the 

transported heat of electron holes, which can be neglected for most semiconductors [416]. For 

TbHfO4- , the ionic conductivity can be assumed p(O2)-independent at least at 1073-1123 K; the 

ion transference numbers can be expressed as [417]: 

o
o 0 1/m

o p 2

t
p(O )
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Fig.4.45.  Oxygen partial pressure dependence of 

Seebeck coefficient of TbHfO4- . Solid lines 

indicate the fitting results (see text). 

Fig.4.46.  Oxygen partial pressure dependence 

of Seebeck coefficient of TbZrO4- . Dashed lines 

are for visual guidance. 

Substitution of Eqs.(4.17-4.20) into  makes it possible to model  - ln p(O2)

dependencies. The fitting results, shown in Fig.4.45 by solid lines, are considered as sufficiently 

adequate. A sharp increase in the Seebeck coefficient, found when p(O2) is lower than 10-22-10-21

atm, may result from the influence of oxygen-vacancy association starting to affect ion chemical 

potential at very reduced oxygen pressures. For TbZrO4- , the p(O2)-dependence of thermopower is 

qualitatively similar to that of TbHfO4-  (Fig.4.46). The ionic conductivity of TbZrO4-  at reduced 
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p(O2) is found substantially lower with respect to oxidizing conditions (Fig.4.44), most probably 

due to the vacancy-ordering processes. The simple model for Seebeck coefficient, valid for 

TbHfO4- , cannot therefore be applied in this case. 

4.4. Gd2-xCaxTi2O7-  pyrochlores  

Pyrochlore phases based on Gd2Ti2O7 were reported as promising solid electrolyte 

materials [54,55,414,418,419]. Acceptor-type doping of Gd2Ti2O7 leads to a significant 

enhancement of the oxygen ionic transport; the maximum ionic conductivity was found for Gd2-

xCaxTi2O7-  with x = 0.10-0.30 [54,418]. The narrow composition range of Gd2-xCaxTi2O7-  (x = 

0.10-0.14) was selected to match the phases with most promising properties and to reassess 

contradictory literature data on pyrochlore phases with a significant level of the ionic conductivity 

[54,418,419].  

4.4.1. Characterization of ceramic materials 

XRD studies of Gd2-xCaxTi2O7-  powders and ceramics showed a formation of single phases 

with pyrochlore structure. An example of final Rietvield plot, showing the quality of structure 

refinement, is given in Fig.4.47. The unit cell parameters of the materials with x = 0.10 and 0.14 

are quite similar as the difference in their composition is rather small (Table 4.9).  
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At the same time, the analysis of cation-anion bond lengths in the pyrochlore lattice indicates that 

Ti-O octahedra contract and their distortion decreases when calcium concentration increases. These 

octahedra are formed by so-called O1 oxygen sites (position 48f mm u 1/8 1/8) and have an ideal 

form if u = 0.3125. Increasing x results in a clear decrease in the Ti-O1 distance, considerably 

larger than the experimental error; the parameter u for Gd2-xCaxTi2O7-  is higher than 0.3125, but 

decreases with x (Table 4.9). As pyrochlore structure is a cation-ordered derivative of the fluorite 

structure, a number of pyrochlore phases exhibit partial or complete disordering on heating; the 

latter process corresponds to a transformation of A2B2O7 pyrochlore into a nonstoichiometric 

(A,B)O3.5  fluorite lattice, one example of which refers to 50 mol% yttria-doped zirconia 

[33,41,414]. The lattice disorder leads, as a rule, to a greater oxygen ionic conduction [33,41,414].  

Table 4.9 

Structure refinement results of Gd2-xCaxTi2O7-

Gd1.90Ca0.10Ti2O7-  Gd1.86Ca0.14Ti2O7-

Crystal system cubic 

Space group Fd 3 m  (No 227) 

Unit cell parameter, Å 10.192(5) 10.193(1) 

u 0.32431 0.32258 

Interatomic distances, Å 

Ti – O1 1.955 1.948 

Ti – O2 2.226 2.226 

Gd – O1 2.540 2.553 

Gd – O2 2.207 2.207 

O1 – O1 2.651 2.658 

O1 – O2 3.065 3.083 

O2 – O2 4.413 4.414 

Since partial cation disordering may also be induced by A-site doping [414], TEM 

examination of Gd1.9Ca0.1Ti2O7-  fine-ground ceramic sample was carried out. An example of the 

electron diffraction pattern is presented in Fig.4.48. The inspection of TEM results showed no 

evidence of cation disorder; the lattice parameters calculated from the XRD and TEM data were 

very similar, within the limits of experimental error. Taking into account that thermally-induced 

cation disordering of pyrochlore-type compounds usually becomes significant only when 

temperature is higher than 1350-1500 K [33,41,414], the level of structural disorder in Gd2-

xCaxTi2O7-  is expected to be rather negligible and essentially unaffected by temperature variations 

within the studied range (400-1223 K).  
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Fig.4.49 presents SEM micrographs, reflecting microstructures characteristic of Gd2-

xCaxTi2O7-  ceramics. The average grain size is similar for both studied compositions and varies in 

the range 5 - 10 m. In agreement with the picnometric data (Table 4.10), the closed porosity of 

ceramic materials was very small. No traces of a liquid phase formation at the grain boundaries or 

phase impurities were detected by SEM/EDS analysis. 

Fig.4.49.  SEM micrographs of Gd2-xCaxTi2O7-  ceramics with x = 0.10 (A) and 0.14 (B). 

Table 4.10 

Properties of Gd2-xCaxTi2O7-  ceramics 

Activation energy for the total 
conductivity 

Composition dexp

g/cm3

dexp./dtheor

%
106, K-1

(400 - 1300 K) 
T, K Ea , kJ/mol 

x = 0.10 6.19 98.9 10.54  0.02 670 - 820 

820 - 1250 
96  5 

75  2 

x = 0.14 6.07 98.8 10.44  0.03 500 - 820 

820 - 1270 
97  6 

74  1 

Note: dexp and dtheor are the experimental and theoretical density values, respectively. 

Dilatometric curves of Gd2-xCaxTi2O7-  ceramics are close to linear within all studied 

temperature range, 400-1300 K (Fig.4.50). The average thermal expansion coefficients calculated 

from dilatometric data vary in the very narrow range (10.4 - 10.6) 10-6 K-1 (Table 4.10). These 

TEC values are very similar to literature data on Y2(Ti,Zr)2O7 pyrochlores [414] and to the TECs of 

stabilized zirconia ceramics [33]. 

A B
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Fig.4.50.  Dilatometric curves of 

Gd2-xCaxTi2O7-  ceramics in air. 

Fig.4.51.  Temperature dependence of the total 

conductivity of Gd2-xCaxTi2O7-  ceramics in air. 

Data from Ref. [54] on Gd1.90Ca0.10Ti2O7-  are 

shown for comparison. 

Temperature dependence of the total conductivity of Gd2-xCaxTi2O7-  is shown in Fig.4.51. 

The conductivity is predominantly oxygen ionic (Table 4.11) and excellently coincides with results 

of Kramer and Tuller [54]. The significantly lower conduction level of the same compositions, 

reported in Ref.[419], may therefore result from specific features of Gd2-xCaxTi2O7-  ceramics 

sintered at 1373 K, such as blocking grain boundaries in ceramics with fine grain sizes. Indeed, in 

the case of zirconia-based materials, low sintering temperatures are typically associated with a 

greater grain-boundary resistance [33]. The conductivity of Gd1.86Ca0.14Ti2O7-  at temperatures 

above 823 K is slightly higher than that of Gd1.90Ca0.10Ti2O7- , whereas in the low-temperature 

range  values of both compositions are similar. The activation energy for the total conductivity 

increases from 74-75 kJ/mol at 823-1273 K up to 96-97 kJ/mol at 500-823 K (Table 4.10). 

According to TEM results and literature data [33,41,414], cation disordering of the pyrochlore 

titanates at temperatures around 800-850 K seems unlikely. The impedance spectroscopic data, 

examples of which are presented in Fig.4.52, A and B, indicate a negligible contribution of the 

grain boundaries to the total resistance within all studied temperature range (400-1300 K); the 

change in the activation energy at 823 K cannot thus be attributed to grain-boundary effects. Most 

probably, the observed change in Ea values is due to disordering in the oxygen sublattice on 

heating, which is quite typical for stabilized zirconia and hafnia [33.41]. The composition-

independent conductivity in the low-temperature range may result from an association of oxygen 
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vacancies and calcium cations and/or from formation of ordered microdomains. At temperatures 

above 823 K, disordering in the oxygen sublattice leads to a lower activation energy due to 

decreasing contribution of the vacancy formation energy to Ea values down to zero; ionic 

conduction in the high-temperature range becomes dependent on the total oxygen-vacancy 

concentration, which increases with calcium content (Fig.4.51). 
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Fig.4.52.  Typical impedance spectra of 

Gd2-xCaxTi2O7-  samples in air:  

A and B -  pure ceramic materials studied in this 

work, 

C - ceramics with SiO2 additions. 

The impedance spectroscopic studies of Gd2-xCaxTi2O7-  ceramics demonstrated that in the 

studied temperature range grain-boundary resistance can be neglected. At all temperatures, only 

two arcs were observed in the impedance spectra; the high-frequency arc with a specific 

capacitance of about 10-12 F/cm is obviously associated with grain bulk conduction, whilst the low-

frequency part of the spectra (10-7-10-6 F/cm) correspond to electrode processes. Representative 

examples of the impedance spectra at different temperatures are given in Fig.4.52, A and B. For 

comparison, Fig.4.52C presents the data of Gd2-xCaxTi2O7-  ceramics containing approximately 1.5 

mol% of SiO2. Silica impurities are well known to segregate at grain boundaries of most solid-

electrolyte ceramics and to dramatically increase boundary resistivity [15,33]. As for other solid 

electrolytes, additions of SiO2 lead to appearance of a new intermediate-frequency arc in the 

impedance spectra of pyrochlore titanates (Fig.4.52C). This arc, having a specific capacity of (4-
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9) 10-9 F/cm at 773 K, can be undoubtedly attributed to the grain-boundary processes. The 

example shown in Fig.52C stresses that the measurement conditions, used in this work, provided a 

sufficient sensitivity to the grain boundary effects; the absence of intermediate-frequency 

phenomena in the impedance spectra of pure Gd2-xCaxTi2O7-  ceramics is a conclusive proof of the 

negligible boundary contribution to the total resistance.  

4.4.2. Partial ionic and p-type electronic conductivities  

The oxygen ion transference numbers of Gd2-xCaxTi2O7-  at 973-1223 K, determined by the 

modified faradaic efficiency technique under zero oxygen chemical potential gradient in air, vary 

from 0.95 to 0.97, slightly increasing when temperature decreases or calcium concentration 

increases (Table 4.11). Fig.4.53 presents examples of the experimental data obtained by the 

modified emf technique, plotted according to Eq.(2.12), and the polarization curves calculated from 

Eqs.(2.14). All dependencies are linear, validating the selected measurement conditions.  
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dependencies (B,D) calculated from Eqs.(2.14), for Gd2-xCaxTi2O7-  ceramics under O2/air gradient. Solid 

lines correspond to the linear regression fit.  



Part 4: Oxide components of cermet anodes 
_______________________________________________________________________________________ 

184

The faradaic efficiency technique and the emf method under oxygen/air gradient give very 

similar values of the transference numbers (Table 4.11) and electronic conductivity (Fig.4.54). 

These data confirm correctness of the measurement techniques and reliability of the results. The 

oxygen ionic conductivity in air is plotted in Fig.4.55. 

Table 4.11 

Parameters of the oxygen ionic transport in Gd2-xCaxTi2O7-  ceramics in air 

Average ion transference numbers * Activation energy for ionic and electron-
hole conductivities (973 – 1223 K)** 

x

T, K to (emf) to (FE) Ea ( O), kJ/mol Ea ( p), kJ/mol 

x = 0.10 1223 0.952 0.952 77 4 91 2

 1173 0.956 0.955   

 1123 0.958 0.958   

 1073 0.960 0.959   

 1023 0.961 0.962   

 973 - 0.967   

x = 0.14 1223 0.960 0.956 74 2 87 3

 1173 0.966 0.958   

 1123 0.968 0.960   

 1073 0.972 0.962   

 1023 - 0.965   

 973 - 0.968   

* Each to value was averaged from 2-4 experimental data points.  
** The oxygen ionic conductivity was calculated from the results on the total conductivity and transference 
numbers, determined by the faradaic efficiency method, as o = to.

Tuller et al. [54,418] showed that electronic conductivity of Gd2-xCaxTi2O7-  in oxidizing 

conditions is predominantly p-type; the n-type contribution is negligibly small. Therefore, the 

equilibrium ion transference numbers can be written by Eq.(4.20). According to Ref.[54], ionic 

conduction in (Gd,Ca)2Ti2O7-  phases is independent of the oxygen partial pressure, which also 

agrees with the data on electrolytes [33,41,417]. For the measurements under a non-zero oxygen 

pressure gradient, either by emf or faradaic efficiency technique, the transference numbers are 

averaged in a given range of oxygen chemical potential as expressed by Eq.(2.13). Substitution of 

Eq.(4.20) into Eq.(2.13) and integration result in the following expression: 

1

1

2

1/m

11

1/m

21
12o

p

p
ln

1pk

1pk
lnm)p,(pt  (4.21) 

where k1 = o/ p
0.  Fig.4.56A shows fitting results of the experimental dependence of the average 
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transference numbers on p1, determined by faradaic efficiency measurements at fixed p2 = 0.21 

atm, using Eq.(4.21) as regression model. Taking into account experimental error, this equation is 

considered to be adequate. The calculated value of m parameter, 4.7 0.2, is quite close to 4, the 

classical value for electron-hole transport in solid electrolytes.  
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Fig.4.54.  Temperature dependence of the p-

type electronic conductivity of Gd2-xCaxTi2O7-

ceramics in air, calculated from the impedance 

spectroscopic, faradaic efficiency and emf 

results.

Fig.4.55.  Temperature dependence of the oxygen 

ionic conductivity of Gd2-xCaxTi2O7-  in air. Data 

on La0.80Sr0.20Ga0.85Mg0.15O3-  (LSGM), 

Ce0.80Gd0.20O2-  (CGO) and Zr0.90Y0.10O1.95 (YSZ), 

shown for comparison, are taken from Ref.[420]. 

In these conditions, if the surface exchange limitations to the overall oxygen transport 

through a pyrochlore membrane can be neglected, the permeation flux density (j) is described by 

Eq.(2.9). After substitution of Eq.(4.20), analytical solution of Eq.(2.9) is 

0 1/m
p 2 oo

2 0 1/m
p 1 o

pRT m
j ln

16F d p
 (4.22) 

Fig.4.56B compares experimental results on oxygen permeation through a Gd1.90Ca0.10Ti2O7-

membrane and the corresponding predictions, calculated by Eq.(4.22) with the values of m, o and 

p
0 obtained by other methods. The parameters m and k1 were determined by fitting of ot  vs. p1

dependence obtained by FE measurements (Fig.4.56A); the values of o and p
0 were extracted 

from the total conductivity in air (Fig.4.51) using the definitions k1 = o/ p
0 and 

 = o + p
0 p(O2)

1/m. The experimentally-measured and calculated permeation fluxes are very 

similar (Fig.4.56B), thus confirming that different methods are consistent with each other and that 

Eq.(4.22) is valid.  
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Fig.4.56.  Dependencies of the average ion 

transference numbers (A) and oxygen permeation 

flux density (B) on the permeate-side oxygen 

pressure, and p(O2) dependence of equilibrium 

transference numbers of Gd1.90Ca0.10Ti2O7-  at 

1223 K calculated from these results (C). Solid 

line in A corresponds to best fit to the faradaic 

efficiency data using Eq.(4) as regression model. 

Solid lines in B and C are for visual guidance only.

Table 4.12 

Average ion transference numbers of 

Gd1.90Ca0.10Ti2O7-  under 10%H2-90%N2 / air 

gradient, determined by the modified emf method 

T, K to

1273 0.976 0.001 

1223 0.982 0.001 

1123 0.989 0.002 

Fig.4.56C presents the equilibrium transference numbers, to, which were evaluated from 

the regression parameters of ot - p1 and j – p1 dependencies (Fig.4.56, A and B) expressed by 

Eqs.(4.21) and (4.22), respectively. Again, the results obtained using different measurement 

techniques are similar within the limits of experimental uncertainty. Thus, p-type electronic 

conductivity and oxygen permeability of Gd2-xCaxTi2O7-  pyrochlores both can be adequately 

described by models, derived from relationships common for solid electrolytes [33,417]. 

Finally, Fig.4.57 shows the relative error in the ion transference numbers ( obs
ot )

determined by classical emf and faradaic efficiency methods, which appears due to electrode 

polarization in the measuring cells. The error was evaluated as  

obs
o o o

o o

t t t

t t
 (4.23) 

where ot  values were measured by the modified techniques, taking polarization resistance into 

account. For the classical emf method [417], the transference numbers are estimated as the ratio 
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between the observed emf of an oxygen concentration cell and its theoretical Nernst voltage; in the 

case of classical arrangement of the faradaic efficiency measurements, ionic contribution to the 

total conductivity is estimated from the ratio of ionic and total currents through a mixed conductor. 

However, when electrode polarization is significant, these apparent transference numbers are 

considerably lower than the true to values. The relative error increases with decreasing oxygen 

partial pressure and temperature (Fig.4.57). The behavior of (Gd,Ca)2Ti2O7- , illustrated by 

Fig.4.57, is similar to other solid electrolytes; most probably, this error might constitute a reason 

for the very low apparent transference numbers reported in Ref.[419].  
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Fig.4.57.  Relative error of the transference 

number determination by classical emf and 

faradaic efficiency methods, appearing due 

to electrode polarization. 

Increasing calcium content in the lattice of Gd2-xCaxTi2O7-  leads to a slight decrease in the 

activation energy for electron-hole transport in air (Table 4.12). As a result, the p-type conductivity 

of Gd1.90Ca0.10Ti2O7-  at temperatures below 1100 K is lower than that of Gd1.86Ca0.14Ti2O7- ; at 

higher temperatures p values are essentially independent of x (Fig.4.54). This phenomenon 

indicates that charge compensation of the acceptor-type doping occurs via the oxygen vacancy 

formation rather than via generation of any positive electronic charge carriers, which seems quite 

reasonable as the oxidation state of cations in the structure of Gd2-xCaxTi2O7-  cannot further 

increase. The electron-hole conduction is therefore related to an intrinsic electronic disorder at least 

in the high-temperature range.  

Due to the charge compensation mechanism via the oxygen vacancy formation, doping 

with calcium leads to increasing oxygen ionic conductivity (Fig.4.55). The observed activation 

energy for ionic transport, 74-77 kJ/mol at 973-1223 K (Table 4.12), is slightly higher compared to 

the data by Kramer and Tuller [54], who reported Ea values of Gd2-xCaxTi2O7-  (x = 0.10-0.20) in 

the range 63-65 kJ/mol at 1073-1373 K.  Such a difference may result from the different 
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temperature ranges, studied in the present work and in Ref.[54]. For instance, the activation energy 

for ionic conduction in stabilized zirconia typically increases with decreasing temperature due to a 

progressive association of mobile oxygen vacancies [33]. The values of Ea, calculated for Gd2-

xCaxTi2O7-  ceramics, are comparable with those of well-known solid electrolytes, such as 

gadolinia-doped ceria (CGO) or La(Sr)Ga(Mg)O3-  (LSGM) [15,43,420]. However, the level of 

ionic conductivity in (Gd,Ca)2Ti2O7-  is lower 8-10 times (Fig.4.55).  

4.4.3. Transport properties under high p(O2) gradients 

The measurements of oxygen ion transference numbers by the modified emf method, 

performed under the gradient of 10%H2-90%N2 / air, showed that in fuel cell operation conditions 

the electronic contribution to total conductivity of Gd2-xCaxTi2O7-  is relatively small, less than 3% 

(Table 4.11).  This behavior is similar to LSGM electrolytes; the n-type electronic conduction 

induced in CGO ceramics in H2-containing atmospheres is considerably higher (see [43] and 

references cited). Hence, a decrease in the performance of SOFCs with pyrochlore solid 

electrolytes due to their electronic conductivity is expected to be rather negligible.  

However, due to the low ionic conductivity of (Gd,Ca)2Ti2O7-  ceramics (Fig.4.55), the 

ohmic losses in model fuel cells with pyrochlore electrolytes are excessively high, resulting in a 

poor cell performance even at temperatures as high as 1223-1273 K (Figs.4.58 and 4.59). Fig.4.58 

presents one example of the current dependencies of voltage and power density in a cell with 

Gd1.90Ca0.10Ti2O7-  electrolyte membrane; the ohmic losses calculated from the impedance 

spectroscopy data are marked as IR. The ohmic contribution to the total voltage drop is up to 70%. 

This leads to almost linear current-voltage curves (Fig.4.59). 
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Fig.4.59.  Current dependencies of the voltage and specific power density of a model fuel cell: 

10%H2-N2, Pt | Gd1.9Ca0.1Ti2O7 | Pt, O2 (air). 

The maximum power density, shown by the cells with (Gd,Ca)2Ti2O7-  electrolyte and 

porous Pt electrodes at 1123-1273 K, varied from 8 to 18 mW/cm2, increasing with temperature 

(Fig.4.59). Such a performance is 10-20 times lower than the minimum necessary for commercial 

use. Although a definite improvement can be achieved by enhancing electrochemical activity of 

electrodes and by decreasing electrolyte thickness, it seems unlikely that pyrochlore titanates could 

be used in electrolyte-supported SOFCs. Therefore, due to low ionic conductivity of 

(Gd,Ca)2Ti2O7- , possible applications of these materials may refer to electrode-supported fuel cells 

where the thickness of solid-electrolyte film is less than 50-100 m. The sufficiently high stability 

of pyrochlore phases in reducing environments and the moderate thermal expansion might be 

advantageous for these applications. 

4.4.4. Grain-boundary effects: a case study and selected conclusions 

Literature data [54,419] on the properties of titanate pyrochlores is rather contradictory. As 

an example, the oxygen ion transference numbers of Gd1.9Ca0.1Ti2O7-  in pure oxygen, estimated 

from the p(O2)-dependence of the total conductivity [54], vary in the range 0.90 - 0.95 at 1073-

1223 K, while to values determined by the classical emf method under an oxygen pressure gradient 

of 10-4/ 0.21 atm at 873-1023 K were reported to be as low as 0.18-0.20 [419]. One possible 

explanation for this conflicting evidence is the presence of distinct grain-boundary roles in such 

materials. In order to clarify the role of the boundaries, the transport properties of “pure” Gd2-

xCaxTi2O7-  (x = 0.10-0.14) are compared to those of materials containing SiO2 as an addition to 

increase the grain-boundary resistivity.. Silica is well known to segregate at the grain boundaries of 

most solid-electrolyte ceramics and to dramatically increase the boundary resistance [15]. 
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Table 4.13 

Properties of Gd2-xCaxTi2O7-  ceramics  

Unit cell 
parameter 

Ea for ionic and electronic 
conductivity* (973 – 1223 K)

to determined by faradaic efficiency 
measurements in air 

Composition, 

x

a, Å Ea( o), kJ/mol Ea( e), kJ/mol 1123 K 1173 K 1123 K 1073 K 

0.10 10.192(5) 83 97 0.952 0.955 0.958 0.959 pure

0.14 10.193(1) 78 90 0.956 0.958 0.960 0.962 

0.10 10.185(1) 137 115 0.823 0.816 0.781 0.783 with 
SiO2 0.14 10.179(2) 183 124 0.884 0.846 0.815 0.767 

*  Data corresponds to total (bulk + grain boundary) partial conductivities.  

In the case of SiO2-containing samples, trace amounts of a secondary phase, 

Ca2Gd8(SiO4)6O2, were detected in the XRD spectra. The smaller unit cell parameters of these 

materials (Table 4.13) are probably due to A-site depletion of the surface layers of Gd2-xCaxTi2O7-

grains, due to partial reaction with silica and formation of Ca2Gd8(SiO4)6O2. Typical microstructure 

of Gd2-xCaxTi2O7-  ceramics with silica additions is illustrated by Fig.4.60. Whilst no traces of 

liquid phase or other grain-boundary phenomena were detected by SEM analysis of the “pure” 

materials (Fig.4.49), needle-like crystallites growing up from the boundaries are observed in the 

case of fractured and thermally etched surfaces of silica-containing ceramics (Fig.4.60). The EDS 

studies indicated that these crystallites are significantly enriched with SiO2.

Fig.4.60.  SEM micrograph of thermally etched 

SiO2-containing Gd1.86Ca0.14Ti2O7-  ceramics. The 

arrows indicate needle-like silica-rich phases.

Representative examples of the impedance spectra of Gd1.86Ca0.14Ti2O7-  samples, without 

and with SiO2 additions, are presented in Figs.4.61A and 4.61B, respectively. Incorporation of SiO2

into the ceramics leads to the appearance of large intermediate-frequency arcs, having a specific 

capacity of about 10-8 F/cm at 873 K, attributed to the grain-boundary processes (Fig.4.61B). This 

is obviously due to the presence of the insulating siliceous phase at the boundaries. For “pure” 

ceramics the boundary resistivity was drastically lower. For example, the inset in Fig.4.61A 

illustrates the impedance spectra at low temperature, indicating that the grain bulk resistance 

dominates at 473 K. The total (bulk + boundary) conductivity of “pure” materials, measured by ac
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impedance spectroscopy, is much higher than that of SiO2-containing samples, while the bulk 

conductivity values of the ceramics with equal x were found quite similar. This confirms that, as 

expected, the minor amount of added silica results in a dramatic increase of the grain-boundary 

resistance. 
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Fig.4.61.  Typical impedance spectra of pure (A) and SiO2-containing (B) Gd1.90Ca0.10Ti2O7-  ceramics at 873 

K in air. Inset shows spectrum of pure material at 473 K. 

The oxygen ion transference numbers of “pure” pyrochlore ceramics in air, determined by 

the modified faradaic efficiency technique, vary from 0.952 to 0.962, increasing when temperature 

decreases or Ca-concentration increases (Table 4.11). For SiO2-doped materials, these values are in 

the range 0.767-0.884 and increase with temperature. The transference numbers measured by the 

modified emf technique were similar to those obtained from faradaic efficiency data, confirming 

the reliability of these results. The observed behavior suggests that the highly resistive grain 

boundaries have a strong limiting effect on the ionic conduction, while their influence on the 

electronic transport is considerably smaller. This is in agreement with data on SrTiO3 crystals 

[421], and can be interpreted using the classical equivalent circuit presented in Fig.4.62. 

Ro
electrodeRo

bulk 

Re

Ro
boundary Fig.4.62.  Simplified equivalent circuit providing the 

basis for the evaluation of the roles of grain-

boundary resistance and electronic conduction on the 

measurable transport properties of a ceramic mixed 

conductor (see text).
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A significant grain-boundary resistance contribution (Ro
boundary), comparable to the bulk 

resistance (Ro
bulk), leads to a large ionic resistance of the ceramics when compared to the intrinsic 

materials properties. As the ion transference number determined by dc techniques is 

to=Re/(Re+Ro
bulk+Ro

boundary), if the electronic resistance (Re) is kept essentially unchanged, the 

apparent ion transference numbers decrease when the grain-boundary resistance increases.  

Further analysis of the equivalent circuit (Fig.4.62) also shows that the apparent grain 

boundary resistance, directly estimated from impedance spectroscopy data (usually ascribed to the 

magnitude of the so-called intermediate frequency arc in the impedance spectra), might be 

significantly affected by the electronic conductivity. In fact, when the partial electronic 

conductivity exceeds a few percent of the total conductivity, the magnitudes of the bulk and grain 

boundary arcs are no longer a simple and direct result of these contributions. Therefore, for a 

correct determination of the grain-boundary resistance, impedance spectroscopy data should be 

combined with measurements of transference numbers. 
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Gd2-xCaxTi2O7-  ceramics in air. Data corresponds to the total (bulk + grain boundary) partial conductivities. 

Fig.4.63 illustrates the influence of grain boundaries on the ionic and electronic conduction 

in Gd2-xCaxTi2O7-  ceramics. The effect of silica additions on the magnitude and activation energy 

of the oxygen ionic conductivity is much larger than that for electronic transport. In particular, the 

values of the electronic conductivity of pure and SiO2-containing Gd1.90Ca0.10Ti2O7-  are quite 

similar, whereas the ionic conductivity values differ by a factor of 8-12. In the case of 

Gd1.86Ca0.14Ti2O7-  the limiting effect of grain boundaries on both ionic and electronic transport is 

greater than that for Gd1.90Ca0.10Ti2O7-  for unclear reasons at present. However, the decrease in the 
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ionic conduction is always considerably large if compared to the electronic conductivity. One 

should also note that whilst pure Gd2-xCaxTi2O7-  pyrochlore ceramics exhibit dominant ionic 

transport in air and can thus be considered as solid electrolytes, the influence of the grain 

boundaries transforms these materials into mixed conductors with comparable levels of ionic and 

electronic transport, especially at low temperatures. Ion-blocking grain boundaries may be of 

interest for applications such as SOFC interconnectors, which should be impervious to oxygen; for 

solid electrolytes this effect is extremely undesirable. 

4.5. Partial ionic and electronic conductivities of anode components 
Figs.4.64 and 4.65 summarize the data on transport properties of the ion-conducting oxide 

materials selected as the components of fuel electrode. The values of total conductivity in 

Fig.4.64B correspond to p(O2) = 10-20 atm, which is close to the SOFC anode operation conditions. 

The oxygen ionic conductivity relates to atmospheric oxygen pressure; although these values 

cannot be used for quantitative analysis as the ionic transport is often p(O2)-dependent, their 

comparison may be useful to identify basic trends. 
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As follows from Chapter 1.4, oxygen transport in the porous layer plays an important role 

in the anode performance. The transport properties of the electrode materials affect the 

adsorption/desorption of the reactant gases and the surface oxygen diffusion to the reaction zone; 

the oxygen transport through the electrode bulk may well be competitive to the latter process. This 

implies a relevance of ambipolar rather than simply oxygen-ionic conductivity of the oxide 

components. Despite the high ionic and substantial electronic conductivity of CGO under reducing 

conditions (Fig.4.64A, Fig.4.65A), the use of other materials with more stable oxygen content in 

the anode compositions may be of interest. Ca-doped cerium vanadates possessing the poorest ionic 

transport in air show the highest electronic conduction, even at low temperatures, when reduced to 

the perovskite phase. In addition, cerium vanadate based phases were reported [396] to have a high 

catalytic activity. Substitution of fluorite-type ceria with the phase having such a combination of 

properties, should enable to estimate relative roles of the ionic and electronic conductivities of Ce-

containing additive in the anode layer. On the other hand, the influence of compositional variations 

of CeO2-based phases on the electrochemical activity of cermets should still be assessed. 
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The effect of oxygen ionic conductivity of zirconia in Me - YSZ and Me - YSZ-CeO2-  (or 

CGO) cermets on the anode performance remains still debatable (see Chapter 1.5.2.1); replacing 

YSZ with less conductive (Gd,Ca)2Ti2O7- , TbZrO4-  or La0.9Sr0.1(Al,Fe)Mg0.15O3-  phases, 

belonging to different structural types, might clarify if the properties of this component are critical. 

The use of titanate pyrochlores and aluminate-ferrite perovskites may be advantageous from the 

economic point of view, whereas the incorporation of variable-valence terbium cations into the 

fluorite-related structure could favorably modify the electrocatalytic activity of zirconia. 

In order to reveal the roles of the ionically-conducting oxide components in the cermets, 

materials with quite a wide range of transport properties were studied. Within each group of oxide 

materials except for La0.90Sr0.10Al0.85-xFexMg0.15O3- , compositions showing maximum ionic 

conductivity were selected for fabrication and testing the anode layers. The phase stability to 

reduction was, in principle, sufficient in all cases. For the (La,Sr)(Al,Fe)O3-  perovskites, the 

thermal and low-p(O2) stability is supposed to decrease on Fe doping. Although no degradation of 

transport properties was observed for all these materials, the anode operating conditions correspond 

to oxygen pressures far below FexO/Fe boundary and the decomposition of phases with high iron 

content might be stagnated kinetically. Therefore, La0.90Sr0.10Al0.65Fe0.20Mg0.15O3-  was used as the 

cermet component. Another advantage of this material is the lower variations of oxygen 

nonstoichiometry under reducing conditions, confirmed by essentially constant conductivity values 

(Fig.4.65A). 
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Part 5:  Processing and electrochemical activity of mixed-conducting electrodes  

The literature data summarized in Chapters 1.4 and 1.5 shows that a high electrochemical 

activity can only be expected when the specific surface area of the electrode layer is large and the 

size of component particles is small. This makes it necessary to use submicron oxide powders and 

to choose the thermal treatment conditions at which their sintering would be limited. In the present 

study, the glycine-nitrate process and cellulose-precursor technique were selected to obtain the 

electrode components. These synthesis methods are simple and enable to obtain homogeneous 

submicron oxide powders.  

5.1. SOFC cathode layers in contact with LSGM electrolyte

5.1.1. Fabrication of porous cathode layers 

Porous electrode layers of La2Ni0.8Cu0.2O4+ , YBaCo4O7+  and YBaCo3.2Fe0.8O7+  powders 

prepared via the GNP and YBaCo4O7-Ag (90-10 wt%) mixture were deposited onto the 

(La0.9Sr0.1)0.98Ga0.8Mg0.2O3-  ceramics and annealed for 2 h in air. The use of GNP-synthesized 

oxide powders, characterized in Chapters 3.1.2 and 3.1.3, makes it possible to fabricate porous 

cathode layers with well-developed homogeneous porous microstructure (Figs.5.1 and 5.2). 

A B

C D

Fig.5.1. SEM micrographs of La2Ni0.8Cu0.2O4+  cathode layers applied onto the surface of LSGM solid 

electrolyte, before (A) and after (B, C) polarization measurements, and following measurements after 

modification with PrOx (D). Fabrication temperatures were 1473 K (A, B, D) and 1523 K (C). 
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In order to elucidate the microctructural effects on the electrode performance, the porous 

La2Ni0.8Cu0.2O4+  cathode layers were prepared in two series, with different annealing temperatures 

(1473 and 1523 K). Formation of single K2NiF4-type phase of La2Ni0.8Cu0.2O4+  during sintering of 

electrode layers was confirmed by XRD and SAED analyses (Fig.3.13). 

A B

Fig.5.2. SEM micrograph of YBaCo4O7+

cathode after the measurements (A) and 

YBaCo4O7+  - Ag (90-10 wt%), as-prepared 

(B) and after the measurements (C).

C

Pure single-phase YBaCo4-xFexO7+  (x = 0, 0.8) and Ag-containing layers were sintered in 

air for 2 h at 1333-1343 and 1273 K, respectively. Highly-dispersed metallic silver (10 wt%) was 

added into a paste used for electrode fabrication on the basis of the results reported in Ref.[196]. 

Since the melting point of Ag (1234 K) is lower than the cell fabrication temperature, a significant 

part of silver is volatilised in the course of cathode sintering at 1273 K. According to TGA, these 

losses correspond to 8-10 wt% of total amount of metallic Ag. The SEM/EDS inspections showed 

that remaining silver spreads mainly along the electrolyte surface, but small amounts are present in 

the electrode bulk as well (Fig.5.2B and 5.2C). Similar behavior was earlier observed for Ag-

containing La0.5Sr0.4MnO3-  cathodes [196]. The electrode morphology was practically unchanged 

after the electrochemical measurements; no essential Ag losses took place. 

After the measurements, selected electrode layers were surface-modified with 

praseodymium oxide, according to results of [196]. The activation included impregnation with a 

Pr(NO3)3·5H2O solution in ethanol, drying and annealing in air at 1073 K for 2 h; then the 
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overpotential-current dependencies were re-measured. In all cases, the absence of fast degradation 

processes was verified by the measurements of time dependencies of the overpotential at fixed 

currents during 50-200 h. 

5.1.2. Electrochemical behavior of La2Ni0.8Cu0.2O4+  cathodes 

The impedance spectroscopy data were used to calculate polarization resistance; the current 

density and overpotential values varied in the ranges 0-220 mA/cm2 and 0-350 mV, respectively; 

the time necessary to attain steady-state conditions was 0.5-10 h. Fig.5.3 shows representative 

impedance spectra. The high-frequency intercept of the arcs corresponds to the electrolyte and 

electrode series resistance. The electrode polarization resistance was determined as an difference 

between the high- and low-frequency intercepts. The reproducibility of results was separately 

checked after each measurement cycle; one example is shown in Fig.5.4. 
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Fig.5.3. Typical impedance spectra of 

La2Ni0.8Cu0.2O4+  cathode, as-prepared and surface-

activated with PrOx. Spectra obtained in the course 

of polarization measurements at 973 K in air.

Fig.5.4.  Reproducibility of overpotential vs.

current dependence for La2Ni0.8Cu0.2O4+

cathode, fabricated at 1473 K, in the course of 

the measurement cycles repeated several times.

The oxygen partial pressure dependence of electrode polarization resistance, under zero 

applied dc voltage, is presented in Fig.5.5. The slope parameter (m) of the simplest power model 

R  = R 0 p(O2)
1/m is equal to (-3  0.3), being very different (higher) from the slope of p(O2)

dependencies of the total conductivity and Seebeck coefficient (Table 3.8). This clearly indicates 

that, although the conductivity of La2Ni0.8Cu0.2O4+  is 10-20 times lower than that of Ln(Sr)CoO3-

(Chapter 1.5.1.3), the transport of electronic charge carriers cannot be considered as a rate-limiting 

step of the electrode reaction. Taking into account that the ionic conduction in La2Ni(Cu)O4+  is 

relatively high (Fig.3.25) and that oxygen permeation through La2Ni(Cu)O4+  ceramics at 

temperatures below 1150 K is primarily determined by the surface exchange kinetics (Fig.3.24), 
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one may expect a significant role of exchange rate at the electrode/gas interface [79]. In particular, 

the electrochemical reaction might be located not only at the triple phase boundary but also at the 

electrode surface, with subsequent oxygen ion diffusion through the bulk and, possibly, along the 

surface. Although in the case of porous electrode layers where the specific surface area is much 

larger (Fig.5.1), the overall exchange rate should be substantially higher compared to the dense 

ceramics, the surface exchange may still affect electrode performance, especially at moderate 

temperatures. For instance, oxygen permeation fluxes through La(Sr)MnO3-  ceramics are also 

surface-limited [147,196]; the oxygen reduction kinetics on La(Sr)MnO3-based cathodes is 

determined by exchange-related factors, such as the concentration of oxygen vacancies on 

electrode surface, the role of which increases when temperature decreases [148,196,422]. 
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Studying of La2Ni0.8Cu0.2O4+  electrodes under high current densities (Figs.5.6 and 5.7) 

demonstrated a relatively high electrochemical activity. For example, at 1073 K and current density 

of 200 mA/cm2, the cathodic overpotential of electrode layer annealed at 1473 K was 46 2 mV. 

The overpotential vs. current dependencies follow Tafel equation without any indication of a 

limiting current density, thus implying an absence of gas diffusion limitations. At 1073 K, the 

anodic performance is worse than cathodic; at lower temperatures the anodic and cathodic 

overpotentials become similar. This may suggest that at 1073 K the exchange currents are affected 

by the surface concentration of active sites, such as oxygen vacancies, the coverage of which with 

oxygen species significantly depends on the current direction. High cathodic polarization is 

supposed to decrease oxygen content in the lattice of La2Ni0.8Cu0.2O4+  electrode near surface, thus 

increasing the number of active sites participating in the reaction; this may decrease electrode 

polarization at a given current density. Under high anodic polarization, the situation is opposite. A 
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similar behavior is characteristic of La(Sr)MnO3-  electrodes, where the electrochemical reaction 

mechanism involves oxygen vacancies on the surface [148,422]. Decreasing temperature seems to 

change the exchange mechanism, presumably to increase role of adsorption processes, in 

agreement with oxygen permeation data (Fig.3.24).  
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Fig.5.7.  Current dependence of cathodic 

overpotential for one La2Ni0.8Cu0.2O4+

electrode layer, as-prepared at 1473 K and 

surface-activated with PrOx. Solid lines show 

fitting results according to Tafel equation. 

If the overall rate is determined by surface-related processes, with no essential effect on the 

ionic charge carrier concentration in the electrode bulk under low polarization, a simplified model 

based on the assumptions [89] may include three consecutive steps: 

2 ad

1
O (g) O

2

1

2
1 1 2 1 ad

'r k p(O ) k [O ]  (5.1) 

ad adO e O 2 2 ad 2 ad
'1 FE 1 FE

r k [O ]exp k [O ]exp
2 RT 2 RT

 (5.2) 

ad O OO V e O 3 3 ad O 3
'1 FE 1 FE

r k [O ][V ]exp k e xp
2 RT 2 RT

 (5.3) 

where E is the electrode potential, ri, ki and ki’ are the total rate and the rate constants for the 

forward and backward reaction, respectively. The charge transfer coefficients (transport factors) in 
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the kinetic equations (5.2) and (5.3) are taken equal to 1/2 [89]. On assuming that cathodic process 

on oxygen-hyperstoichiometric La2Ni0.8Cu0.2O4+  electrodes is associated with direct incorporation 

of interstitial oxygen ions, one should replace Eq.(5.3) by the reaction ad i
''O 2e O . However, 

the higher anodic overpotentials (Fig.5.6) are more consistent with Eq.(5.3). 

If the second elementary step Eq.(5.2) is considered as rate-limiting with two other steps 

being in virtual equilibrium, the concentrations of surface oxygen species can be expressed from 

Eqs.(5.1) and (5.3). Since the current (i) is equal to (-2Fr), under high polarization the simplified 

expressions for anodic and cathodic currents can be derived from Eq.(5.2): 

2 3anodic 1
2 O

3

' 'k k 3 FE
i 2F [V ] exp

k 2 RT
 (5.4) 

1
2 1cathodic 2

2 2

1
'

k k 1 FE
i 2F p(O ) exp

k 2 RT
 (5.5) 

Comparison of Eqs.(5.4) and (5.5) may qualitatively explain the observed difference in anodic and 

cathodic performance (Fig.5.6). 

Under equilibrium conditions, the oxygen vacancy concentration is determined by intrinsic 

Frenkel defect formation and oxygen exchange with gas phase 

O O i
''O V O p1 O i

''K [V ][O ]  (5.6) 

O 2 O

1
O 2h O V

2

1/ 2
2 O

p2 2

p(O ) [V ]
K

p
 (5.7) 

and the electroneutrality condition O i
''p 2[V ] 2[O ], where p is the electron-hole concentration. If 

O i
''[V ] [O ] , the total oxygen hyperstoichiometry should be proportional to p(O2)

1/6. This is 

confirmed by experimental data on La2NiO4+  [260] and La2CuO4+  [319]. In these conditions 

1/ 6
O V 2[V ] K p(O ) . The equilibrium electrode potential, E0 = const + (RT/mF) ln p(O2), can be 

calculated under conditions when ianodic = icathodic  i0, with i0 being the exchange current density. 

The overpotential is defined as  = E - E0. When the polarization is low, the surface concentration 

of oxygen vacancies should be dependent of the oxygen pressure and essentially independent of 

current. Substituting E and O[V ]  into Eqs.(5.4) and (5.5) and then inserting them into the steady-

state current i = ianodic + icathodic, one can obtain after simple transformations:  

1 3

54 4
2 3 2 1 12

2 2

3 v 1

' '

'

k k k k 3 F 1 F
i 2F p(O ) exp exp

k K k 2 RT 2 RT
 (5.8) 

Under low polarization (| | << RT/F), one can calculate polarization resistance as R  = | |/I by 

taking linear part of the exponential members. For the model expressed by Eq.(5.8), R  is 

proportional to p(O2)
-5/12. The slope of the experimental dependence (Fig.5.5), equal to -0.33, is 
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quite close to the model value of -0.41. Another approximation, based on the assumption that the 

concentration of surface active centers is p(O2)-independent, gives the slope of -0.375.  

In general, by selecting a more complex exchange mechanism or by considering another 

rate-determining steps, one can easily obtain the values of (1/n) in the range from (-1/12) to (-1/2); 

representative examples derived in a similar manner can be found in Refs.[32,89]. The data on R

vs. p(O2) dependence cannot, therefore, be used to unambiguously identify a single process limiting 

exchange currents. Nevertheless, these results suggest that the rate-limiting steps are related to the 

gas/electrode interface; if the oxygen exchange kinetics would be limited by ion diffusion in the 

electrode bulk, a slope close to (-1/6) could be supposed [263]. 

It should be separately noted that at high oxygen pressures, the impedance spectra of 

La2Ni0.8Cu0.2O4+  cathodes consist of one single arc (Figs.5.3 and 5.5), which is attributed to the 

charge-transfer process, such as Eq.(5.2) or Eq.(5.3). On reduction, the electrode behavior becomes 

more complex, suggesting appearance of at least one additional reaction rate-determining step 

(Fig.5.5). The latter is supposed to have a diffusion-related nature [79,112]. 

5.1.3. YBaCo4O7-based electrodes  

As for the La2Ni0.8Cu0.2O4+  cathodes at oxygen pressures close to atmospheric, the 

impedance spectra of YBa(Co,Fe)4O7+  porous layers comprise a well-resolved single arc; typical 

examples are shown in Fig.5.8. The reproducibility of electrochemical data was verified studying 

2-3 similar electrodes prepared under identical conditions. 
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Fig.5.8.  Examples of the impedance spectra of 

YBaCo4O7+ , corrected for ohmic contribution 

and normalized to electrode area, at open-circuit 

conditions and under polarization in air.

Fig.5.9.  Reproducibility of overpotential vs.

current dependence for YBaCo4O7+  cathode, 

measured for three different cells.
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YBa(Co,Fe)4O7+  cathodes exhibit a very low polarization (Figs.5.9-5.11) and a good 

reproducibility of the performance in contact with LSGM solid electrolyte (Fig.5.9). At 873 K, the 

electrode overpotential was as low as -145 mV at current density of -200 mA/cm2. The polarization 

resistance, which can be evaluated from the impedance spectra normalized to the electrode area, 

was lower than 1 Ohm cm2 at 873 K (Fig.5.8). The electrochemical activity of yttrium-barium 

cobaltite cathodes is higher than that of La2Ni0.8Cu0.2O4+  (Table 5.1). For instance, at 873 K and 

i = 50 mA/cm2, the overpotential of cobaltite electrodes is approximately 4.5 times lower than that 

of nickelate layers. 
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Fig.5.10.  Current dependencies of cathodic 

overpotentials for YBa(Co,Fe)4O7 in contact with 
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anodic and cathodic polarization curves of 

YBaCo4O7+  porous layer. 

Fig.5.11.  Current dependencies of the cathodic 

overpotentials of YBaCo4O7+  layers with and 

without silver addition and after the surface-

activation of the latter with PrOx.

Table 5.1 

Overpotentials (mV) of YBaCo4O7+  and LaNi0.8Cu0.2O4+  porous cathode layers 

in contact with LSGM electrolyte 

T, K i, mA/cm2
YBaCo4O7+  YBaCo4O7+ -Ag (90-10 wt%) LaNi0.8Cu0.2O4+

1073 150 mA/cm2 6.9 - 42.1 

973 100 mA/cm2 28.4 17.6 157 

873 60 mA/cm2 79.5 46.6 350 
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Most likely, this superior performance is due to their interaction with LSGM surface, 

particularly Ba and Co diffusion into the surface layer of lanthanum gallate ceramics, confirmed by 

the EDS studies (Fig.5.12).  Incorporation of cobalt into LSGM should increase both ionic and 

electronic conductivities of solid electrolyte surface, thus promoting surface exchange; an increase 

in the oxygen exchange rates can also be expected due to Ba diffusion ([172,173] and references 

cited). Recently, a very good electrochemical activity in contact with Co-substituted LSGM was 

reported for BaCoO3-based perovskite cathodes [173], the TECs of which, however, may be 

excessively high [146]. The excellent performance of YBaCo4O7+  and Ba(La)CoO3-  electrodes 

should have a similar nature, probably due to enhanced oxygen exchange currents of the 

electrolyte. On the other hand, the activity of yttrium-barium cobaltite electrodes may be 

contributed by the lattice instability, especially due to oxygen activity variations under cathodic 

polarization. Doping of YBaCo4O7 with iron has a little influence on the electrode performance at 

1073 K, but leads to significantly higher overpotentials at 973 K, probably due to an increasing 

tendency to the phase decomposition and volume changes associated with increasing oxygen 

content (Fig.5.10). 

Fig.5.12.  SEM micrograph of fractured YBaCo4O7+ -Ag/LSGM cell and the corresponding distribution of 

Ag, Ba and Co, evaluated by EDS. The density of white dots corresponds to cation concentration. 
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Further decrease in the cathodic overpotentials at 873-973 K can be achieved by adding 

metallic silver (Fig.5.11 and Table 5.1), which spreads along the electrolyte surface and partly in 

the bulk of porous electrode layer, thus enhancing the TPB length and, probably, promoting the 

oxygen exchange rate of the electrode material. Nevertheless, taking into account the volume 

fractions of components, the porous layer of YBaCo4O7+  should still play a dominant role in the 

electrochemical processes. One should separately mention that the p(O2)-independent conductivity 

values at decreased temperatures (Fig.3.35) suggest that high cathodic polarisation should have no 

effect on the electrical properties of electrode layers. 

5.1.4. Critical role of ceramic microstructure and effects of surface modification 

As expected, increasing the La2Ni0.8Cu0.2O4+  electrode fabrication temperature from 1473 

to 1523 K resulted in grain growth and agglomeration (Fig.5.1, B and C). This leads to 

considerably worse electrochemical activity (inset in Fig.5.6). Although such a behavior might be 

partly ascribed to decreasing triple-phase boundary length, the most likely reason relates to 

decreasing specific surface area and, thus, overall exchange currents. Therefore, the performance of 

La2Ni0.8Cu0.2O4+  cathodes can be improved by reducing fabrication temperature, by further 

decrease of the grain size, and by the incorporation of electrocatalytically-active components onto 

electrode and electrolyte surfaces. 

Fig.5.7 compares overpotential vs. current dependencies for one La2Ni0.8Cu0.2O4+  layer 

after preparation at 1473 K and after surface modification with praseodymium oxide; the 

corresponding microstructures are shown in Figs. 5.1B and 5.1D. SEM/EDS, TEM/EDS and XRD 

analyses, performed before and after electrochemical tests, confirmed that praseodymia is 

distributed mainly in pores and on the surface of electrode and electrolyte; the interaction between 

La2Ni0.8Cu0.2O4+  and PrOx phases was below the detection limits. In particular, the lattice 

parameters of La2Ni0.8Cu0.2O4+  remain essentially unchanged after surface activation and testing 

during 150-200 h. At the same time, surface interaction between these phases cannot be excluded. 

As for La(Sr)MnO3-based cathodes [196], the activation drastically increases electrochemical 

activity, especially at reduced temperatures. For instance, at 873 K the cathodic overpotential is 

decreased by approximately 2 times, from 330 down to 175 mV at 50 mA/cm2.

Possible nature of such an enhancement in electrode performance was discussed is 

Ref.[196]. In fact, similar to other electrochemical data on mixed-conducting cathodes, this 

phenomenon cannot be unambiguously attributed to a single factor; the activation may lead to a 

faster surface exchange of both solid electrolyte and electrode, to an enlargement of TPB and 

electrode surface area, and even to an improvement of transport properties of the porous electrode 

layer due to significant mixed conductivity of praseodymium oxide (Refs.[33,196] and references 
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cited). The latter is indicated, in particular, by the substantial decrease in the ohmic resistance after 

the activation as illustrated by Fig.5.3. Most likely, a combination of all these factors is responsible 

for the enhanced electrochemical activity. Nonetheless, the data on surface-modified 

La2Ni0.8Cu0.2O4+  based layers are in agreement with the assumption that their performance is 

influenced by surface-related processes.  
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Fig.5.13.  Dependence of the polarization 

resistance of La2Ni0.8Cu0.2O4+  electrode, as-

prepared at 1473 K and after surface modification 

with PrOx, on the direct current passed through 

electrode. Solid lines are for visual guidance.

This hypothesis is also supported by the dependence of polarization resistance on the 

cathodic current density (Fig.5.13). For non-activated La2Ni0.8Cu0.2O4+  layer, the values of R

calculated from impedance spectra decrease with increasing current, which well corresponds to the 

relationship between cathodic and anodic overpotentials (Fig.5.6). Again, this behavior is very 

similar to literature data [196,148,422] on La(Sr)MnO3-  and La(Sr)CoO3-  electrodes, where 

cathodic polarization leads to formation of oxygen vacancies on the surface, contributing to the 

electrochemical activity enhancement. After the surface activation of La2Ni0.8Cu0.2O4+  layer, the 

polarization resistance becomes current-independent (Fig.5.13). One may suggest that, due to an 

increase in the concentration of active centers on the electrode surface, the role of this factor 

decreased.  

The major trends of YBa(Co,Fe)4O7+  electrode behavior are quite similar to those of 

La2Ni0.8Cu0.2O4+ . In particular, praseodymia treatment enables to drastically decrease the 

polarization of YBaCo4O7+  - Ag cathode layers (Fig.5.11). Since the ionic conductivity of 

YBaCo4O7+  based phases is lower compared to that of La2Ni0.8Cu0.2O4+ , narrowing the 

electrochemically-active zone at the cathode surface and increasing role of the surface exchange 

kinetics [81,82]. The latter, and the surface diffusion processes, can be enhanced by the surface 

modification. Another possible reason for this behavior may be associated with increasing 

electrolyte surface-exchange currents. In fact, a significant role of the electrolyte surface is 
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indicated by the effect of Ag additions (see Fig.5.11). Also, this modification of porous layers 

might result in better electrical contacts between the electrode grains, which could worsen due to 

the phase transformations.  

5.1.5. Concluding remarks: factors determining electrochemical activity 

When the necessary level of electronic and oxygen ionic conductivity of a mixed-

conducting electrode material is already achieved, the electrochemical activity seems determined 

by other factors. One relevant factor is the interaction between cathode material and solid 

electrolyte. The diffusion layers at the electrode/electrolyte interface may either promote oxygen 

exchange of the electrolyte ceramics surface, as for the barium cobaltites/LSGM or, oppositely, 

block the oxygen transport, e.g. in the case of LSM/YSZ electrodes. Another important parameter 

refers to activity of the electrode surface. Preserving the high surface area in the porous layer as 

well as enhancing the surface transport and catalytic properties is favorable for decreasing the 

electrode polarization. The effective method to reduce the overpotentials on the oxide cathodes is a 

deposition of highly-dispersed electrocatalytically active phase onto the electrode and electrolyte 

surfaces during or after the fabrication of porous layer. Indeed, as for the oxygen transport through 

dense La2Ni0.8Cu0.2O4+  ceramics, the results on the electrode behavior suggest a considerable role 

of surface-related processes, such as oxygen sorption or discharge of oxygen ad-atoms on the 

electrode surface, with the active site concentration dependent on current. Due to this, the 

performance of La2Ni0.8Cu0.2O4+  electrodes can be substantially enhanced by surface modification 

via impregnation with Pr-containing solutions, and also by decreasing fabrication temperature 

leading to greater surface area. Both silver and PrOx additions improved the performance of 

YBaCo4O7+  based cathodes. 

The presence of phase transitions is considered quite important for the applicability of the 

electrode materials. First of all, phase transitions lead to unfavorable volume changes. On the other 

hand, the presence of morphotropic phase boundaries may weaken the bonds in the lattice [423], 

which would have a positive effect on the electrochemical activity. In most cases, however, the 

former factor plays more important role; therefore, the compositional modification is necessary to 

suppress the phase changes in YBaCo4O7+  based materials.  
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5.2. Cellulose-precursor synthesis of SOFC anode components  
Formation of single fluorite-type CGO phase in the course of calcinations was confirmed 

by XRD studies (Fig.5.14). After annealing, the oxide fibers were either converted into 

nanocrystalline powders by light mechanical action, or directly applied onto dense LSGM ceramics 

and sintered. 
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Fig.5.14.  Observed, calculated and 

difference XRD pattern of Ce0.8Gd0.2O2-

prepared via the cellulose-precursor 

technique and annealed in air at 1173 K.

SEM studies of oxide fibers made of CGO (Fig.5.15A) showed that the precursor texture is 

retained after combustion; the fibers have a highly porous tubular-like microstructure (Fig.5.15B). 

Such a feature may be advantageous for the preparation of anodes with regular microstructures, 

which can further be optimized taking the electrode reaction mechanisms into account. In 

particular, by varying the type of cellulose precursor, the treatment conditions and the 

concentration of impregnating solution, this technique makes it possible to achieve necessary 

relationships between size and distribution of pores, specific surface area, distribution of 

electronically-conducting phase, triple-phase boundary length and other factors determining anode 

performance. Furthermore, sintering of the highly-porous oxide fibers onto solid-electrolyte 

substrate can be used to form ion-conducting ceramic matrix stabilizing metallic Ni with respect to 

sintering and redox cycling. 

TEM inspection revealed that CGO particles constituting oxide fibers are nanocrystalline; 

their size varies in the range 8-35 nm (Fig.5.16). The crystallization of CGO phase was verified by 

electron diffraction studies; one example of the electron diffraction pattern is presented as the inset 

in Fig.5.16.  
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A B

C D

Fig.5.15.  SEM micrographs of Ce0.8Gd0.2O2-  synthesized via the cellulose-precursor technique: (A, B), after 
synthesis and annealing in air at 1173 K; (C), applied onto LSGM substrate and annealed in air at 1573 K 
(cross-section view); (D), applied onto LSGM with subsequent deposition of metallic Ni (50 wt%) by 
impregnation with an aqueous Ni(NO3)2 6H2O solution and reduction at 1273 K in flowing 10%H2-90%N2.

Fig.5.16.  Dark- and bright-field TEM images 

and electron diffraction pattern of CGO 

powder prepared using the cellulose-precursor 

technique and annealed in air at 1173 K. 

Owing to the potential advantages of anode microstructure control by cellulose precursor 

selection, direct application of oxide or cermet fibers onto solid-electrolyte ceramics might be of 

considerable interest. A series of electrode layers was thus prepared by applying CGO fibers onto 

LSGM, followed by annealing, impregnation with Ni-containing solutions and reduction. As an 

example, Fig.5.15C presents the cross-section SEM micrograph of one layer made of CGO fiber 
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after annealing at 1573 K for 2 h. The shrinkage of the oxide layer during the sintering process was 

about 16% in one direction and 6% in the other. The fiber forms a porous ceramic matrix with a 

relatively good adhesion to electrolyte and a regular microstructure suitable for metal 

incorporation. After impregnation with an aqueous solution of Ni(NO3)2 6H2O and firing at 1273 K 

in a flow of 10% H2 - 90% N2 mixture for 0.25 h, metallic nickel is uniformly distributed in CGO 

fibres in the layer containing 50wt% Ni and 50wt% CGO (Fig.5.15D). At the same time, the 

stability of such Ni-CGO anodes in the course of redox cycling was found insufficient, most 

probably due to volume changes. Further developments necessary to prepare stable anode layers, 

by directly applying ceramic fibers onto electrolyte ceramics, are now in progress. In this work, 

therefore, the main emphasis is given to the CGO-containing cermets, where the nanocrystalline 

powders synthesized using cellulose-precursor technique were mixed with other components, as 

described in Table 5.2. 

The same technique was used to synthesize the multicomponent cermets. In order to 

increase the electrochemical activity, catalytically-active CGO was incorporated in their 

composition. At the same time, relatively low (25 wt%) nickel concentration in the cermets was 

used in order to reduce the carbon deposition problems. Since the percolation threshold can be 

shifted varying the grain sizes of cermet components, the use of submicron NiO-CGO powders 

may enable decreasing the nickel content while preserving well-percolated grains and high 

conductivity in the porous layer. As an alternative approach to cope with the coking problem, 

attention was drawn to electrodes based on metallic copper, which possesses a considerably lower 

catalytic activity for C-C bond formation [160,307]. 
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Fig.5.17.  XRD patterns of CGO, NiO-CGO and 

CuO-CGO powders.
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XRD results showed that the two-phase NiO-CGO and CuO-CGO composites were formed 

in the combustion front (Fig.5.17). The unit cell parameters of fluorite-type CGO phase, calculated 

from XRD data, were almost equal for all synthesized materials, 0.54250 0.00005 nm. This 

suggests, in particular, that the interaction of CGO and NiO in the two-phase mixture is negligible.  

A B

Fig.5.18. Bright-field TEM images and electron diffraction patterns of NiO-CGO (A) and CuO-CGO (B) 

powders prepared by cellulose-precursor technique. 

A B

C D

Fig.5.19.  SEM micrographs NiO-CGO (A,B) and CuO-CGO (C,D) fibers prepared by cellulose-precursor 

technique and annealed in air at 1173 K. 
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The maximum concentration of the aqueous solution for impregnation of the cellulose 

fabric, permissible by this technique, seems close to 1M. After combustion of the cellulose material 

treated with higher-concentrated solutions, the fibers were destroyed. 

The data shown above suggest that such method can be employed for fabrication of 

metallic grids, which may be of interest as components of multilayered anodes, improving their 

current collection. As discussed in Chapter 1.4.5, geometry of current collector should provide a 

homogeneous current distribution and should not limit the gas diffusion. In addition, highly-

conductive Ni or Cu fibers could be incorporated in the anode layer improving the electronic 

transport and current distribution. 

A B

Fig.5.20. SEM micrographs of metallic Ni (A) and Cu (B) fibers prepared by cellulose-precursor 

technique and reduced at 1073 K under flowing H2-H2O-N2 gas mixture.

The NiO and CuO fibers were prepared analogously to CGO-containing materials, with 

subsequent reduction to corresponding metals in the H2-H2O-N2 gas flow at 1073 K. Thus obtained 

metallic meshes occurred very stable mechanically, as different from the oxide fibers. As expected, 

the materials considerably shrinked after reduction. The SEM images reflecting typical 

microstructures of these meshes are shown in Fig.5.20. Metallic fibers consist of well connected 

particles but remain quite porous. Thus, the possibility of obtaining the metal grids made of nickel 

and copper was evaluated. 
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5.3. Electrochemical performance of cermet anodes  
5.3.1. Fabrication and characterization of porous anode layers 

Table 5.2 summarizes the anode compositions and their preparation conditions. 

Nanocrystalline powders of single-phase Ce0.8Gd0.2O2-  (CGO) and two-phase NiO - CGO (Ni-

CGO 25 – 75 wt% or 50 – 50 mol%) and CuO - Ce0.8Gd0.2O2-  (Cu - CGO 27 – 73 wt% or 50 – 50 

mol%) mixtures, prepared via the cellulose-precursor technique (Table 2.1), were used for the 

fabrication of anode layers on the LSGM solid electrolyte. All YSZ materials were commercially 

available (Chapter 2.1). After annealing, the oxide fibers were either converted into nanocrystalline 

powders by light mechanical action, or directly applied onto dense LSGM ceramics and sintered. A 

series of Ni-containing cermets, including Ni - Y8SZ - CGO, Ni - Gd1.86Ca0.14Ti2O7-  - CGO, Ni - 

Y8SZ - Ce0.8Ca0.2VO4+ , Ni - TbZrO4-  - CGO and Ni - La0.90Sr0.10Al0.65Fe0.20Mg0.15O3-  - CGO, 

where the weight ratio between the phases was 50-30-20%, and a metal-free Y8SZ - CGO (60 – 40 

wt%) mixture were prepared using NiO obtained by thermal decomposition of Ni(NO3)2 6H2O,

cellulose-precursor synthesized CGO and the powders of mixed conductors synthesized as 

specified in Table 2.1. The porous layers were prepared in a similar way as anodes comprising 

Y8SZ (Table 5.2). Ni - Zr0.9Y0.1O2-  - CeO2-  and Ni - Zr0.9Y0.1O2-  - CGO mixtures were prepared 

by grinding together the commercial powders and ceria obtained from thermally-decomposed 

Ce(NO3)3·6H2O, and deposited onto the Zr0.9Y0.1O2-  surface as described in Table 2.2.  

The anode layers (5.1-7.2 mm in diameter) with loading density of 15-25 mg/cm2 were 

screen-printed onto the surface of dense LSGM or Zr0.9Y0.1O2-  ceramics and annealed in air for 2 

h; the sintering temperature was 1523 K for Ni - Y8SZ - CGO, 1273 K for Cu-based cermet, 1373 

K for Zr0.9Y0.1O2- -containing electrodes and 1573 K in all other cases. SEM inspections showed 

that the prepared electrode layers had a homogeneous porous microctructure; selected examples are 

shown below. After the electrochemical tests, selected anodes were surface-modified by 

impregnation with a saturated Ce(NO3)3·6H2O solution in ethanol, followed by annealing at 1073-

1273 K; then the overpotential-current dependencies were re-measured. 
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Table 5.2 

Preparation conditions of selected ceria-containing SOFC anodes  

Electrode composition Electrolyte Preparation conditions 

Ni - Y8SZ - CGO 

50 – 30 – 20 wt% 

[42 – 37 – 21 vol%]* 

LSGM decomposition of Ni(NO3)2 6H2O, cellulose-
precursor synthesis of CGO 

mixing and grinding of NiO, CGO and 
commercial Y8SZ  

screen-printing  

annealing in air at 1523 K for 2 h 

reduction at 1073-1123 K in 10%H2-90%N2

atmosphere 

Ni - Gd1.86Ca0.14Ti2O7-  - CGO 

Ni - Y8SZ - Ce0.8Ca0.2VO4+

Ni – TbZrO4-  - CGO 

Ni - La0.9Sr0.1Al0.65Fe0.20Mg0.15O3-  - CGO

50 – 30 – 20 wt% 

LSGM Analogously to Ni - Y8SZ - CGO cermet. 

The oxide components were synthesized as 
described in Chapter 2.1 

Ni - CGO 

25 – 75 wt% 

[21 – 79 vol%, 50 - 50 mol%] 

LSGM cellulose-precursor synthesis of NiO - CGO 
mixture 

screen-printing 

firing in air at 1573 K for 2 h 

reduction at 1073-1123 K in 10%H2-90%N2

atmosphere 

Cu - CGO 

27 – 73 wt% 

[23 – 77 vol%, 50 - 50 mol%] 

LSGM Analogously to Ni - CGO cermet but sintered at 
1273 K 

Y8SZ – CGO with Cu-mesh 

60 – 40 wt% 

LSGM Analogously to Ni - Y8SZ - CGO cermet but 
cellulose-precursor-synthesized Cu-mesh was 
incorporated into the anode layer  

Ni – Zr0.9Y0.1O2-  - CeO2-

54 – (46-x) – x wt% 

[44 – (56-x) – x vol%] 

and 

Ni – Zr0.9Y0.1O2-  – CGO 

54 – 17 – 29 wt% 

[47 – 22 – 31 vol%] 

Zr0.9Y0.1O2- decomposition of Ce(NO3)2 6H2O, mixing 
with commercial powders and ball-milling 

screen-printing 

firing at 1373 K in air 

reduction at 1173-1273 K in wet 10%H2-
90%N2 atmosphere 

* The volume percentage was estimated from the weight percentage and theoretical densities calculated from 
XRD data at room temperature in air, neglecting oxygen stoichiometry variations and accounting solid 
phases only. 

5.3.2. Effects of metal/oxide ratio and phase components  

Fig.5.21 shows the overpotential dependence on ceria content in anode layers at the fixed 

current density of 100 mA/cm2; the general composition of the anodes applied onto Zr0.9Y0.1O2-

electrolyte is 54 wt% Ni – (46-x) wt% Zr0.9Y0.1O2-  – x wt% CeO2-  (x = 0-40). When the 

temperature is high, the anode performance is moderately influenced by ceria additive. For 
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example, at 1223 K adding 10-20 wt% of ceria leads to decreasing overpotential from 

approximately 40 down to 25 mV; further additions result in a worse performance. This behavior 

seems in agreement with literature data [19,20,33,158,424] and may be explained by an 

enhancement of anode electrocatalytic activity due to the incorporation of CeO2- , which may be, 

however, quite passivated after thermal treatments at 1273-1373 K (Table 5.2). Although a 

significant oxygen nonstoichiometry of CeO2-  in reducing atmospheres [424] makes it possible to 

expect a substantial ionic transport, the conductivity of YSZ electrolyte at 1173-1223 K is also high 

[33]; only minor improvement due to ionic conduction of ceria could be expected in these 

conditions. For instance, a parallel anodic reaction path at 1273 K, with H2 oxidation occurring at 

the Y8SZ surface, was suggested in Ref.[104]. The optimum anode performance is hence obtained 

when combining two ionically-conductive components, catalytically-active CeO2-  and cermet-

stabilizing YSZ. When temperature decreases, a pronounced shift of the overpotential minimum 

towards higher Ce-concentrations is observed, indicating a greater role of electrocatalytic activity 

of anode layers (Fig.5.21). Nonetheless, the minimum overpotential is still achieved if combining 

yttria-stabilized zirconia and ceria in the cermets.  
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Fig.5.21.  Anodic overpotentials of Ni - YSZ - 

CeO2-  cermet layers in contact with Zr0.9Y0.1O2-

solid electrolyte at 100 mA/cm2.

Fig.5.22.  Anodic current density dependence of 

the overpotential for two cermet compositions, 

containing 29 wt% of CeO2-  or CGO, at 1123 K. 

In order to assess role of the oxygen ionic conductivity of anode components, Fig.5.22 

compares the overpotential vs. current dependencies for two cermet compositions containing Ni, 

Zr0.9Y0.1O2- , and CeO2-  or CGO; the microstructure of both cermets was similar. At 1123 K, the 



Part 5:  Mixed-conducting electrodes 
_______________________________________________________________________________________ 

216

polarization of CGO-containing anode is 15-25% lower with respect to the layer comprising 

undoped ceria. At higher temperatures this difference was found to become rather negligible; in 

fact, performance of the latter cermet composition at 1223 K was even slightly higher. This 

suggests that the effect of ionic transport in cermet components, resulting in an enlargement of the 

electrochemical reaction zone, becomes more important when temperature decreases, in agreement 

with literature [19,20].  

Summarizing these results, one can conclude that the use of CGO in the intermediate 

temperature range is preferable as compared to undoped ceria. Although the ionic conductivity of 

YSZ at temperatures below 1123 K is insufficient for a high anode performance, incorporation of 

YSZ in the cermet compositions might still be important to provide necessary stability of the anode 

layers.  

The steady-state anodic current density and overpotential varied in the ranges 0-300 

mA/cm2 and 0-460 mV, respectively; the time necessary to achieve steady-state conditions was 1-3 

h. The reproducibility of results was separately checked after each measurement cycle; 

representative examples are given in Fig.5.23. For different anodes of identical composition, the 

standard deviation of the overpotential values at fixed current density was about 12-15% at 1073-

1223 K; for one sample after approximately 200 h of testing, the maximum deviation from the 

initial overpotential values was lower than 5-7%.  
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Fig.5.23.  Selected results illustrating 

reproducibility tests of the overpotential vs. current 

density dependence for CGO-containing cermets. 

Fig.5.24.  Overpotential vs. anodic current density 

dependencies of the CGO-containing anodes in 

contact with LSGM electrolyte at 1073 K. 
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Fig.5.24 compares overpotential vs. current dependencies of Ni - CGO and Ni - CGO - 

Y8SZ anodes, deposited onto LSGM, at 1073 K. The electrochemical performance of Ni - Y8SZ - 

CGO cermet in contact with LSGM electrolyte is higher than that of similar compositions applied 

onto YSZ (compare Figs.5.21 and 5.24). Most likely, this is associated with the higher activity of 

nano-sized CGO particles in the former case, and also with the influence of ionic conductivity of 

solid electrolyte on the anode exchange currents, which becomes significant at intermediate 

temperatures [20]. At 1073 K and a fixed current density of 200 mA/cm2, the overpotential of the 

Ni - Y8SZ - CGO anode is lower than 245 mV (Fig.5.24). SEM micrographs of this layer, as-

prepared and after testing for approximately 200 h are presented in Figs.5.25A and 5.25B, 

respectively. Both microstructures are quite homogeneous; the grain agglomeration that occurs at 

elevated temperatures is insignificant.  

A B

C Fig.5.25. SEM micrographs of 50 wt% Ni - 30 

wt% Y8SZ - 20 wt% CGO anode layers before 

(A) and after (B) electrochemical measurements 

during approximately 200 h and 25 wt% Ni – 75 

wt% CGO anode obtained from the fibers after 

surface modification via impregnation with Ce-

containing solution, reduction and testing during 

approximately 340 h (C). 

The YSZ-containing anode exhibits a higher electrochemical activity compared to Ni - 

CGO (Fig.5.24), which could be attributed either to a stabilizing influence of zirconia or to higher 

Ni content in the Ni - CGO - Y8SZ cermet. However, the data on surface-activated Ni - CGO layer 

(Chapter 5.3.4) indicate that the performance can be improved by further ceria additions, 

decreasing Ni concentration down to 21 vol%. Therefore, the total Ni concentration above 

percolation limit cannot be considered as a performance-determining factor. Since the ionic 

conductivity of YSZ at 1073 K is considerably lower than that of CGO, one may suggest that the 
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major role of YSZ refers to mechanical stabilization of the cermet, in particular with respect to re-

oxidation at high anodic currents. This well corresponds to the data on Ni - Zr0.9Y0.1O2-  - CeO2-

layers in contact with YSZ solid electrolyte (Fig.5.21).  

5.3.3. Other factors influencing anode performance 

Fig.5.26 presents selected overpotential-current dependencies of the mixed conductor-

containing anodes. Compared to other layers without surface modification, the best performance 

was found for Ni - Y8SZ - CGO, Ni - Y8SZ - Ce0.8Ca0.2VO4+  and Ni - Gd1.86Ca0.14Ti2O7-  - CGO 

compositions. The electrochemical activity of Ni - TbZrO4-  - CGO and Ni - 

La0.90Sr0.10Al0.65Fe0.20Mg0.15O3-  - CGO layers is rather poor.  
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Fig.5.26.  Current density dependence of the overpotential for various cermet anodes. 

The Ni - CGO anode exhibits lower overpotentials with respect to the Cu-containing analogue; this 

behavior is generally associated with low catalytic activity and high sinterability of copper 

[160,307]. Despite the highest ionic conductivity of CGO (Fig.4.63A), the electrodes of Ni - 
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Y8SZ - CGO, Ni - Y8SZ - Ce0.8Ca0.2VO4+  and Ni - Gd1.86Ca0.14Ti2O7-  - CGO show similar 

performance (Fig.5.26). Also, the role of electronic conductivity of the oxide components seems 

insignificant due to the presence of percolated metal phase. 

In general, the results suggests that, when necessary level of ionic and electronic 

conduction in the cermets is achieved, minor variations of their transport properties are less 

important than the stability with respect to sintering of metal particles and volume changes induced 

by current changes. The stability can be improved using oxide phases where the oxygen 

stoichiometry and volume are essentially p(O2)-independent, including YSZ and Gd1.86Ca0.14Ti2O7-

. For instance, the worse performance of Ni - CGO anodes may indicate instability of Ni - CGO 

electrodes, particularly due to the volume changes caused by the variations of current and oxygen 

chemical potential.  
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Fig.5.27.  Selected impedance spectra of as-prepared and CeO2-activated anode made of 

Ni - Gd1.86Ca0.14Ti2O7-  - CGO cermet. The ohmic contribution is subtracted. The spectra arc is corrected for 

the geometric surface area. 

The evolution of electrode impedance spectra with temperature and anodic polarization is 

illustrated in Fig.5.27, by the example of Ni - Gd1.86Ca0.14Ti2O7-  - CGO. At least two arcs can be 

recognized, indicating that the anode reaction is limited by two or more processes. Even at 873 K, 

the spectra cannot be approximated by one single semicircle. The resistance corresponding to the 

high-frequency electrode signal (R 1) decreases on heating and, at 973-1073 K, on increasing 

current density. The latter effect becomes much smaller at 873 K. The resistance corresponding to 
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the low-frequency arc (R 2) becomes dominating at 873 K and low polarization. In all cases, R 2

decreases on increasing anodic current. Although the present study was not focused on a deep 

analysis of the anodic reaction mechanisms complex in the multicomponent electrode systems, one 

should mention that these impedance spectra are analogous to those reported for the common Ni-

YSZ cermets [104,156]. As in Refs.[104,156], three semicircles might be actually necessary to fit 

the impedance data; one of them could be difficult to separate if the corresponding time constant is 

close to that of the other process [156]. Also, the high-frequency arc might be distorted due to the 

transport limitations [104,298]. Whatever the number of limiting steps, the high-frequency process 

may be attributed to the limiting protons transfer across the Ni/LSGM interface or oxygen ion 

transport through the oxide particles in electrode layer [156]. The process at lower frequencies may 

originate from changes in the gas phase composition and/or from the adsorption of charged species 

[156]. Similar to Ni - YSZ cermets [104,156], the total polarization resistance of studied cermets 

decreases with current, Fig.5.27. This trend can be ascribed to local increase in the water vapor 

content near the anode surface, towards an optimum value. The arc with lower time constant is 

reduced under anodic polarization probably due to promoted oxygen transfer to the reaction zone. 

The temperature-activated electrode reaction is observed in all cases, as expected.  

A B

C Fig5.28. SEM micrograph of as-prepared and 

surface-modified Ni - Gd1.86Ca0.14Ti2O7-  - 

CGO anodes (A, right and left), as-prepared 

Ni - Y8SZ - Ce0.8Ca0.2VO4+  CGO layer in 

contact with LSGM (B) and Ni - 

La0.90Sr0.10Al0.65Fe0.20Mg0.15O3- -CGO anode 

after the measurements. 
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Fig.5.29.  XRD patterns of Ce0.8Gd0.2O2- ,

TbZrO4-  and oxidized 

Ni - TbZrO4-  - CGO layer (A), and the 

oxidized and reduced layers containing 

La0.90Sr0.10Al0.65Fe0.20Mg0.15O3-  perovskite 

(B). 

The presence of Ce-containing phases with different composition and transport properties, 

such as CGO and Ce0.8Ca0.2VO4+ , provides similar electrochemical activity. At the same time, one 

should take into account the formation of reactive layer between Ce0.8Ca0.2VO4+  with LSGM 

(Fig.5.28B), which may lead to time degradation of the electrode performance. The poor properties 

of anode with TbZrO4-  addition (Fig.5.26B) relates to chemical interaction between the two 

fluorite phases, TbZrO4-  and CGO. This reaction results in formation of a continuous series of 

solid solutions as demonstrated by XRD studies (Fig.5.29A). On the contrary, no essential 

reactivity of the cermet components were detected for Ni - La0.90Sr0.10Al0.65Fe0.20Mg0.15O3-  - CGO 

(Fig.5.29B). Most likely, high overpotentials of the latter electrode are associated with large 

changes in the oxygen nonstoichiometry of the perovskite phase, having a destabilizing effect, and 

cation interdiffusion between La0.90Sr0.10Al0.65Fe0.20Mg0.15O3-  and LSGM. Incorporation of Al3+

cations into LSGM surface should decrease ionic conduction through electrode/electrolyte 
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interface, whereas iron diffusion may cause formation of microcracks at the electrolyte surface 

when the current varies. 

5.3.4. Surface modification of cermet layers  

Although the ionic conductivity of CGO is higher than that of undoped ceria, incorporating 

CeO2-  via impregnation with Ce-containing solutions substantially increases electrochemical 

activity of CGO-containing anodes (Figs.5.26, A, C and D, and 5.30). Such a behavior is related, 

first of all, to increasing catalytic activity of the anode layer due to incorporation of fine ceria 

particles formed after thermal decomposition of cerium nitrate. At the same time, the anode 

performance enhancement may also be contributed by improved electrical contacts between 

particles, resulting from the significant electronic conductivity of ceria in reducing atmospheres 

[424]. Indeed, the microstructure of surface-modified anodes is less porous and, in the case of 

Ni(Cu) - CGO, more uniform if compared to non-activated layers (e.g. Figs.5.25 and 5.28).  

Fig.5.30.  Overpotential vs. anodic current 

density dependencies of 25 wt% Ni - 75 wt% 

CGO electrode in contact with LSGM solid 

electrolyte: (A), comparison of as-prepared 

and surface-modified anode at 1073 K; (B), 

performance of surface-activated layer 

at 873 - 1073 K.

Finally, the electrochemical activity of surface-modified Ni - CGO and Cu - CGO layers at 
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Cu - CGO anodes activated with ceria are about 80 mV at 1073 K and 150 mA/cm2. Decreasing 

temperature below 973 K leads, however, to a rather poor performance (Figs.5.26B and 5.30). This 

makes it necessary to further optimize the anode composition and microstructure. Promising 

approaches include, in particular, incorporation of nanocrystalline YSZ into CGO fibers with 

subsequent applying on solid-electrolyte ceramics, use of higher Ni concentrations, modification of 

the electrolyte surface prior to anode deposition, and probably doping of CGO in order to increase 

n-type electronic transport.  
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Fig.5.31 Examples of impedance 

spectra of Cu - CGO anode surface-

activated with CeO2- , obtained in the 

course of polarization measurements at 

1073 K in H2-H2O-N2 atmosphere.

The surface activation of the Ni - CGO anode layers 3-5 times decreases overpotentials at 

1073 K (Fig.5.26, A and C). This suggests, again, that ceria might improve contacts at the 

electrode/electrolyte interface and also between the grains constituting porous electrode layer of the 

Ni - CGO and Cu - CGO cermets, dimensionally unstable on redox cycling. The contacts seem, 

however, still worsening on increasing anodic overpotential: even after ceria incorporation, both 

the ohmic and polarization resistances keep increasing on electrical current through the cell (e.g. 

Fig.5.31). Nonetheless, the results were quite reproducible (Fig.5.23).  

Contrary to the Ni - CGO anodes, the modification with ceria has a much smaller effect on 

the performance of Ni - Gd1.86Ca0.14Ti2O7-  - CGO cermets (Fig.5.26D). Moreover, R  values of the 

surface-modified Ni - Gd1.86Ca0.14Ti2O7-  - CGO electrodes are current-independent (Fig.5.27), 

while the ohmic losses decrease slightly on the anodic polarization. Another observation is that the 

surface activation affects mainly the high-frequency arc of the anode impedance spectra (Fig.5.27), 

indicating promotion of the charge-transfer processes. Indeed, the presence of ceria at the electrode 

surface could fasten both sorption processes and oxygen transport, and modify catalytic activity for 

the oxidation reactions. On the other hand, non-negligible contribution of the electrolyte surface is 

quite possible. The deposition of ceria is expected to promote the hydrogen oxidation at this 

surface. 
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5.3.5. Final remarks  

The results on anodic polarization of Ni - YSZ - CGO (CeO2- ) cermet layers in contact 

with YSZ solid electrolyte show that the anode performance at 1123-1223 K can be significantly 

increased by ceria-based additions. Due to an enlargement of the electrochemical reaction zone 

resulting from higher ionic conductivity of Ce0.8Gd0.2O2-  compared to undoped ceria, the use of 

CGO provides higher electrochemical activity. Although the role of catalytically-active ceria 

additions increases on cooling, the optimum performance is achieved if combining ceria with YSZ, 

which, most probably, stabilizes cermets with respect to re-oxidation. Since an additional 

improvement could be expected from the use of nano-structured CGO, submicron powders of 

Ce0.8Gd0.2O2-  (grain size of 8-35 nm) and MeO - CGO (Me = Ni, Cu) mixtures (10-80 nm) were 

prepared using the cellulose-precursor technique. This method makes it possible, in particular, to 

fabricate electrode layers with regular microstructures and to stabilize metal component of the 

cermets by dispersing in highly-porous oxide matrix. Testing of Ni - CGO - YSZ anodes, 

comprising nanocrystalline ceria-based powders and applied onto LSGM electrolyte, demonstrated 

a relatively high activity, which can be further improved by surface modification via the 

impregnation with Ce-containing solutions. The presence of YSZ in the anodes seems desirable 

even at intermediate temperatures, 873-1073 K. The overpotential of surface-modified anode, 

containing 25 wt% Ni and 75 wt% CGO, was approximately 110 mV at 1073 K and current density 

of 200 mA/cm2 in flowing 10%H2-90%N2 mixture. 

In summary, the results of this work show that cermet anodes for IT SOFCs should 

combine at least one redox-stable material and, preferably, a Ce-containing component. In spite of 

their transport properties, activation with ceria improves anode performance due to increasing 

catalytic activity, improving intergranular contacts and, possibly, enhancing electronic conduction 

at the solid electrolyte surface. Any interaction between the electrolyte and/or anode components 

should be avoided. 
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Conclusions 

1. In order to develop the novel electrochemically active electrode materials for intermediate-

temperature solid oxide fuel cells (IT SOFCs), the physicochemical and electrochemical 

properties of hexagonal YBaCo4-xFexO7+  (x = 0-0.8), La2Ni1-xMxO4+  (M = Co, Cu; x = 0 - 

0.20) with K2NiF4-type structure and perovskite-type (La0.3Sr0.7)1-yCoO3-  (y = 0-0.03) and 

La0.3Sr0.7Co0.8M0.2O3-  (M = Al, Ga) were studied. Materials of the former two systems 

possessing moderate thermal expansion in air, (7.3-9.0) 10-6 K-1 and (12.8-14.2) 10-6 K-1

respectively, are compatible with common solid electrolyte materials, such as stabilized 

zirconia, doped ceria and La(Sr)Ga(Mg)O3-  (LSGM). The average thermal expansion 

coefficients of perovskite cobaltite ceramics in air, (15.9-19.6) 10-6 K-1 at 300-750 K and 

(27.9-29.7) 10-6 K-1 at 750-1240 K, are excessively high, making these materials inappropriate 

for the electrode applications due to the thermomechanical instability of the contact with 

electrolyte ceramics.  

2. The oxygen permeation fluxes through dense (La0.3Sr0.7)1-yCoO3-  (y = 0-0.03) and 

La0.3Sr0.7Co0.8M0.2O3-  (M = Al, Ga) membranes at 973-1223 K are limited by both bulk ionic 

conductivity and surface exchange kinetics. Substitution of cobalt with Al3+ or Ga3+ increases 

cubic perovskite unit cell volume, oxygen deficiency and Seebeck coefficient, whereas the 

thermal expansion, p-type electronic conductivity and oxygen permeability decrease. The 

analysis of oxygen partial pressure dependencies of the electrical properties, in combination 

with the oxygen nonstoichiometry data determined by thermogravimetry, suggests a broad-

band mechanism of hole conduction. Creation of A-site cation vacancies, compensated by Co4+

formation, leads to higher p-type electronic conductivity and thermal expansion at temperatures 

above 700 K, whilst the ionic transport in A-site deficient cobaltite is lower than that in the 

parent compound. Reducing oxygen pressure down to approximately 10-5 atm results in 

transition into brownmillerite-type phases having essentially p(O2)-independent electrical 

properties until decomposition, which occurs at p(O2) values 102-104 times higher compared to 

the CoO/Co boundary.  

3. a) Mixed-conducting K2NiF4-type La2Ni1-xMxO4+  (M = Co, Cu; x = 0 - 0.20) possess 

significant p-type electronic conductivity and oxygen permeability. Oxygen permeation 

through La2Ni1-xMxO4+  ceramics is limited by both bulk ionic conductivity and surface 

oxygen exchange. Despite moderate differences in the ceramic microstructures, the 

glycine-nitrate process (GNP)-synthesized membranes exhibit higher oxygen permeability 

than those prepared by the standard ceramic technique. Incorporation of copper into the 
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nickel sublattice was found to decrease sintering temperature necessary to achieve 

sufficient mechanical strength of highly porous electrode layers. 

b) La2Ni0.8Cu0.2O4+  porous cathode layers show moderate polarization in contact with LSGM 

electrolyte, lower than 50 mV at 1073 K and current density of 200 mA/cm2. As for the 

oxygen transport through dense membranes, the results on electrode behavior of 

La2Ni0.8Cu0.2O4+  in contact with LSGM solid electrolyte, including the overpotential-

microstructure relationships and the p(O2) dependence of polarization resistance, suggest 

that the cathodic reaction rate is affected by surface-related processes. Due to this, 

electrode performance can be considerably enhanced by surface activation, particularly via 

impregnation with Pr-containing solutions, and also by decreasing fabrication temperature. 

At 873 K, the surface modification with praseodymium oxide decreases cathodic 

overpotential from 330 down to approximately 175 mV at 50 mA/cm2.

4. a) Moderate doping of YBaCo4O7+  with iron decreases slightly the total conductivity, 

predominantly p-type electronic, and have no essential effect on the oxygen ion transport 

and cathodic polarization at 1073 K. The ion transference numbers, determined by the 

oxygen permeation and faradaic efficiency measurements at 1073-1223 K, vary in the 

range 3 10-5 to 4 10-4 and increase with temperature and iron content. The oxygen 

permeability through yttrium-barium cobaltite membranes is mainly limited by the bulk 

ionic conduction. The use of different synthesis methods, namely the standard ceramic 

technique and GNP, has no significant effect on the properties of YBaCo4O7+  ceramics. 

b) YBaCo4O7, where the average cobalt oxidation state is +2.25, and its derivatives appear 

metastable below 1050-1100 K. Oxygen uptake at intermediate temperatures in air leads to 

the phase decomposition, accompanied by increasing conductivity and dramatic volume 

contraction.  

c) Porous YBaCo4O7-based cathodes show very high electrochemical activity in contact with 

LSGM solid electrolyte at 873-1073 K, superior to that of K2NiF4-type nickelates, which is 

partly due to their interaction with the surface of lanthanum gallate ceramics. The

cathode performance can further be improved by metallic silver additions and surface-

activation with praseodymia. The overpotantials of YBaCo4O7 and YBaCo4O7-Ag (90-10 

wt%) electrode layers at current density of 60 mA/cm2 and 873 K in air are less than 80 

and 50 mV, respectively. 

5. Oxygen ion transference numbers of Ce1-xAxVO4+ , determined by faradaic efficiency 

measurements in air, vary in the range from 2 10-4 to 6 10-3 at 973-1223 K, increasing with 

temperature. The oxygen ionic conductivity has activation energy of 87-112 kJ/mol and is 

essentially independent of A-site dopant content. Contrary to the ionic transport, p-type 
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electronic conductivity and Seebeck coefficient of Ce1-xAxVO4+  are determined by the divalent 

cation concentration. The average thermal expansion coefficients of Ce1-xAxVO4+ , calculated 

from high-temperature XRD and dilatometric data in air, are (4.7 – 6.1) 10-6 K-1. Zircon-type 

Ce1-xAxVO4+  (A = Ca, Sr; x = 0 - 0.2) phases are stable in air up to approximately 1300 K, 

whilst further heating or reducing oxygen partial pressure leads to formation of A-site deficient 

zircon and CeO2- . Decreasing oxygen pressures below 10-15 atm leads to the formation of 

perovskite-type CeVO3- , possessing the high electronic conductivity in 10%H2-N2 atmosphere, 

e.g. 15.3-15.9 S/cm at 873-1223 K for the composition with 20 mol% Ca. 

6. a) Iron incorporation into lanthanum aluminate-based solid electrolyte leads to increasing 

oxygen ionic and p-type electronic conductivities. The oxygen ion transference numbers of 

perovskite-type La0.90Sr0.10Al0.85-xFexMg0.15O3-  (x = 0.2-0.4), determined by faradaic 

efficiency measurements in air, vary from 6.9 10-4 to 1.6 10-2 at 1073-1223 K, increasing 

with temperature and decreasing when iron content increases. 

b) In order to study the behavior of transition metal cations dissolved in a lattice of cations 

with stable oxidation state, the total conductivity and Seebeck coefficient of 

La0.90Sr0.10Al0.85-xFexMg0.15O3-  (x = 0.2-0.5) were measured at 973-1223 K in the oxygen 

partial pressure range from 10-20 to 0.5 atm. The results, in combination with Mössbauer 

spectroscopy data and ion transference numbers in air, show that increasing p(O2) leads to 

decreasing oxygen ionic conductivity, whilst no essential delocalization of the electronic 

charge carriers is observed. The variations of partial ionic and p- and n-type electronic 

conductivities can be adequately described by equilibrium processes of oxygen 

intercalation and iron disproportionation with the thermodynamic functions independent of 

defect concentrations. The p-type electronic conduction dominating under oxidizing 

conditions, occurs via a small-polaron mechanism within the whole p(O2) range studied. 

The activation energy for ionic transport, which becomes predominant at oxygen pressures 

lower than 10-10 atm, is 80-120 kJ/mol and decreases with reducing p(O2) due to decreasing 

contribution of the vacancy formation enthalpy. Reducing oxygen pressure below 10-18-10-

16 atm results in noticeable n-type electronic conduction. No indications of the phase 

decomposition were observed. 

7. Terbium hafnate and zirconate ceramics with submicron grain sizes were prepared via 

mechanically-activated synthesis. X-ray and electron diffraction and infrared absorption 

spectroscopy showed that TbZrO4-  has a disordered fluorite-type structure, while TbHfO4-  is 

partially ordered, containing pyrochlore microdomains. The oxygen ion transference numbers 

determined by the modified e.m.f. technique under oxygen/air gradient, vary in the range 0.08 - 

0.26 at 873-1123 K, increasing with temperature. The activation energies for ionic and p-type 
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electronic transport are 82-83 and 29-40 kJ/mol, respectively. The ionic conduction becomes 

dominant in reducing atmospheres, but tends to decrease at low p(O2). Due to partial cation 

ordering, terbium hafnate exhibits lower ionic and hole transport as compared to TbZrO4- . The 

average thermal expansion coefficients of TbMO4-  (M= Zr, Hf) ceramics in air, calculated 

from dilatometric data, are (11.5-12.4) 10-6 K-1 at 600-1200 K and (18.4-20.3) 10-6 K-1 at 

1200-1420 K. 

8. a) Oxygen ion transference numbers of Gd2-xCaxTi2O7-  (x = 0.10-0.14) pyrochlore ceramics 

vary in the range 0.95 - 0.98 in air, increasing when temperature or oxygen partial pressure 

decreases, as determined at 973-1223 K by the modified e.m.f. and faradaic efficiency 

techniques, taking into account electrode polarization, and from the oxygen permeation 

results. The activation energies for the ionic and p-type electronic transport in air are 74 – 

77 and 87-91 kJ/mol, respectively. The p-type conductivity and oxygen permeability of 

Gd2Ti2O7-based pyrochlores can be adequately described by relationships common for 

other solid electrolytes. At temperatures below 1273 K under the gradient of 10%H2-

N2 / air, average ion transference numbers of doped gadolinium titanate are not less than 

0.97. However, due to significant ohmic contribution to the cell resistance, the performance 

of fuel cells with pyrochlore solid electrolyte is poor. Thermal expansion coefficients of 

Gd2-xCaxTi2O7-  ceramics, calculated from dilatometric data in air, are (10.4 - 10.6) 10-6 K-

1 at 400 - 1300 K.  

b) In order to reveal the role of grain boundaries on the ionic and electronic conduction 

processes, small amounts of SiO2 were added to Gd2-xCaxTi2O7-  materials. For these 

ceramics having, as expected, high interfacial resistances, the ion transference numbers 

were considerably lower, 0.76-0.88, and increase with temperature. This behavior suggests 

a larger limiting effect of grain boundaries on ionic than on electronic transport. Increasing 

boundary resistivity may increase the relative role of electronic conductivity in solid oxide 

electrolytes, thus preventing their potential use in electrochemical cells at low 

temperatures. Also, the presence of even small electronic contributions to the total 

conductivity may lead to significant errors in the grain-boundary resistance values 

estimated from impedance spectroscopy data. Evaluation of the grain boundary exact 

contribution should be based on clear knowledge of the transference numbers. 

c) Despite the lower ionic conductivity in comparison with zirconia electrolytes, 

(Gd,Ca)2Ti2O7-  materials are still of interest for employing as the SOFC anode 

components, taking into account the high stability, non-negligible electronic conduction 

and relatively low cost. 
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9. a) In order to assess the role of oxide components of Ni- and Cu-containing cermets, a series 

of electrodes containing 8% yttria-stabilized zirconia (Y8SZ), CeO2- , Ce0.8Gd0.2O2-

(CGO) and TbZrO4-  with fluorite-related structure, zircon-type Ce0.8Ca0.2VO4+ ,

Gd1.86Ca0.14Ti2O7-  pyrochlore and perovskite-like La0.9Sr0.1Al0.65Mg0.15Fe0.20O3- , were 

studied in contact with YSZ and LSGM electrolytes. 

b) The polarization of cermet anodes, made of nickel, ceria and YSZ, can be significantly 

reduced by catalytically-active ceria additions, the relative role of which increases with 

decreasing temperature. Further improvement is observed when using Ce0.8Gd0.2O2-  having 

a high oxygen ionic conductivity instead of undoped ceria due to enlargement of the 

electrochemical reaction zone. 

c) Nanocrystalline CGO, Ni-CGO and Cu-CGO powders with grain size of 8-80 nm, 

synthesized via the cellulose-precursor technique, were then used to prepare the porous 

cermet layers. The best performance was found for anodes comprising a stable ion-

conducting component, such as Y8SZ or Gd1.86Ca0.14Ti2O7- , and one Ce-containing phase, 

such as CGO or cerium vanadate. The ionic conductivity of the oxide components seems 

less significant with respect to redox stabilization, whilst interaction between the materials 

decreases anode performance. Surface modification with ceria enables to substantially 

reduce electrode polarization for all cermets. In particular, after such activation the 

overpotentials of Ni-CGO and Cu-CGO anodes become quite similar, varying in the range 

100-115 mV at 1073 K and 225 mA/cm2 in 10%H2-90%N2 flow. 
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Future research: selected aspects 

The results on oxide and cermet electrode materials, presented in this thesis, enable to mark 

out the groups of promising IT SOFC cathodes and anodes. An importance of the surface-related 

processes for the performance of both mixed ionic-electronic conducting dense ceramic membranes 

and porous electrode layers is also demonstrated. Close control of any kind of solid-state 

interaction between the electrolyte and/or electrode components was found necessary. 

It was revealed in the course of this work that the cobaltite and nickelate materials with 

layered structures are of interest for the high-temperature electrochemical applications. The 

compositional optimization of the current phases derived from YBaCo4O7 should be undertaken to 

enhance their stability to lower temperatures. Among other nonperovskite yttrium-barium 

cobaltites possibly envisaging further development, one can mention the YBaCo2O5 -based phases, 

the stability limits and high-temperature properties of which have not yet been assessed. 

Concerning the La2Ni0.8Cu0.2O4 -based electrodes, partial substitution of lanthanum with 

praseodymium seems quite promising. 

La0.90Sr0.10(Al,Fe)0.85Mg0.15O3-  perovskites possess substantial mixed conductivity, when 

extensively doped with iron, and high stability to reduction. These materials, therefore, show 

considerable promise for the use in gas-separation membranes, provided that their high thermal 

expansion is suppressed. Substitution of chromium for iron in La0.90Sr0.10(Al,Fe,Cr)0.85Mg0.15O3-

may solve this problem. 

The data on the SOFC anodes, studied in this thesis, suggest that one redox-stable material 

and a catalytically active Ce-containing oxide should be incorporated into the cermet layers. The 

metal to oxide ratio, as well as the composition of the oxide phases, determining their transport and 

catalytic properties, should be further optimized. In particular, higher concentration of gadolinium 

in Ce(Gd)O2-  is expected to increase the electronic conduction at reduced oxygen partial pressures 

and to suppress, to some extent, unfavorable volume variations. The electrocatalytic activity of 

ceria doped or co-doped with other cations, such as Pr, Y, Ca, etc. should also be tested in contact 

with lanthanum gallate-based electrolytes.  

The elaboration of less labor- and capital-consuming processing and fabrication techniques 

is of great importance for SOFC developments. For instance, the concept of functionally graded 

electrode layers presents certain interest for decreasing an interaction between electrode and 

electrolyte materials, but seems to increase the technological complexity. Simplification of the 

synthesis routes and methods of electrode deposition, resulting in porous layers with optimized 

microstructure, may be of further interest. The polymer-template synthesis seems to be quite 

attractive in this respect. Another possible approach refers to employing the sintering aids, such as 

copper- and bismuth-containing oxides, to decrease the electrode fabrication temperature. The 
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effects of these additions on the sintering process and electrochemical properties of porous layers 

should be thoroughly studied. 
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Appendix 1. Properties of selected glass-ceramics 
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Fig.A1.1.  XRD patterns showing the phase 

evolution of S2 sample treated after sintering. 
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Fig.A1.2.  Dilatometric curves of glass-

ceramic materials in air (right). 
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Fig.A1.3.  SEM micrographs of glass-ceramic sealants in contact with various ceramics. Two bottom images 

are taken from the real cells fractured after measurements of oxygen permeability (left) and electrode 

properties (right). 
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Fig.A1.4.  Temperature dependencies of 

the total resistivity measured by the 

impedance spectroscopy. Inset shows the 

typical examples of impedance spectra.
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Fig.A1.5.  Selected examples of time-

dependencies of emf of the YSZ cells, 

similar to that shown in Fig.2.2 (left) but 

with controllable external atmosphere, at 

fixed gas composition in the chamber and 

current through the oxygen pump.
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Appendix 2. Mössbauer spectroscopy results

Fig.A2.1. Mössbauer spectra of La0.90Sr0.10Al0.45Fe0.40Mg0.15O3-  perovskite after different treatments in air: 

quenched from 1223 K (A and D), quenched from 973 K (B), and slowly cooled down to room temperature 

(C). The spectra were collected at 295 K (A-C) and at 20 K (D). The lines plotted on the experimental points 

are the sum of two quadrupole doublets attributed to Fe3+ and Fe4+, shown slightly shifted, for clarity. 

The room-temperature Mössbauer spectra of La0.90Sr0.10Al0.85-xFexMg0.15O3-  (x = 0.20-0.40) 

(Figs.A2.1 and A2.2, A-C), similar to those of Fe3+-containing SrFeO3-  or Sr(Fe1-xTix)O3-

[209,425,426], may be fitted with two doublets corresponding to the tri- and tetravalent iron 

cations. The final parameters are summarized in Table A2.1. The highest estimated IS values are 

low for hexacoordinated Fe3+, particularly in the case of LaFeO3 [427]. Most likely, the Fe3+

quadrupole doublet in La0.90Sr0.10Al0.85-xFexMg0.15O3-  is due to the sum of unresolved contributions 

of 6- and 5-coordinated Fe3+, as found earlier for Sr(Fe1-xTix)O3-  [425]. The latter coordination 

gives rise to lower IS values, thus shifting the average IS estimated for the observed unresolved 

contributions down to values lower than those typical of hexacoordinated Fe3+.
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Fig.A2.1.  Room temperature Mössbauer spectra of the 

La0.90Sr0.10Al0.65Fe0.20Mg0.15O3-  samples after different 

heat treatments in air: quenched from 1223 K (A), 

quenched from 973 K (B), and slowly cooled down to 

room temperature (C). The lines plotted on the 

experimental points are the sum of two quadrupole 

doublets attributed to Fe3+ and Fe4+, shown slightly 

shifted, for clarity.

One should note that the room-temperature spectra of La0.33Sr0.66FeO3-  [428] showed a 

single broad peak ascribed to an "averaged" oxidation state. This was attributed to fast electron 

transfer between Fe3+ and Fe4+ with respect to the 57Fe Mössbauer spectroscopy observation time 

[428]. For oxidized La0.9Sr0.1FeO3 with an orthorhombic structure, charge delocalization was 

detected as well [427]. In this case, however, the electron transfer is not as fast as in 

La0.33Sr0.66FeO3- , since the different oxidation states ("3+" and "5+" according to the notation of 

Ref.[427]) are observed as resolved magnetic sextets. The presence of magnetic sextets also 

indicates that La0.9Sr0.1FeO3 is magnetically ordered at room temperature, in contrast to 

paramagnetic La0.33Sr0.66FeO3- . In the case of La0.90Sr0.10Al0.85-xFexMg0.15O3-  (x  0.40), the 

delocalization seems hampered due to relatively high concentrations of Al3+ and Mg2+ in the B 

sites; as a result, the 3+ and 4+ states of iron cations can be clearly distinguished in the Mössbauer 

spectra. 

Another necessary comment is that both La0.9Sr0.1FeO3 and La0.33Sr0.66FeO3-  order 

magnetically above 80 K [427,428], while La0.90Sr0.10Al0.45Fe0.40Mg0.15O3-  is paramagnetic down to 

20 K. In the title material, the concentrations of Al3+ and Mg2+ cations, with no unpaired spin 

electrons, are high enough to prevent long-range magnetic ordering of iron ions. The Mössbauer 

spectra taken at 20 K consist therefore of paramagnetic peak doublets similar to those observed at 

295 K; one example is presented in Fig.A2.1D. Decreasing the temperature leads to higher IS as 

expected from the second order Doppler shifts, whereas the relative areas are temperature-

independent within the limits of experimental error (Table A2.1).  
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Table A2.1. 

Parameters estimated from the Mössbauer spectra at 295 K of La0.90Sr0.10Al0.85-xFexMg0.15O3-

after quenching or slow cooling in air 

Fe3+ Fe4+x T, K Thermal pre-
treatment 

IS, 
mm/s 

QS,
mm/s 

W,
mm/s 

I, % IS, 
mm/s 

QS, 
mm/s 

W, 
mm/s 

I, % 

(I), 
%

Quenching 
from 1223 K 

0.30 0.57 0.55 69 0.00 0.51 0.42 31 7 

Quenching 
from 973 K 

0.24 0.54 0.51 61 -0.02 0.41 0.45 39 4 

0.2 295 

Slow cooling 0.20 0.58 0.46 45 0.00 0.36 0.51 55 4 

Quenching 
from 1223 K 

0.30 0.53 0.45 79 -0.02 0.42 0.30 21 1 

Quenching 
from 973 K 

0.27 0.51 0.39 63 0.00 0.37 0.33 37 2 

0.4 295 

Slow cooling 0.27 0.50 0.41 60 0.00 0.36 0.39 40 1 

0.4 20 Quenching 
from 1223 K 

0.42 0.67 0.59 77 0.04 0.47 0.39 23 1 

Notes: 

- IS, QS and W are the isomer shift relative to metallic -Fe at 295 K, the quadrupole splitting and the full 
width at half maximum, respectively; 
- I and (I) are the relative area and its standard deviation, correspondingly;  
- Estimated standard deviations for the other parameters are lower than 0.02 mm/s. 
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List of symbols 

A electrochemically-active area near the TPB cm2

A0 pre-exponential factor S cm-1 K

a unit cell parameter nm or Å 

ai activity mol cm-3

b unit cell parameter nm or Å 

C capacitance F or F cm-1 (specific) 

c unit cell parameter nm 

ci concentration mol cm-3 or mol l (solution) 

D diffusion coefficient cm2 s-1

2O BD gas-phase binary (O2-B) diffusion coefficient cm2 s-1

2

eff
OD effective oxygen diffusion coefficient cm2 s-1

2

K
OD Knudsen diffusion coefficient of oxygen cm2 s-1

d thickness m 

dexp,theor density g cm-3

E cell voltage V 

E0 open-cirquit cell voltage V 

Ea activation energy J mol-1

e electron charge 1.6022 10-19 C 

e- electron  

F Faraday constant 96484.56 C mol-1

f gas flow rate cm3 min-1

H enthalpy J mol-1

H0
298 standard enthalpy J mol-1

h• electron-hole  

I electrical current A 

IR ohmic losses V 

IS isomer shift mm/s 

i current density A cm-2 or A cm-1 (per unit TPB length)

I0 exchange current A 

i0 exchange current density A cm-2 or A cm-1 (per unit TPB length)

Ilim limiting current A 
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j flux density mol s-1 cm-2

j0 exchange flux density mol s-1 cm-2

J(O2) specific oxygen permeability mol s-1 cm-1

K equilibrium constant - 

KA Knudsen number dimensionless 

k Boltzman constant 1.3806 10-23 J K-1

k1,2,3 forward reaction constant - 

k' backward reaction constant - 

L, l length, thickness m 

M molecular weight g mol-1

m weight g 

N total concentration of sites participating in the 
conduction process 

mol cm-3 or cm-3

N* density of states mol cm-3 or cm-3

NA Avogadro number 6.022 1023 mol-1

Nfu number of formula units per unit cell  

n electron concentration mol cm-3 or cm-3

Oad oxygen ad-atom  

iO oxygen interstitial  

P porosity, power density dimensionless, W cm-2

p electron-hole concentration, partial pressure mol cm-3 or cm-3

p(O2)  oxygen partial pressure atm 

Q0 the transported heat of oxygen ions J 

QS quadrupole splitting mm/s 

R universal gas constant 8.3144 J K-1 mol-1

R polarization resistance Ohm cm2

r ion radius nm 

ri reaction rate  

S surface area cm2

S entropy change J mol-1 K-1

s active site  

T absolute temperature K 

t time h 

ti transference number dimensionless 

U voltage V 
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u mobility cm2×V-1×s-1

V volume cm3, l

Vuc unit cell volume nm3

OV oxygen vacancy  

W full width at half maximum mm/s 

x, y mole fraction dimensionless 

Z impedance Ohm 

z number of electrons  

[k] defect concentration mol cm-3 or cm-3

   

Greek
Seebeck coefficient V K-1

average linear TEC K-1

charge transfer coefficient dimensionless 

oxygen nonstoichiometry - 

electrochemical potential V 

number of electrons  

overpotential V 

electrical potential of electrode V 

0 equilibrium electrode potential  V 

wave length nm 

chemical potential J×mol-1

frequency cm-1

angle 

relative surface coverage dimensionless 

specific resistance Ohm cm 

s sheet density g cm-2

electrical conductivity S cm-1

0 conductivity at unit p(O2) S cm-1

gas-phase tortuosity dimensionless 
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Additional subscripts 

ad adsorbed 

e electronic  

exp experimental 

i, k denotation of the sort of species 

n n-type electronic  

O, O2- oxygen ionic 

O2 molecular oxygen 

obs observed 

p p-type electronic  

sens sensor 

th, theor theoretical 

V oxygen vacancy 
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List of abbreviations 

ac alternating current 

CE counter electrode 

CGO 20 mol% gadolinia-doped ceria 

CYO yttria-doped ceria 

dc direct current 

DTA differential thermal analysis 

EDS energy-dispersive spectroscopy 

EIS electrochemical impedance spectroscopy 

e.m.f. electromotive force 

emf measurement technique based on the e.m.f. of the oxygen concentration cells 

FE faradaic efficiency 

GE gas/electrolyte interface 

GM gas/mixed conductor interface 

GNP glycine-nitrate process 

ICP inductively coupled plasma 

IR infrared 

IT SOFC intermediate-temperature solid oxide fuel cell 

LSGM (La,Sr)(Ga,Mg)O3-

LSM (La,Sr)MnO3-

LSFC (La,Sr)(Fe,Co)O3-

MC mixed conductor 

ME mixed conductor/electrolyte interface 

Method 1 standard ceramic synthesis technique 

Method 2 glycine-nitrate process 

mol mole 

OP oxygen permeability 

RE reference electrode 

redox reduction-oxidation 

S sealant 

SAED selected area electron diffraction 

SEM scanning electron microscopy 

S.G. space group 

SOFC solid oxide fuel cell 
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TEC thermal expansion coefficient 

TEM transmission electron microscopy 

TGA thermogravimetric analysis 

TPB triple-phase boundary 

vol volume 

WE working electrode 

wt weight 

XRD X-ray diffraction 

YSZ yttria-stabilized zirconia 
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Index of Materials 

Composition Property Page 

Ce1-xGdxO2- ionic transport 

thermal expansion 

performance as anode component 

8, 183, 191 

12

68, 74, 212 

Ce1-xAxVO4+   (A = Ca, Sr) 135, 191, 216 

Gd2-xCaxTi2O7- ionic transport 

thermal expansion 

performance as anode component 
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La2Ni1-xMxO4+

(M = Co, Cu) 

electrical conductivity 

ionic transport 

thermal expansion 

electrode performance 
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(La0.3Sr0.7)1-yCo1-xMxO3-

(M = Al, Ga) 

electrical conductivity 

ionic transport 

thermal expansion 
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106 
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La1-xAxCr1-yMyO3-

(A = Ca, Sr; M = Mn, Fe, Co, Ni) 

70, 74 

(La1-xSrx)1-zGa1-yMgyO3- ionic transport 

thermal expansion 

electrolyte performance 
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12
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TbMO4-  (M = Zr, Hf) 166, 191, 216 

YBaCo4-xFexO7+ electrical conductivity 

ionic transport 
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electrode performance 

101 
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199, 204 

Zr1-xYxO2- ionic transport 

thermal expansion 

performance as anode component 
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12
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